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Preface

The convergence of additive manufacturing and nickel-based superalloys has catalyzed a paradigm
shift in high-value component manufacturing, particularly for aerospace turbines, energy systems,
critical maintenance and repair applications. Laser Direct Energy Deposition 3D Printing of
Superalloys consolidates a decade of the authors’ translational research systematically addressing
fundamental challenges in process modelling and optimization, microstructure control, and
mechanical performance enhancement for industrial-scale deployment.

This book begins with a comprehensive introduction to additive manufacturing technologies
covering their fundamental principles, development, classifications, applications, and emerging
trends (Chapter 1).

Chapter 2 provides an overview of additively manufactured solution- and precipitation-
strengthened superalloys and their applications, with a focus on their unique microstructural features
and resulting anisotropic mechanical properties.

Chapter 3 presents a physics-informed neural network methodology that incorporates heat
transfer physics as constraints within the loss function, treating the thermal diffusion coefficient as
a learnable parameter. This physics-guided hybrid methodology enables accurate 3D temperature
field predictions for Inconel 718 multi-layer deposition, boasting superior interpretability and
computational efficiency.

Chapter 4 establishes mathematical correlations between deposition geometry, molten pool
temperatures, and process parameters to develop quantitative optimization strategies for Z-axis lift
height, laser power, and scanning speed—effectively addressing uneven deposition-layer thickness
issues in Inconel 718.

Chapter 5 develops comprehensive decision-making models, comprising a data-driven XGBoost
model, a reverse inference model and a horizontal overlap step matching model, to enable efficient
parameter determination in laser direct energy deposition.

Chapter 6 introduces a novel gradient-laser-power deposition strategy that breaks coarse
long-chain Laves phases, refines matrix grains, alleviates micro-segregation, and enhances
mechanical properties of Inconel 718 thin walls.

Chapter 7 further elucidates the influence of gradient-laser-power parameters on the thermal
accumulation, cooling rates, macroscopic features, microstructural characteristics, and mechanical
properties for the manufactured Inconel 718 thin walls.

Chapter 8 examines post-heat-treatment microstructural evolution and mechanical performance
of both constant-laser-power and gradient-laser-power deposited Inconel 718 thin walls, subjected
to direct aging, solution treatment plus aging, or homogenization plus solution treatment plus aging.

Chapter 9 introduces ultrasonic vibration-assisted deposition for microstructure control and
mechanical performance enhancement of Inconel 718, leveraging on multi-physics simulations to
reveal the role of ultrasound in melt pool flow and heat transfer.

Chapter 10 systematically reviews cracking mechanisms, susceptibility metrics, and suppression
strategies for laser direct energy deposition of y’-rich nickel-based superalloys.

Chapter 11 explores columnar dendritic structures, phase constituents, and cracking mechanisms
in laser direct energy deposition of Inconel 738LC—a difficult-to-weld superalloy with high Al/Ti
content.
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Chapter 12 employs multiscale advanced characterization techniques to establish quantitative
correlations between process parameters and liquation/solid-state cracking, providing guidelines for
defect-minimization in Inconel 738LC deposition.

Finally, Chapter 13 presents bimetallic layered heterostructures via alternating IN738 and
IN718 deposition, designed to suppress cracking and enhance mechanical performance in laser
direct energy deposition of difficult-to-weld superalloys.

This book provides materials and manufacturing engineers with methods and techniques
for implementing robust laser-directed energy deposition (L-DED) processes. It equips graduate
students in these fields with a rigorous understanding of process-structure-property relationships
through experimentally validated models, while offering academics cutting-edge methodologies to
advance research paradigms. Complex concepts are elucidated with minimal prerequisites, ensuring
accessibility without sacrificing technical depth.

The authors would like to express sincere gratitude to all team members for their valuable
contributions to this book. These include Dr. Ze Chai, former postdoctoral fellow, for his role in
co-supervising postgraduate research projects; former PhD students Xiaoqiang Zhang, Luming
Xu, and Bo Peng; and former master’s students Jibing Xie and Anqi Wang. Their dedication to
cutting-edge research has been instrumental in bringing this book project to fruition. Additionally,
the authors wish to extend their appreciation to the editors at CRC Press for their professional
guidance throughout the book’s preparation process.

Xiaoqi Chen

Shien-Ming Wu School of Intelligent Engineering
South China University of Technology
Guangzhou, China

Ze Chai

School of Aerospace Engineering and Applied Mechanics
Tongji University

Shanghai, China

Xiaoqiang Zhang

School of Materials Science and Engineering

Jiangsu University of Science and Technology
Zhenjiang, China
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Chapter 1

Overview of Additive Manufacturing

1.1 Additive manufacturing technology

Additive manufacturing (AM), developed in the 1980s, is also known as rapid prototyping [1]. It
is defined by the American Society for Testing and Materials (ASTM) as “the process of joining
materials to make objects from 3D model data, typically layer by layer, in contrast to subtractive
manufacturing methods; synonyms: 3D printing, additive fabrication, additive processes, additive
techniques, additive layer manufacturing, layer manufacturing, and freeform fabrication” [2].
According to ASTM, the scope of additive manufacturing technologies is divided into several
categories (Table 1.1): binder jetting, direct energy deposition, material extrusion, material jetting,
powder bed fusion, sheet lamination, and vat photopolymerization [2, 3].

Binder Jetting: The process of depositing liquid binder onto a powder bed. It can be used with
materials such as gypsum, sand, glass, metals, etc.

DED (Directed Energy Deposition): Metal is fed as powder or wire feedstock into an energy source
(such as an electron beam or laser beam) mounted on a multi-axis robotic arm. The material is
melted layer by layer onto a substrate. It is used with metals like Titanium and Cobalt-chrome.

Material Extrusion: Material is deposited onto a substrate from an extrusion machine. Typically,
thermoplastic filaments are melted through a heating mechanism and extruded through a nozzle.
However, the same process can be used for viscous materials like concrete, clay, organic tissue, and
even food.

Material Jetting: Specialized print heads, similar to piezoelectric print heads in 2D inkjet printers,
jet liquid material onto a substrate. In most cases, the material is a photosensitive plastic resin (also
known as photopolymer) that is then cured with ultraviolet (UV) light.

Powder Bed Fusion: This is a process where an energy source (such as a laser or electron beam) is
directed at a powder bed, heating individual particles until they melt together. This technology is
commonly associated with metals like titanium and plastics like Nylon.

Sheet Lamination: In this process, sheets are fused together and shapes are selectively etched out in
each layer. The final object is then removed from the binding sheets. This rare 3D printing technique
is currently used not only with paper but also with metals and plastics.

Vat Photopolymerization: Large vat of photopolymer resin is exposed to an energy source, such as
a laser beam or digital light projector, to selectively cure the material layer by layer. This process is
often associated with thermosetting plastics.

Each category encompasses several different processes, but they all share the principle of
selective modeling for layers. Parts manufactured using additive manufacturing technologies exhibit
some degree of anisotropy due to the presence of layers. Anisotropy can be reduced by selecting
appropriate orientations during the part manufacturing process. In terms of materials, various

DOI: 10.1201/9781003406327-1
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Table 1.1. ASTM classification (2012) [2]. <]

Process categories Technology Material

Binder Jetting 3D printing Metal
Ink-jetting Polymer
S-Print Ceramic
M-Print

Direct Energy Deposition Direct Metal Deposition Metal
Laser Deposition Powder
Laser Consolidation And wire
Electron Beam Direct
Melting

Material extrusion Fused Deposition Polymer
Modeling

Material Jetting Polyjet Photopolymer
Ink-jetting Wax
Thermojet

Powder bed fusion Selective Laser Sintering Metal
Selective Laser Melting Polymer
Electron Beam Melting Ceramic

Sheet lamination Ultrasonic Consolidation
Laminated Object
Manufacture

Vat photopolymerization Stereolithography
Digital Light Processing

polymers, ceramics, metals, and composite materials can be used for AM. The choice of materials
depends on the type of AM process employed [4].

The first application of additive manufacturing was in the field of rapid prototyping, followed
by the mold-making industry. These application areas continue to be developed, but the growing
performance of additive manufacturing technologies has expanded their use in direct production.
Industries such as aerospace, which require highly complex aircraft components, have recognized
the potential of additive manufacturing technology and are investing in research to improve its
reliability and applicability [4, 5]. In the medical field, highly personalized applications such as
orthodontics, prosthetics, orthotics, implants, and substitute organs, produced using AM processes,
have reached a certain level of maturity and utilization [6].

Additive manufacturing and traditional manufacturing face trade-offs in terms of production
capabilities. Additive manufacturing has the potential to reduce waste, shorten delivery times
and costs, and enable the design of products with complex parts. Additionally, AM allows for
the construction of assembled objects by reducing expenses associated with documentation and
production planning [13]. Furthermore, by eliminating the need for tools, part designs can achieve
the same specifications as those manufactured through traditional processes but with less material.
Additive manufacturing technologies can quickly respond to the market by producing spare parts
on-demand, reducing or eliminating the need for inventory.

This chapter will provide an overview of the development of 3D printing, from its origins
to contemporary manifestations, while also providing information on how different 3D printing
processes work.

1.2 The development of AM and vat photopolymerization

Like many other technologies, additive manufacturing was conceived by several independent
inventors around the same time. Hideo Kodama of Nagoya Municipal Industrial Research Institute



Overview of Additive Manufacturing 3

Figure 1.1. Working principle of SL. <[]

developed two 3D printing technologies in 1981 [8]. Another version of the technology was patented
in 1984 by Alain Le Méhauté, Olivier de Witte, and Jean Claude André of the French General
Electric and CILAS companies [9]. Just three weeks prior, an inventor from the United States,
Chuck Hull, filed his own patent for a 3D printing technology known as Stereolithography (SL)
[10], which is a form of photopolymerization (Figure 1.1). Chuck Hull became widely recognized
as the inventor of this technology once Compagnie Générale d’Electricité and CILAS relinquished
their patent, despite the significant work done by his predecessors. With his SL technology, Hull
established 3D Systems in Valencia, California, in 1986. The company’s first printer, the SLA-1
[11], was commercialized in 1987. It relied on selectively curing a photosensitive resin point by
point and layer by layer using ultraviolet lasers, recreating physical objects based on the design of
CAD files. The company also introduced the Stereolithography (STL) file format [12], which is still
widely used as a file type for 3D printing. Photopolymerization has been pursued and continuously
developed by numerous companies since its inception. In 2001, EnvisionTEC, headquartered in
Germany, introduced the first machine in their Perfactory production line, showcasing a unique
form of photopolymerization technology called Digital Light Processing (DLP).

While SL relies on precise laser curing of photosensitive resin point by point, Envision TEC’s
DLP technology projects light from a UV projector onto the resin vat, curing the entire layer at once,
enabling fine details and fast printing speeds [13].

In recent years, during the 2010s, this technology has evolved to utilize light sources other than
DLP projectors, similar to the ones people might purchase from electronics stores. For example, the
use of LED projectors has further significantly reduced the cost of this technology.

Currently, most available SL and DLP technologies can generate intricate objects very quickly.
However, since these parts are typically translucent and made of photopolymers, their color tends
to degrade over time when exposed to sunlight. Photopolymers are thermosetting polymers, which
means that once they are solidified, these plastics cannot be melted and reshaped. Despite the
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development of various photopolymers for 3D printing, the parts may not always be suitable for
functional applications as they tend to fracture rather than yield under stress.

Vat photopolymerization is known for its ability to produce high-resolution and detailed parts
with smooth surface finishes. It is commonly used in applications where precision and fine details
are crucial, such as jewelry, dental models, and prototypes in various industries.

1.3 Metallic additive manufacturing
1.3.1 Directed energy deposition

Although 3D printing with plastics may become highly valuable for many industries, aerospace
and defense manufacturers are particularly interested in the development of metal 3D printing
technologies, especially Directed Energy Deposition (DED) and powder bed fusion processes.

DED, also known as blown powder additive manufacturing or laser cladding, which involves
introducing metal powder into a heat source, such as a laser, and melting the metal particles together
during deposition (Figure 1.2). In 1988, Frank Arcella from Westinghouse Electric Corporation filed
the first patent for powder bed metal 3D printing technology [15], and later in 1997, he developed
DED technology at Johns Hopkins University and commercialized it through his company, Aeromet
[16]. Around the same time, Optomec in New Mexico began commercializing similar technology
developed at Sandia National Laboratories. While Aeromet closed its operations in 2005, Optomec
continued producing its laser-engineered net shaping (LENS) metal 3D printers [17]. Due to the
ability to directly feed metal powder into the heat source, typically attached to a 4-axis or 5-axis
arm, DED systems are not limited to 3D printing on flat substrates. Instead, metals can be printed
onto curved surfaces, such as existing metal structures. For this reason, laser cladding is commonly
used for repairing damaged components, particularly in the aerospace industry. DED machines may
also not be limited in terms of printing volume. Companies like Sciaky have developed extremely
large-scale systems to 3D print massive metal parts close to their final geometries before further
machining (Figure 1.3). Some companies have even started researching the capability of using DED
to manufacture entire aircraft fuselages, although the results of this work have not been publicly
disclosed.

Figure 1.2. In directed energy deposition, a metal feedstock is introduced to an energy source in the form of a wire (A) or
as a powder (B) [14]. ]
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Figure 1.3. Directed energy deposition (DED) processes involve creating a nearnet shape object, that is, a part will need
to be further processed (above) to reach the actual desired shape (below). Though rough, DED is quick and capable of
producing largescale objects [14]. <1

1.3.2 Power bed fusion

Unlike DED systems, powder bed machines are housed in an inert gas chamber, where a high-power
energy source (usually a laser) selectively melts metal particles layer by layer, similar to the SLS
process for plastics. In fact, EOS is one of the global leaders in SLS printers and was the first to
commercialize the powder bed metal 3D printing process in 1995, known as Direct Metal Laser
Sintering [16].

Around the same time, the Fraunhofer Institute for Laser Technology in Aachen, Germany,
developed a similar powder bed technology called Selective Laser Melting (SLM) [18]. The main
difference between Fraunhofer’s technology and EOS’s technology is that the metal particles are
fully melted together rather than just sintered, resulting in denser and stronger parts that do not
require post-printing heat treatment. The commercial forms of SLM come from a company now
known as SLM Solutions and another company called Realizer. Electron Beam Melting (EBM) is a
specialized category of SLM technology that relies on an electron beam instead of a laser, resulting
in faster build times. This technology was developed by Chalmers University of Technology in
Gothenburg, Sweden, and later commercialized by Arcam AB [19].

Powder bed fusion technology may be better suited for producing intricate parts and can be
used for small batch production when the machine is large enough. While parts produced using
powder bed melting 3D printing require extensive post-processing to remove support structures and
improve surface finish, they do not require the same level of machining as parts produced using
DED (Figure 1.4) [14]. Although the Xline 2000R from Concept Laser is the largest powder bed
fusion 3D printer in the world, with a build volume of up to 2.6 feet x 1.3 feet x 1.6 feet (0.8 meters
x 0.4 meters x 0.5 meters) [20], it is still not as large-scale as some DED machines. Sciaky’s DED
technology, known as Electron Beam Additive Manufacturing (EBAM), can be used to produce
parts with dimensions up to 19 feet x 4 feet x 4 feet (5.79 meters x 1.22 meters X 1.22 meters) [21].
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Figure 1.4. Parts made with powder bed fusion are capable of much finer detail than directed energy deposition, but may be
limited in size and will still require postprocessing to obtain this final result [14]. 1

1.3.3 Selective Laser Melting (SLM)

The Selective Laser Melting (SLM) process was jointly developed by Dr. M. Fockele and
Dr. D. Schwarze from F&S Stereolithographietechnik GmbH, along with Dr. W. Meiners,
Dr. K. Wissenbach, and Dr. G. Andres from Fraunhofer ILT. It is used for producing metal
components from metal powder. SLM is a powder bed fusion process that utilizes a high-intensity
laser as the energy source to selectively melt the powder layer by layer based on computer-aided
design (CAD) data.

The SLM process involves a series of steps from CAD data preparation to the removal of
the fabricated components from the build platform. Before the 3D CAD data is uploaded to the
SLM machine, the STL (Standard Tessellation Language) file must be processed through software
to provide support structures for any overhanging features and generate the sliced data (2D
cross-sections) for laser scanning each layer. The building process starts by laying a thin layer of
metal powder on the build platform in the build chamber. Once the powder is spread, the laser
selectively fuses the chosen areas based on the processed data using a high-energy density laser.
After the laser scan is completed, the build platform is lowered, and the next layer of powder is
deposited on top, followed by laser scanning of the new layer. This process is repeated until the
component is completed. In the SLM process, due to the high temperatures required for melting,
the parts are manufactured in a controlled oxygen atmosphere using inert process gases (argon or
nitrogen) to prevent oxidation and other issues that may affect the mechanical properties of the
finished parts [22].

In SLM, laser power, scanning speed, hatch distance, and layer thickness are common process
parameters for optimizing the process. These parameters affect the volumetric energy density
available for heating and melting the powder, mechanical properties, and surface roughness of the
produced parts. During the heating and melting process, the heat capacity and latent heat are largely
material-dependent and proportional to the mass being melted.

Low laser power, high scanning speed, and large layer thickness often result in insufficient
energy, leading to the phenomenon of balling due to poor wetting of the previous layer on the
melt pool [23]. The balling phenomenon significantly affects the quality of the formed part.
Additionally, inadequate hatch distance between adjacent melt tracks often leads to regular
porosity in manufactured parts because the adjacent molten lines do not fully fuse together. The
laser scanning strategy used for manufacturing each layer affects the thermal gradient within the
part, thus influencing the performance of the finished part [24—27]. The primary scanning patterns
include parallel stripe arrays, spirals, contour lines from the part perimeter to the center, and zigzag
trajectories [24-25, 27]. Specifying certain process variables, such as the scan spacing between
adjacent laser passes, is necessary when choosing any scanning strategy [22, 24]. There needs to be
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a certain degree of overlap between adjacent melt zones to ensure complete material densification.
It is evident that recoating process parameters, such as recoater type, recoater speed, powder
dosage, and layer thickness, impact the density and performance of each layer and the finished part
[22,28-30].

The SLM process parameters can be used to improve surface quality [31-34], although they
are generally not as good as traditional manufacturing methods. Therefore, various post-processing
techniques have been adopted, including sandblasting, machining, etching, electro-polishing, and
plasma spraying. However, these techniques are not always applicable to complex components.
The alloys currently available for this process include, stainless steel, cobalt-chromium (Co-Cr)
alloys, nickel-based alloys, aluminum (Al-Si-Mg) alloys, and titanium (Ti6Al4V) alloy. Martensitic
precipitation hardening steels, which combine martensite and aging, exhibit high strength,
toughness, good weldability, and dimensional stability during the aging heat treatment process. They
are primarily used in the aircraft and acrospace industries, where excellent mechanical properties,
weldability, and superior machinability are essential for tool applications [35]. Stainless steel 3161
is one of the most extensively studied materials in SLM due to its wide applications in marine,
biomedical devices, and fuel cells [36—39]. Cobalt-chromium-molybdenum-based high-temperature
alloys offer excellent mechanical properties, corrosion resistance, and temperature resistance.
Over the years, cobalt-chromium-molybdenum (CoCrMo) has been used in biomedical, dental
restorations, and orthopedic implants (such as joint replacements and fracture fixation applications)
due to being the hardest known biocompatible alloy with good corrosion resistance, high tensile
and fatigue properties [36, 40—43]. Nickel-based superalloys (chromium-nickel-iron alloys,
chromium-nickel-iron-cobalt alloys, etc.) are widely used in aerospace turbine engines, high-speed
body components, high-temperature bolts and fasteners, and nuclear engineering, among other fields,
due to their excellent balance of creep, damage tolerance, tensile properties, corrosion resistance,
and oxidation resistance [44]. Aluminum alloys are of primary interest for lightweight applications
in the aerospace and automotive industries. A1Si10Mg is an age-hardenable casting alloy with good
mechanical properties. It has good castability and weldability due to its composition being close
to the eutectic Al-Si. The addition of Mg enables age hardening, improving strength through the
sequential precipitation of Mg2Si. For these reasons, AISi10Mg is a good candidate for SLM. The
process parameters, support structures, microstructure, mechanical properties, and surface roughness
of this alloy have been extensively studied [45-49]. Tensile strength of parts produced by SLM
using titanium alloys (usually Ti6Al4V) can surpass those produced by traditional manufacturing
processes. Many properties of Ti6Al4V are limited by the microstructure (o and  phases) controlled
during solidification. It has been shown that the performance of the Ti6Al4V alloy is significantly
influenced by the solidification process. A significant amount of research has been conducted on
the fabrication of Ti6Al4V alloy parts using SLM, making it an ideal material for aerospace, dental,
and facial applications [50-53]. Additionally, titanium exhibits excellent corrosion resistance in
physiological environments.

SLM technology offers the possibility to create complex architectures inspired by biological
systems. The lightweight internal and external structures of the powerripper developed by Festo
[54] take into account the forces acting on the component and can only be produced in this form
through metal laser melting. The powerripper is modeled based on the complex kinematics of bird
beak breaking.

1.3.4 Electron Beam Melting (EBM)

In the Electron Beam Melting (EBM) process, a high-power electron beam of approximately
4 kilowatts is used as the energy source instead of a laser, which can only be used for conductive
metals. This process is also referred to as Selective Electron Beam Melting (SEBM) or Electron Beam
Additive Manufacturing (EBAM). In fact, the energy per unit volume (energy density) is higher than
that of laser equipment, and the electron beam is controlled by electromagnetic coils, allowing for
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increased melting capacity, resulting in higher productivity compared to SLM machines. Arcam,
based in Sweden, is the only company that has developed and commercialized EBM machines
[55]. The first patent was filed in 1992 [56], describing a process for producing 3D components by
layer-wise melting of conductive powder using an electron beam. However, it was not until 2002 that
the first commercial EBM system was developed by Arcam. Currently, several commercial EBM
machines are available, and Arcam has also developed and commercialized multi-beam machines.
So far, over 150 EBM systems have been installed in universities, research centers, and industries
worldwide. In addition to Arcam, there are also research centers and universities contributing to
the development of evidence-based medical technologies for specific applications [57]. Due to its
higher energy density compared to SLM technology, EBM usually allows for processing higher
powder layer thicknesses (even exceeding 100 um). However, when grown at high production rates,
the surface quality of the parts is poorer, and post-processing is a drawback [58].

Due to the thickness of powder layers and the typical grain size, the powder distribution in
EBM ranges from 45 to 150 um, which is larger than the particle size distribution used in SLM.
Karlsson et al. [59] reported a study that evaluated the effect of using smaller particle size powder
(2545 um): material properties were not affected, so there might be an opportunity to improve
the surface smoothness of parts even with reduced productivity when using smaller particle size
powder. In line with this, compared to SLM, the EBM process typically results in lower resolution
and higher surface roughness. So far, the surface roughness of EBM parts has been around
30-50 um in terms of Ra [60]. Similar to roughness, there have been efforts in the literature to
improve the geometrical accuracy of EBM parts, as described by Smith et al. [61]. Like SLM,
the powder can be recycled in the EBM process, and there are some studies on the recyclability
of powder in EBM. For example, Tang et al. [62] and Petrovic et al. [63] evaluated the impact of
powder recycling time on Ti6Al4V, and it appears that many builds using recycled powder can be
completed without significant changes in an inert atmosphere in the SLM chamber.

One fundamental difference between SLM and EBM powder bed processes is that the EBM
chamber operates in a vacuum atmosphere (approximately 1 x 10 millibar), reducing any
contamination picked up during the process. This low contamination level is particularly useful when
dealing with reactive materials such as titanium alloys or gamma titanium aluminide intermetallics.
Another important difference is that the electron beam, due to its high scanning rate, allows for
general preheating of the powder before melting (depending on the processing material, even up
to 1100°C), which serves as a focal point for reducing thermal stresses in the growing components
[57]. This results in stress-relieved parts, limiting the risk of crack formation and reducing the
production of materials with poor toughness or even brittleness, such as gamma titanium aluminide
intermetallics [64—67]. In terms of the industrial market for EBM, two main areas can be highlighted,
as also mentioned on the Arcam website [55]: aerospace and orthopedic implants.

In the field of orthopedic implants, EBM has been used since 2007 to produce components such
as acetabular cups, knee joints, maxillofacial plates, hip joints, mandibular replacements, etc., which
have obtained CE certification and approval from the U.S. Food and Drug Administration (FDA)
in 2010 [68—72]. Currently, since April 2014, over 40,000 titanium alloy acetabular cups produced
by EBM have been implanted, featuring porous surfaces for improved bone integration, accounting
for approximately 2% of the total production of acetabular cups [57]. The two most commonly used
metals for EBM production of orthopedic implants are Ti6Al4V and CoCr, and there have been
good evaluations of these two materials in the literature by Sing et al. [68] and Murr et al. [73].

1.4 Other technologies of additive manufacturing
1.4.1 Fused deposition modeling

In the late 1980s and early 1990s, several other companies started introducing new non-SL
technologies to the rapidly growing 3D printing market. One of the most important companies
was Stratasys, which invented a material extrusion process called Fused Deposition Modeling
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(FDM), introduced in 1992 [74]. FDM is an extrusion-based process where thermoplastic
materials (primarily in the form of filament) are heated to their melting point and deposited layer
by layer onto a build platform. Unlike thermosetting plastics, thermoplastics can be melted and
cooled multiple times. Due to the heat extrusion process associated with FDM, the technology is
known for producing functional and robust parts that are more durable than those manufactured
using SL. In fact, Stratasys is one of the few FDM manufacturers capable of 3D printing with
aerospace-grade thermoplastics such as polyetherimide (PEI). For this reason, FDM parts can be
found in performance-critical applications such as aircraft or spacecraft. At the same time, FDM
parts may have lower resolution and slower print speeds compared to SL. By using soluble support
materials to 3D print support structures that hold up the parts during printing, complex objects and
moving parts can be created. Once the object is complete, the support material is dissolved away,
enabling the ability to 3D print fully assembled components in a single print job. Another unique
aspect of FDM is that the low-cost components required to build a simple plastic extrusion 3D
printer eventually made it possible to construct affordable open-source 3D printers like the RepRaps,
which stands for “replicating rapid prototyper.” The low cost of the printers and the openness of the
RepRap project, founded by Professor Adrian Bowyer of the University of Bath, led to an explosion
of desktop 3D printers [75]. This includes the now infamous MakerBot, which became the poster
child for the recent boom in the 3D printing industry in the early 2010s. MakerBot was acquired
by Stratasys in 2013, but prior to that, the brand had already brought 3D printing technology to
the attention of the world [76]. Around the same time Bowyer and his students were developing
open-source FDM 3D printers, Hod Lipson at Cornell University also developed an open-source 3D
printer called Fab@Home. Lipson and his students demonstrated various applications of material
extrusion, including 3D printing food and other viscous materials. While Lipson continued his
research in 3D printing, Fab@Home played a crucial role in showcasing the versatility of using
various materials with this open-source system [77].

1.4.2 Sheet lamination

In 1991, a company called Helisys pioneered the introduction of sheet lamination technology to the
market. The company’s laminated object manufacturing process fused together layers of material
and used digitally guided laser cutting to form the desired objects. While Helisys eventually ceased
operations in 2000, other companies began using proprietary sheet lamination technologies since
then to achieve new manufacturing purposes.

In 2003, Conor MacCormack and Fintan MacCormack developed a unique sheet lamination
technology that relied on standard office paper to 3D print objects. In this process, a standard inkjet
printer would print a shape onto a sheet of paper, which was then adhered to another sheet of paper.
A tungsten carbide blade would then trace the shape on the stacked sheets. This process would
continue until the object was complete and had to be peeled away from the paper to be revealed. This
technology was commercialized by the MacCormack brothers’ company, Mcor, and later advanced
by the company to produce full-color 3D printing. By printing CMYK colors onto the paper, Mcor’s
paper-based printing process could produce vivid objects most suited for marketing purposes and
visual prototypes [78].

As a partial subtractive process, sheet lamination typically cannot achieve the same geometric
complexity as other 3D printing processes. Due to the limited access to the internal parts of an
object, it is also not possible to remove excess material from within the object.

1.4.3 Selective Laser Sintering (SLS)

Selective Laser Sintering (SLS) is a powder bed fusion technology that was developed at the
University of Texas in Austin with funding from the Defense Advanced Research Projects Agency
(DARPA) before being commercialized by DTM Corporation. SLS was introduced to the market in
1992 and uses a laser to selectively fuse plastic powder, typically nylon, into complete 3D objects.


mailto:fab@home
mailto:fab@home

10  Laser Direct Energy Deposition 3D Printing of Superalloys

DTM was eventually acquired by its biggest competitor, 3D Systems, in 2001 [79]. It’s worth noting
that in the early 1990s, a German company called Electro Optical Systems (EOS) entered the field
and commercialized the SL system in 1990 before introducing the SLS system in 1994. EOS later
became one of the major manufacturers of SLS systems worldwide [80].

What sets SLS apart is that the powder bed in an SLS printing system can serve as built-in
support for the part being sintered, unlike SL and FDM, which require separate support structures
for 3D printing. This allows for the printing of highly complex geometries, including interlocking
and moving parts such as gears and hollow objects. While the strength of the parts produced through
SLS may be comparable to FDM parts, the cost depends on the materials used, and SLS is generally
more expensive. For this reason, SLS machines are typically used in industrial environments, while
FDM may be used by consumers, prosumers (or “makers”), and industrial settings.

1.4.4 Material jetting

Another technology developed in the 1990s was wax 3D printing, invented by Solidscape, later
known as Sanders Prototype Inc., and commercialized in 1993 [81]. What sets this technology
apart is that the objects it produces can be immediately cast into high-precision metal parts with
high burnout, laying the foundation for 3D printing as a secondary process for creating end-use
parts. In 1996, 3D Systems introduced their own wax 3D printing technology, which relied on
material jetting. This would later serve as the basis for the company’s MultiJet Printing (MJP)
technology, which relies on piezoelectric inkjet printheads, similar to traditional 2D printers, to
deposit photopolymerizable plastic resin or casting wax with high resolution. The ink is then cured
with UV light, solidifying each layer until completion [82].

In 2000, an Isracli company called Objet entered the field with its own material jetting
technology called PolyJet, surpassing 3D Systems in this area. Objet eventually merged with
Stratasys in 2013, forming Stratasys Ltd., integrating global FDM and PolyJet technologies [83].
Stratasys has surpassed 3D Systems and holds a leading market share in 3D printing globally [81].
The strength of material jetting technologies like MJP and Polylet lies in their ability to adjust
material properties based on various physical characteristics. With machines like Stratasys’ J750, it
becomes possible to 3D print different physical properties in a single object, enabling multi-color,
multi-material printing in practice.

1.4.5 Binder jetting

While 3D Systems may not have completely dominated the field of material jetting, it has taken a
leading position compared to another color 3D printing technology under 3D Systems—ColorJet
Printing (CJP). This binder jetting process was invented by MIT and commercialized by Z
Corporation in 1996, also utilizing piezoelectric inkjet printheads. However, this technology does
not deposit photosensitive ink but instead deposits liquid binder and colored ink onto a layer of
gypsum powder, resulting in full-color sandstone-like prints [84].

When Z Corporation’s full-color 3D printers entered the market at a price of tens of thousands
of dollars, they were much cheaper than other industrial systems [85]. In the 2010s, the emergence
of low-cost RepRaps also sparked the imagination of consumers with full-color page binder jetting,
allowing them to create realistic 3D prints of people captured by 3D scanning. Since the initial
media attention to these 3D printed selfies, consumer fascination with page binder jetting has
somewhat diminished. However, the industrial applications of binder jetting are still extensive. In
1999, Extrude Hone AM, now known as ExOne, began licensing binder jetting technology from
MIT to develop its own 3D printing metal parts technology. By using fine metal powder instead of
gypsum powder, ExOne’s technology was obtained. These metal parts are then placed in a furnace
for further sintering into dense metal components. ExOne also applied the same method to 3D print
large-scale sand molds, which are cast into metal parts, as well as ceramics and glass [86]. Similarly,
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a German company called Voxeljet has licensed MIT’s technology for large-scale sand 3D printing
[87], while the American pharmaceutical company Aprecia has licensed binder jetting technology
to develop a new method for 3D printing medications. These FDA-approved drugs can dissolve
immediately in a patient’s mouth, making them ideal for patients with swallowing issues [88].

1.5 Applications of additive manufacturing

1.5.1 Manufacturing and damage repair of high-end components in the
manufacturing field

For example, Directed Energy Deposition with Laser (DED-L) is commonly used in the
manufacturing and damage repair of high-end components. The basic principle of DED-L
involves the delivery of metal powder through a gas stream and its deposition by a laser
processing head. Under the effect of a high-energy laser beam, the metal powder is melted along a
predetermined scanning path. After rapid cooling and solidification, a deposited layer is formed. By
layer-by-layer deposition, a three-dimensional model is ultimately created [89]. The main features
of DED-L technology are as follows: (1) The formable size is only limited by the range of motion
mechanisms, allowing for efficient production of large-sized components; (2) Different types of
materials can be mixed during deposition, resulting in compositional gradient materials; (3) It
enables rapid repair of damaged parts.

In recent years, in order to fully integrate the advantages of PBF and DED, hybrid manufacturing
processes combining multiple materials and techniques have emerged. As shown in Figure 1.5,
the National Aeronautics and Space Administration (NASA) used PBF-L technology to additively
manufacture a GRCop-42 copper alloy combustion chamber. Using this as a base, they employed
DED-L technology to additively manufacture a large-scale integral channel nozzle using NASA’s
self-developed Fe-Ni-based high-temperature alloy NASA-HR-1 [90], thereby achieving hybrid
manufacturing with dual materials and dual processes.

Currently, additive manufacturing technologies can achieve good mechanical properties
for several main metal materials, including stainless steel (304 [91], 316L, 17-4 PH [92-95]),

Figure 1.5. Coupled BP-DED nozzle with L-PBF chamber development. (a) GRCop-42 chamber with bimetallic joint
prepared for BP-DED, (b) BP-DED process of coupled manufacturing demonstrator, (c) Completed coupled BP-DED/L-PBF
bimetallic demonstrator, (d) 2K-1bf coupled hardware for hot-fire testing [90]. ]
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nickel-based alloys (Inconel 718, Inconel 625, Hastelloy X, Invar 36) [96], titanium alloys
(Ti-6A1-4V [97, 98]), and lightweight alloys (AlSil0Mg [99]), among others. However, many
commonly used materials in industrial applications have not been extensively studied in relation
to additive manufacturing, or they possess poor printability, making them challenging to apply
in additive manufacturing, thus severely restricting the widespread application of additive
manufacturing.

In the field of high-end equipment manufacturing such as aviation, shipbuilding, tanks, and
power generation, gas turbines often serve as expensive core power components. The processing
of gas turbines involves complex processes, significant material loss, and extremely high technical
difficulties, making them the crown jewels of the manufacturing industry. Typically, gas turbine
blades operate in harsh environments characterized by high temperature, high speed, strong
vibrations, and severe corrosion, resulting in occurrences of damage and failure. Figure 1.6 shows

Figure 1.6. Damaged Inconel 738 blades, (a) pitting on front concave, (b) pitting on convex (c) fracture at the top [100],
(d) fracture on the root [101]. <]

Figure 1.7. Additive Manufacture and repair of blade by DED-L, (a) Inconel 718 alloy [104], (b) Inconel 625 alloy [105],
(c) 316L stainless steel [106, 107]. <[
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examples of damaged Inconel 738 blades, including pitting on the blade sides and fractures at the top
or root [100, 101]. To save costs, such damaged blades require extensive repair and remanufacturing
[102, 103]. DED-L technology happens to be one of the key technologies for high-quality repair.
As shown in Figure 1.7 Qi Huan et al. [104] repaired Inconel 718 alloy blades, Wilson et al. [105]
performed blade additive manufacturing and repair using Inconel 625 alloy, and a team led by
Academician Lu Bingheng from Xi’an Jiaotong University conducted research on turbine blade
additive manufacturing using 316L stainless steel [106, 107].

1.5.2 Visualization

Traditionally, 3D printing has been known as a rapid prototyping technology used for visually
displaying pre-production designs. As a prototyping technique, 3D printing can be a faster and more
accurate method compared to manual design fabrication. These models can be essential for saving
costs associated with mass production. Before investing in expensive tools and molds required for
manufacturing large quantities of goods, 3D printed prototypes can be used to visualize critical
design elements. The various processes mentioned above are suitable for different prototyping
applications. For example, SL (stereolithography) and DLP (digital light processing) are suitable
for fine-detail features, while FDM (fused deposition modeling) is used for mechanical testing.
Although SL and DLP parts may be fragile, they can reflect the details that will be incorporated into
the final product. On the other hand, FDM may not achieve the same resolution, but it can produce
parts using the same material that will be used for mass production. CJP (color jet printing) can be
used for visualizing the color and aesthetic qualities of a product; however, PolyJet can reflect actual
material properties, such as the flexibility of rubber or the transparency of glass.

Prototyping and Product Development: Additive manufacturing enables rapid prototyping and
iteration, allowing designers and engineers to quickly create physical prototypes for testing and
validation. It accelerates the product development cycle, reduces costs, and facilitates design
optimization.

Manufacturing and Production: Additive manufacturing is increasingly being used for small-batch
and customized production. It offers the flexibility to produce complex geometries and customized
products on-demand, eliminating the need for costly tooling or molds. Industries such as aerospace,
automotive, consumer goods, and healthcare are adopting additive manufacturing for low-volume
production.

Healthcare and Medical Applications: Additive manufacturing has transformed the medical field by
enabling personalized healthcare solutions. It is used for the production of patient-specific implants,
prosthetics, surgical tools, and anatomical models. Additive manufacturing also plays a crucial role
in tissue engineering, biofabrication, and drug delivery systems.

Automotive Industry: Additive manufacturing is increasingly integrated into automotive
manufacturing processes. It allows for the production of lightweight and complex components,
such as engine parts, brackets, exhaust systems, and customized interior components. Additive
manufacturing in automotive applications enables design optimization, weight reduction, and
improved performance.

Architecture and Construction: Additive manufacturing is being explored for architectural and
construction purposes. Large-scale 3D printers can create building components, such as walls,
facades, and structural elements, with intricate designs and reduced material waste. It has the
potential to revolutionize construction techniques, enable architectural innovation, and enhance
sustainability.

Consumer Goods and Design: Additive manufacturing provides opportunities for customization and
personalized design in the consumer goods industry. It enables the production of unique jewelry,
fashion accessories, home decor, and consumer electronics with intricate designs and personalized
features.
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Education and Research: Additive manufacturing is increasingly integrated into educational
institutions and research laboratories. It allows students and researchers to explore design
possibilities, learn about advanced manufacturing processes, and innovate in various fields.

These are just a few examples of the application areas of additive manufacturing. As the
technology continues to advance and evolve, new applications and industries are likely to adopt
additive manufacturing for enhanced design capabilities, production efficiency, and customization.

1.5.3 Medical and healthcare field

Additive manufacturing, also known as 3D printing, has made significant contributions to the
medical and healthcare field. Here are some key applications of additive manufacturing in this
industry.

Customized Implants and Prosthetics: Additive manufacturing enables the production of
patient-specific implants and prosthetics tailored to an individual’s anatomy. It allows for precise
customization, better fit, and improved patient comfort. Examples include cranial implants, hip and
knee implants, dental implants, and prosthetic limbs.

Surgical Instruments and Tools: Additive manufacturing allows for the production of complex and
specialized surgical instruments and tools. Surgeons can have access to customized instruments
designed for specific procedures, enhancing surgical precision and efficiency.

Anatomical Models and Surgical Planning: Additive manufacturing facilitates the creation of
accurate anatomical models from medical imaging data. These models help surgeons visualize
complex structures, plan surgeries, and simulate procedures, leading to better surgical outcomes and
reduced operating time.

Tissue and Organ Fabrication: Additive manufacturing is being explored for the bioprinting
of tissues and organs. Researchers are working on developing techniques to print living cells,
biomaterials, and bioinks to create functional tissues and even organs for transplantation. While still
in the experimental stage, this technology holds the potential to revolutionize regenerative medicine.

Prosthetic and Orthotic Devices: Additive manufacturing allows for the production of
cost-effective and customized prosthetic and orthotic devices. It offers rapid prototyping and
production capabilities, making these assistive devices more accessible and affordable.

Pharmaceutical Applications: Additive manufacturing is used in pharmaceutical research and
development, including the production of personalized medicine, drug delivery systems, and dosage
forms. 3D printing allows for precise control over drug release profiles and the creation of complex
drug formulations.

Surgical Guides and Implant Templates: Additive manufacturing enables the production of surgical
guides and implant templates that assist surgeons in accurate and minimally invasive procedures.
These guides help ensure precise implant placement, reduce surgical complications, and enhance
patient outcomes.

Medical Education and Training: Additive manufacturing provides medical professionals and
students with realistic anatomical models for training and education purposes. It allows for
hands-on learning, surgical simulation, and the practice of complex procedures in a risk-free
environment.

The application of additive manufacturing in the medical and healthcare field continues to
advance, offering innovative solutions for personalized patient care, improved surgical outcomes,
and advancements in regenerative medicine.
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1.5.4 Architecture and construction industries

Additive manufacturing, also known as 3D printing, is increasingly being utilized in the architecture
and construction industries.

Rapid Prototyping and Concept Modeling: Additive manufacturing allows architects and designers
to quickly create physical models and prototypes of their designs, facilitating better visualization,
communication, and understanding of the architectural concepts.

Complex Geometries and Customization: Additive manufacturing enables the production of intricate
and complex architectural elements, structures, and components that would be challenging or costly
to manufacture using traditional methods. It allows for the realization of unique, custom-designed
features and intricate details in building designs.

Construction Components and Elements: Additive manufacturing can produce construction
components and elements, such as fagade panels, walls, columns, and beams, using various materials
like concrete, polymers, and composites. 3D printing these elements offers design freedom, reduces
material waste, and can speed up the construction process.

Sustainable Construction: Additive manufacturing allows for more sustainable construction
practices by reducing material waste and energy consumption. It enables the precise deposition
of materials only where needed, minimizing waste generation. Additionally, the ability to reuse
and recycle materials in the additive manufacturing process contributes to sustainable construction
practices.

On-Site Construction and Repair: Portable and mobile additive manufacturing systems can be
deployed to construction sites for on-demand production of construction components and repair parts.
This can save time and costs associated with sourcing and transporting materials and components.

Prototyping and Testing of Building Systems: Additive manufacturing can be used to prototype and
test building systems and innovative construction techniques before full-scale implementation. This
helps identify design flaws, optimize performance, and ensure the viability of new construction
approaches.

Architectural Installations and Artistic Creations: Additive manufacturing allows architects and
artists to create large-scale architectural installations, sculptures, and artistic creations with intricate
designs and details. It offers new possibilities for artistic expression and the integration of art into
architectural projects.

Disaster Relief and Affordable Housing: Additive manufacturing has the potential to address
housing challenges in disaster-stricken areas and regions with housing shortages. It offers rapid and
cost-effective construction solutions, enabling the production of affordable and resilient housing
units.

1.5.5 Education and research

Additive manufacturing, also known as 3D printing, has had a significant impact on education and
research across various disciplines.

Hands-on Learning: Additive manufacturing provides students with a hands-on learning experience.
It allows them to design and fabricate physical objects, enabling a deeper understanding of concepts
in fields such as engineering, architecture, design, and science.

Prototyping and Design Iteration: Additive manufacturing allows students and researchers to
rapidly prototype and iterate their designs. They can bring their ideas to life and test their concepts
in a tangible and visual form, facilitating design refinement and innovation.

STEM Education: Additive manufacturing plays a crucial role in STEM (Science, Technology,
Engineering, and Mathematics) education. It helps students apply theoretical concepts in practical
settings, fostering critical thinking, problem-solving, and creativity.
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Research Tool: Additive manufacturing serves as a valuable research tool in various disciplines.
Researchers can use it to fabricate custom equipment, specialized components, and prototypes for
experiments, enabling them to explore new ideas, validate hypotheses, and conduct innovative
studies.

Material Science and Engineering: Additive manufacturing allows researchers to investigate and
develop new materials and material properties. It facilitates the exploration of advanced materials,
composites, and alloys, as well as their processing techniques and applications.

Biomedical Research: Additive manufacturing has revolutionized biomedical research. Researchers
can create patient-specific anatomical models, develop tissue engineering scaffolds, and fabricate
biomedical devices and implants. It aids in studying human anatomy, surgical planning, and
advancements in regenerative medicine.

Archaeology and Paleontology: Additive manufacturing enables the replication of artifacts, fossils,
and archaeological findings with great precision. Researchers can create accurate replicas for study,
conservation, exhibition, and educational purposes, while preserving the original artifacts.

Collaborative Research and Data Sharing: Additive manufacturing facilitates collaboration among
researchers by enabling the sharing of digital designs and 3D printing files. Researchers can
collaborate on projects, share expertise, and replicate experiments, enhancing knowledge exchange
and interdisciplinary research.

Educational Models and Teaching Aids: Additive manufacturing allows for the creation of
educational models, teaching aids, and visual aids. It helps explain complex concepts, demonstrate
scientific principles, and enhance classroom engagement and comprehension.

Entrepreneurship and Innovation: Additive manufacturing fosters an entrepreneurial and innovative
mindset among students and researchers. It provides opportunities for developing prototypes,
starting businesses, and exploring novel applications and solutions across various industries.

The use of additive manufacturing in education and research continues to expand, providing
new avenues for learning, experimentation, and breakthrough discoveries. It equips students and
researchers with practical skills, promotes interdisciplinary collaboration, and drives innovation in
multiple fields of study.

1.6 Future technologies of additive manufacturing

The future of additive manufacturing, also known as 3D printing, holds tremendous potential for
various advancements and innovations. Here are some key areas that could shape the future of
additive manufacturing:

1.6.1 Increased Materials Diversity

The increased materials diversity in additive manufacturing refers to the expansion of available
materials beyond the traditional plastics, metals, and ceramics. Here are some advancements and
possibilities in this area:

Advanced Composites: Additive manufacturing is exploring the use of advanced composite materials,
such as carbon fiber-reinforced polymers (CFRP) and glass fiber composites. These materials offer
high strength-to-weight ratios and can be used in applications where lightweight and strong parts are
required, such as aerospace, automotive, and sporting goods.

Bioactive Materials: Researchers are developing 3D-printable biomaterials that are compatible with
living tissues and can be used in biomedical applications. These materials can be tailored to promote
cell growth, tissue regeneration, and implant integration, opening up new possibilities in areas like
personalized medicine and prosthetics.
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Conductive Inks and Electronics: Additive manufacturing techniques are being developed to print
conductive inks, allowing the integration of electronics directly into 3D-printed objects. This enables
the creation of functional circuits, sensors, and antennas within complex geometries, expanding the
potential for smart devices and Internet of Things (IoT) applications.

Food-Based Materials: The field of food 3D printing is emerging, allowing the creation of edible
and customized food products. By using edible materials, such as chocolate, dough, or purees,
3D printers can produce intricately designed food items or even personalized nutrition based on
individual needs.

Sustainable and Recyclable Materials: In line with growing environmental concerns, additive
manufacturing is exploring sustainable materials, including bio-based polymers, recycled plastics,
and biodegradable materials. These materials aim to reduce waste, promote circular economy
practices, and minimize the environmental impact of 3D printing.

Hybrid Materials: Researchers are combining different materials to create hybrid structures with
unique properties. For example, combining metals and ceramics can produce parts with enhanced
strength and thermal properties. These hybrid materials offer new possibilities for functional and
customized applications.

Smart Materials: Additive manufacturing is enabling the integration of smart materials that can
respond to external stimuli, such as temperature, light, or electrical signals. These materials, known
as shape memory alloys, shape memory polymers, or stimuli-responsive polymers, have applications
in fields like acrospace, robotics, and medicine.

The expansion of materials diversity in additive manufacturing opens up new possibilities
for various industries and applications. As research and development in this area continue, we
can expect to see even more innovative and specialized materials that cater to specific needs and
requirements in different fields.

1.6.2 Multi-material and multi-property printing

Multi-material and multi-property printing in additive manufacturing refers to the ability to
simultaneously print objects using different materials with distinct properties. This capability allows
for the creation of complex structures and functional parts with varying mechanical, electrical,
thermal, or chemical characteristics. Here are some key aspects of multi-material and multi-property
printing:

Simultaneous Printing: Additive manufacturing technologies are being developed to print objects
using multiple materials in a single printing process. This can involve either combining different
materials in a single extrusion system or using multiple print heads to deposit different materials
simultaneously. By seamlessly integrating different materials, complex geometries and structures
can be created.

Gradient Materials: With multi-material printing, it is possible to create objects with graded material
compositions or properties. This means that the material properties gradually change within the
printed part, allowing for smooth transitions between different mechanical, chemical, or thermal
characteristics. Graded materials enable the production of parts with optimized performance and
functionality.

Functionally Graded Materials (FGM): FGMs involve printing objects with varying material
compositions and properties in specific regions. This technique allows for the design of parts
with tailored characteristics at different locations. For example, a part can have regions with high
strength, flexibility, or conductivity precisely where they are needed.

Embedded Components: Multi-material printing enables the integration of embedded components or
structures within a printed object. This involves printing around or within pre-existing components,
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such as electronics, sensors, or reinforcement elements. Embedding components directly into the
printed object reduces the need for assembly and improves the overall functionality and integrity
of the part.

Material Mixing and Blending: Additive manufacturing techniques are being developed to mix or
blend different materials on a microscale. This allows for the creation of composite materials with
tailored properties by controlling the distribution and alignment of different materials within the
printed object. Material mixing techniques enhance the strength, durability, and functionality of the
printed parts.

Sequential Printing: Some additive manufacturing systems allow for sequential printing of different
materials or property regions. This involves printing one material or property region first and then
switching to another material or property region in subsequent layers. Sequential printing allows for
the creation of parts with distinct sections or functionalities.

Applications of multi-material and multi-property printing span various industries, including
aerospace, automotive, electronics, healthcare, and consumer goods. This capability enables the
production of complex and customized objects with diverse functionality and performance, leading
to enhanced product designs, improved efficiency, and expanded possibilities for innovation.

1.6.3 High-speed printing

High-speed printing in additive manufacturing refers to the ability to rapidly fabricate objects with
additive processes, significantly reducing the overall printing time. This advancement in speed
has several benefits, including increased productivity, reduced production costs, and improved
scalability. Here are some key aspects of high-speed printing in additive manufacturing:

Enhanced Printing Systems: High-speed printing requires advancements in printing systems and
technologies. This includes faster and more precise motion control systems, improved extrusion or
deposition mechanisms, and optimized printing paths. These enhancements enable faster and more
efficient material deposition, resulting in reduced printing times.

Rapid Layering Techniques: Traditional layer-by-layer printing can be time-consuming, especially
for large and complex objects. High-speed printing explores innovative layering techniques that
allow for the simultaneous deposition of multiple layers or larger layers in a single pass. This
reduces the overall printing time while maintaining printing accuracy and quality.

Advanced Material Formulations: The development of materials specifically designed for
high-speed printing is crucial. These materials should have optimized flow properties, faster curing
or solidification times, and improved interlayer adhesion. High-speed printing often requires
materials that can be rapidly deposited and solidified without sacrificing part quality or mechanical
properties.

Parallel Printing: High-speed printing can involve the simultaneous printing of multiple parts or
objects using an array of print heads or multiple printing platforms. Parallel printing significantly
increases production throughput as multiple parts are fabricated simultaneously. This approach is
particularly useful for small-sized objects or objects with simple geometries.

Integration of Automation: Automation plays a vital role in high-speed printing. It involves the
integration of robotic systems, advanced material handling, and automated post-processing steps.
Automation streamlines the entire printing process, reduces human intervention, and minimizes idle
time, leading to increased printing speed and overall productivity.

Continuous Printing: Continuous printing techniques aim to eliminate the need for layer-wise
printing, enabling a continuous flow of material deposition. This can involve the use of continuous
extrusion processes or continuous liquid resin printing. Continuous printing allows for faster
fabrication times as the printing process is not interrupted between layers.
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High-speed printing is particularly beneficial for industries that require rapid prototyping,
small-batch production, or on-demand manufacturing. It enables the efficient production of
functional prototypes, customized products, and spare parts, reducing lead times and increasing
flexibility in manufacturing operations. As high-speed printing technologies continue to advance,
additive manufacturing is becoming more competitive with traditional manufacturing methods in
terms of production speed and efficiency.

1.6.4 Continuous and large-scale printing

Continuous and large-scale printing in additive manufacturing refers to the ability to fabricate objects
without the need for layer-wise printing and the ability to produce objects on a large scale. This
approach offers several advantages, including increased production efficiency, reduced fabrication
time, and the ability to create objects of significant size. Here are key aspects of continuous and
large-scale printing in additive manufacturing:

Continuous Printing Processes: Continuous printing techniques aim to eliminate the
layer-by-layer approach by enabling a continuous flow of material deposition. This can be achieved
through various methods such as continuous extrusion processes, continuous liquid resin printing, or
other innovative approaches. Continuous printing allows for faster fabrication times as the printing
process is not interrupted between layers, resulting in a seamless and uninterrupted production
process.

Robust Printing Systems: Large-scale printing requires robust and reliable printing systems capable
of handling the increased volume of materials and extended printing durations. This includes
reinforced gantry systems, stable platforms, and extrusion or deposition mechanisms that can handle
high material flow rates and prolonged operation. The printing systems should also have advanced
monitoring and control systems to ensure print quality and consistency throughout the process.

Material Handling and Supply Systems: Continuous and large-scale printing requires efficient
material handling and supply systems. This includes automated material feeding, integrated material
storage and delivery systems, and optimized material flow pathways. These systems ensure a steady
and uninterrupted supply of materials during the printing process, minimizing downtime and
maximizing productivity.

Scalable Printing Platforms: To achieve large-scale printing, the printing platforms need to be
scalable to accommodate larger object sizes. This may involve expanding the build volume of the
printers or developing modular systems that allow for the seamless integration of multiple printing
units to work in parallel. Scalable printing platforms enable the fabrication of objects of various
sizes, from small prototypes to full-scale industrial components.

Post-Processing Integration: Large-scale printing often requires post-processing steps such as
curing, cooling, or surface finishing. Integration of these post-processing steps within the printing
system or in close proximity to it minimizes handling and transportation times, further optimizing
the overall production workflow.

Real-Time Monitoring and Quality Control: Continuous and large-scale printing can benefit from
advanced real-time monitoring and quality control systems. These systems utilize sensors, cameras,
and software algorithms to monitor the printing process, detect defects or anomalies, and make
necessary adjustments in real-time. Real-time monitoring ensures the quality and integrity of the
printed objects throughout the continuous and large-scale fabrication process.

Continuous and large-scale printing has the potential to revolutionize manufacturing industries
by enabling the efficient production of large objects, architectural structures, and even entire
buildings. It offers significant advantages in terms of speed, cost-effectiveness, and design freedom,
opening up new possibilities for applications in construction, aerospace, automotive, and other
industries that require the fabrication of large and complex components.
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1.6.5 Advanced design and simulation tools

Advanced design and simulation tools play a crucial role in additive manufacturing by facilitating
the optimization of designs, predicting the behavior of printed parts, and ensuring their structural
integrity. Here are some key aspects of advanced design and simulation tools in additive
manufacturing:

Design Optimization: Advanced design tools allow engineers and designers to optimize the
geometry, topology, and lattice structures of objects to maximize their performance while minimizing
material usage and weight. These tools use generative design algorithms, parametric modeling, and
optimization algorithms to explore a vast design space and identify the most efficient and functional
designs for additive manufacturing.

Finite Element Analysis (FEA): FEA is widely used in additive manufacturing to simulate and
analyze the mechanical behavior and structural integrity of printed parts. FEA software can predict
stress distribution, deformation, and failure points, helping to identify potential issues and optimize
the design to enhance strength and durability. It enables virtual testing of designs, reducing the need
for physical prototyping and iterative testing.

Thermal Analysis: Thermal simulation tools are crucial for additive manufacturing processes
that involve melting or sintering of materials. These tools simulate the heat transfer, temperature
distribution, and thermal stresses during the printing process, allowing designers to optimize the
printing parameters, such as laser power, scan speed, and cooling strategies, to ensure proper
material melting, minimal residual stresses, and dimensional accuracy.

Microstructure Simulation: Advanced simulation tools can predict the microstructure and material
properties of printed parts based on the printing parameters and material characteristics. By
simulating the solidification, phase transformation, and grain growth during the printing process,
engineers can optimize the printing parameters to achieve desired material properties, such as
strength, hardness, and thermal conductivity.

Support Structure Optimization: Additive manufacturing often requires the use of support structures
to prevent deformation and maintain the stability of overhanging or complex geometries. Advanced
design tools can automatically generate and optimize support structures to minimize material usage,
reduce post-processing efforts, and improve the surface finish of printed parts.

Process Simulation: Process simulation tools simulate the entire additive manufacturing process,
including material deposition, heat transfer, and part distortion. These tools help identify potential
issues such as warping, residual stresses, and build failures, allowing engineers to optimize the
printing process parameters, such as scan strategy, layer thickness, and build orientation, to achieve
accurate and high-quality prints.

Multi-scale Modeling: Additive manufacturing involves multiple length scales, from microscale
features to macroscopic part dimensions. Multi-scale modeling tools enable the integration of
different modeling techniques and scales to capture the behavior of printed parts accurately. This
includes the coupling of macroscopic structural analysis with mesoscale material modeling and
microscale analysis of specific features like lattices or surface roughness.

By leveraging these advanced design and simulation tools, engineers and designers can
optimize designs, predict performance, reduce material waste, and minimize the need for physical
prototyping and iterative testing. This leads to faster development cycles, improved part quality,
and increased confidence in the performance and reliability of additive manufactured components.
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1.6.6 Integration of AI and machine learning

The integration of Al (Artificial Intelligence) and machine learning techniques in additive
manufacturing has the potential to revolutionize the industry by enabling more efficient processes,
improved part quality, and advanced capabilities. Here are some ways in which Al and machine
learning are being integrated into additive manufacturing:

Process Optimization: Al algorithms can analyze large volumes of data collected during the additive
manufacturing process, including sensor data, process parameters, and material characteristics. By
using machine learning techniques, Al systems can identify patterns, correlations, and optimal
process settings for achieving desired outcomes, such as minimizing defects, reducing build time, or
improving material utilization. This enables automated process optimization and adaptive control,
leading to more reliable and efficient manufacturing processes.

Defect Detection and Quality Control: Al-powered vision systems can analyze images or scan data
of printed parts to detect defects, such as surface irregularities, porosity, or dimensional errors.
Machine learning algorithms can be trained on a dataset of defect images to classify and identify
various types of defects automatically. Real-time monitoring and analysis of the printing process
can enable early detection of anomalies and prompt adjustments, ensuring consistent quality and
reducing post-processing efforts.

Design Assistance and Generative Design: Al algorithms can assist engineers in generating optimized
designs for additive manufacturing. By analyzing design constraints, performance requirements,
and material characteristics, Al systems can generate design suggestions or automatically generate
complex geometries and lattice structures that are optimized for additive manufacturing processes.
This helps to unlock the full potential of additive manufacturing by creating designs that are difficult
to achieve through traditional manufacturing methods.

Material Development and Selection: Al can support the development and selection of materials
for additive manufacturing. By analyzing material databases, experimental data, and simulation
results, machine learning algorithms can identify material properties, predict material behavior
under specific process conditions, and assist in material selection for specific applications. This
enables the exploration of new materials and the optimization of material properties to meet the
requirements of additive manufacturing processes and printed parts.

Predictive Maintenance: Al algorithms can analyze sensor data from additive manufacturing
machines to monitor their condition and predict maintenance needs. By monitoring parameters
such as temperature, vibration, or energy consumption, machine learning models can identify
patterns indicative of machine degradation or potential failures. This enables proactive maintenance
scheduling, minimizing downtime and maximizing machine utilization.

Supply Chain Optimization: Al techniques can be applied to optimize the additive manufacturing
supply chain by analyzing factors such as material availability, production schedules, and demand
fluctuations. Machine learning algorithms can predict demand patterns, optimize inventory
management, and enable dynamic production planning, reducing lead times and improving
responsiveness to customer needs.

Opverall, the integration of Al and machine learning in additive manufacturing has the potential
to enhance productivity, quality, and innovation. These technologies enable process optimization,
defect detection, design assistance, material development, predictive maintenance, and supply
chain optimization, driving the advancement and widespread adoption of additive manufacturing
in various industries.
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1.6.7 Bioprinting and tissue engineering

Bioprinting is a technique that uses 3D printing technology to create structures composed of living
cells, bioinks, and biomaterials. Instead of using traditional inks or materials, bioprinters deposit
living cells, growth factors, and supporting biomaterials layer by layer to create complex living
tissues and organs.

The process of bioprinting typically involves three main components: bioink, bioprinter, and a
computer-aided design (CAD) model. Bioinks serve as the “ink” for bioprinters and are composed
of living cells encapsulated in a biocompatible material. These bioinks are carefully formulated to
provide the necessary environment for cell survival and function.

Bioprinters are specialized 3D printers that are capable of handling the delicate nature of
living cells. They deposit the bioink layer by layer according to the CAD model, creating complex
tissue structures. There are different bioprinting techniques available, such as extrusion-based,
inkjet-based, and laser-based bioprinting, each with its own advantages and limitations.

Tissue engineering is a multidisciplinary field that combines principles of biology, engineering,
and medicine to create functional tissues and organs in the laboratory. It involves the use of scaffolds,
cells, and biochemical factors to regenerate or repair damaged tissues and organs.

In tissue engineering, a scaffold serves as a temporary support structure that guides cell growth
and tissue formation. These scaffolds can be produced using additive manufacturing techniques, such
as 3D printing, to create intricate structures with defined architectures and mechanical properties.
The cells are then seeded onto or into the scaffold, where they attach, proliferate, and differentiate
to form functional tissue.

The biochemical factors used in tissue engineering, such as growth factors and signaling
molecules, are often incorporated into the scaffold or delivered to the cells to regulate their behavior.
These factors can influence cell proliferation, differentiation, and tissue development.

The combination of bioprinting and tissue engineering has the potential to revolutionize
regenerative medicine and personalized healthcare. Some of the key applications include:

Organ transplantation: Bioprinting holds the promise of creating patient-specific organs, such as
kidneys or livers, that can be transplanted without the need for immunosuppression.

Drug testing and development: Bioprinted tissues can be used as models for drug testing, allowing
researchers to study the effects of drugs on human tissues in a controlled environment, reducing the
reliance on animal testing.

Disease modeling: Bioprinting can be used to create disease models, enabling researchers to
study the mechanisms of various diseases, screen potential therapeutics, and develop personalized
treatment strategies.

Tissue repair and regeneration: Bioprinted scaffolds can be used to facilitate the repair and
regeneration of damaged tissues, such as bone, cartilage, or skin, by providing structural support
and promoting cell growth.

It’s important to note that while bioprinting and tissue engineering have shown great promise,
there are still numerous technical and regulatory challenges that need to be overcome before
these technologies can be widely implemented in clinical settings. However, ongoing research
and advancements in the field continue to push the boundaries of what is possible in the realm of
additive manufacturing for healthcare applications.
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1.6.8 On-demand manufacturing and decentralization

On-demand manufacturing and the decentralization of additive manufacturing are two interconnected
concepts that have the potential to transform the manufacturing industry. Let’s explore these ideas
further:

On-demand Manufacturing: On-demand manufacturing, also known as just-in-time manufacturing,
refers to the production of goods in response to customer orders or demand rather than producing
items in bulk and storing them in inventory. This approach minimizes the need for large-scale
production, storage costs, and the risks associated with unsold inventory.

Additive manufacturing, such as 3D printing, is well-suited for on-demand manufacturing
because it enables the production of customized, complex, and low-volume parts without the need
for expensive tooling or molds. With 3D printing, the digital design can be directly translated into a
physical product, allowing for quick and efficient production.

On-demand manufacturing offers several advantages, including:

Cost reduction: By producing items only when there is a demand, companies can minimize inventory
costs associated with storage, maintenance, and potential waste.

Customization and personalization: Additive manufacturing enables the production of highly
customized products tailored to individual customer needs and preferences.

Reduced lead times: On-demand manufacturing allows for faster turnaround times, as products can
be manufactured and delivered more quickly compared to traditional manufacturing methods.

Supply chain optimization: By producing items closer to the point of demand, companies can reduce
transportation costs, minimize logistical complexities, and achieve a more sustainable supply chain.

Decentralization of Additive Manufacturing: The decentralization of additive manufacturing refers to
the shift from centralized manufacturing facilities to a distributed network of smaller manufacturing
centers or even localized production setups. This shift is made possible by advancements in additive
manufacturing technology and the availability of affordable 3D printers.

The decentralization of additive manufacturing offers several benefits:

Accessibility: Smaller-scale additive manufacturing setups can be established in various locations,
making the technology more accessible to businesses and individuals. This can empower
entrepreneurs, startups, and local manufacturers to produce goods without relying on large-scale
centralized facilities.

Localized production: Decentralization enables localized production, reducing the need for
long-distance shipping and transportation. This localization can help in reducing carbon emissions,
promoting sustainability, and supporting local economies.

Flexibility and agility: Decentralized additive manufacturing allows for greater flexibility and
agility in responding to market demands. Local manufacturers can quickly adapt their production
capabilities to cater to changing customer needs and emerging trends.

Distributed innovation: Decentralized manufacturing setups encourage localized innovation and
experimentation. Small-scale manufacturers can iterate and improve their products more rapidly,
driving innovation at a grassroots level.

Challenges and Considerations: While on-demand manufacturing and the decentralization of
additive manufacturing offer numerous advantages, there are some challenges and considerations
to keep in mind:

Quality control: Maintaining consistent quality across distributed manufacturing setups can be a
challenge. Ensuring that products meet the required standards may require standardized processes,
quality control measures, and effective communication.
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Intellectual property protection: With decentralized manufacturing, there is an increased risk of
intellectual property infringement. Safeguarding designs and protecting intellectual property
becomes crucial when manufacturing is distributed.

Infrastructure requirements: Establishing a distributed network of additive manufacturing centers
requires adequate infrastructure, including access to 3D printers, materials, and skilled technicians.
Investments in equipment and training may be necessary.

Regulatory considerations: Regulations related to product safety, quality control, and intellectual
property may vary across different regions. Navigating these regulatory landscapes in a decentralized
manufacturing environment can be complex.

Overall, on-demand manufacturing and the decentralization of additive manufacturing have
the potential to transform traditional manufacturing processes by offering greater flexibility,
customization, and efficiency. As technology continues to advance and the ecosystem evolves, these
concepts are likely to play an increasingly important role in shaping the future of manufacturing.

1.6.9 Collaboration and open innovation

Collaboration and open innovation are key drivers in advancing additive manufacturing technologies.
By fostering collaboration and embracing open innovation principles, the additive manufacturing
community can accelerate the development and adoption of new materials, techniques, and
applications. Let’s explore how collaboration and open innovation contribute to the progress of
additive manufacturing:

Knowledge sharing: Collaboration allows researchers, engineers, and industry experts to share
knowledge, experiences, and best practices. This sharing of information helps the additive
manufacturing community collectively learn and overcome challenges more effectively.

Cross-disciplinary collaboration: Additive manufacturing is a multidisciplinary field that intersects
with various domains such as materials science, engineering, biology, and medicine. Collaboration
encourages experts from different fields to come together, exchange ideas, and contribute their
expertise. This cross-disciplinary collaboration often leads to innovative solutions and breakthroughs.

Standards development. Collaboration is vital for establishing industry standards in additive
manufacturing. Standardization ensures interoperability, quality control, and safety across different
additive manufacturing systems and materials. Collaborative efforts can lead to the development of
standardized testing methods, material properties, and design guidelines, fostering the growth of the
industry.

Open-source initiatives: Open-source platforms and communities have played a significant role
in advancing additive manufacturing. Open-source initiatives allow for the sharing of software,
hardware designs, and knowledge freely. This encourages innovation, lowers barriers to entry, and
facilitates collaboration among individuals and organizations.

Crowdsourcing and user feedback: Open innovation principles can be applied to additive
manufacturing through crowdsourcing and involving users in the innovation process. By gathering
feedback and ideas from a diverse range of individuals and organizations, additive manufacturing
technologies can be refined and improved based on real-world needs and perspectives.

Collaborative research and development projects: Collaborative research and development projects
bring together academia, industry, and government organizations to work towards common goals in
additive manufacturing. These projects enable shared resources, funding, and expertise, leading to
accelerated progress and technology transfer.

Consortia and partnerships: Consortia and industry partnerships bring together stakeholders,
including companies, research institutions, and government bodies, to collaborate on additive
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manufacturing initiatives. These collaborations pool resources, expertise, and funding to address
technological, commercial, and regulatory challenges collectively.

Education and training: Collaboration plays a crucial role in education and training initiatives
in additive manufacturing. Partnerships between academic institutions, industry, and training
organizations facilitate the development of curricula, workshops, and certification programs to
upskill the workforce and promote knowledge transfer.

By fostering collaboration and embracing open innovation principles, additive manufacturing
can benefit from the collective expertise, insights, and resources of a diverse community. This
collaborative approach can accelerate the pace of innovation, address challenges more effectively,
and promote the widespread adoption of additive manufacturing technologies in various industries.

1.7 Summary

Additive manufacturing technology has begun to demonstrate significant potential and advantages
in many industrial sectors. It provides an efficient solution for producing small-batch customized
products with complex geometries. The materials used in additive manufacturing offer comparable,
if not superior, performance to those obtained through traditional manufacturing methods.

While there are still challenges to address, such as material limitations, scalability for
high-volume manufacturing, and regulatory considerations, the prospects of additive manufacturing
are significant. Ongoing research, technological advancements, and collaboration within the additive
manufacturing community continue to unlock new opportunities and drive its widespread adoption
across industries.
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Chapter 2

Additive Manufactured Superalloys
and their Applications

2.1 Introduction

Superalloys refer to a class of metallic materials primarily based on iron (Fe), cobalt (Co), and
nickel (Ni), capable of maintaining excellent performance under high temperatures and certain
stress conditions for prolonged periods. Generally, superalloys are defined as alloys that can
maintain their mechanical properties, heat resistance, and chemical stability above 600°C [1].
They exhibit superior high-temperature strength, low creep rates, excellent oxidation resistance,
heat resistance, corrosion resistance, good fatigue properties, and fracture toughness. They find
extensive applications in fields such as aviation, aerospace, petroleum, and chemical industries,
where exposure to high temperatures, high pressures, and corrosive environments is prevalent [2].

Ni-based superalloys represent the most widely employed class of superalloys in
high-temperature components, with the majority of advanced engines comprising parts crafted
from these alloys. In comparison to Fe-based and Co-based superalloys, Ni-based superalloys boast
distinctive characteristics and advantages in terms of composition, microstructure, mechanical
properties, and applications:

1) Composition: Ni-based superalloys primarily consist of Ni, chromium (Cr), aluminum (Al), and
other elements, with Ni content typically exceeding 50%. Cr and Al are incorporated to enhance
the alloy’s heat and corrosion resistance [3].

2) Microstructure: The microstructure of Ni-based superalloys remains stable with minimal
harmful phases. It typically comprises solid solution, transitional phases, and dispersed phases.
The solid solution primarily consists of Ni-rich phases. Transitional phases remain stable at
high temperatures, and dispersed phases serve as minute precipitates contributing to the alloy’s
strength and stability.

3) Mechanical properties: Operating at elevated temperatures, Ni-based superalloys exhibit
outstanding high-temperature strength, resistance to oxidation and thermal erosion, and
resistance to creep deformation. These alloys retain excellent mechanical properties in
high-temperature environments, exhibiting minimal plastic deformation or fracture [4].

4) Applications: Ni-based superalloys find extensive applications in aerospace, energy, and
chemical industries, among others, being utilized in the manufacturing of jet engines, gas
turbines, aircraft turbine blades, high-temperature furnaces, and other high-temperature
and high-pressure equipment. They play critical roles in these domains, maintaining stable
performance in extremely high-temperature, high-pressure, and corrosive environments.
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On the whole, compared to Fe-based and Co-based superalloys, Ni-based superalloys
demonstrate superior performance and find broader applications in high-temperature environments,
establishing themselves as one of the pivotal categories within high-temperature materials.

Traditional manufacturing of Ni-based superalloys typically involves conventional processes
such as casting, forging, and heat treatment. These methods are suitable for mass production and
relatively simple geometric shapes of components. Material shaping is achieved through casting
molds or forging dies, followed by multiple steps including heating, plastic deformation, and
cooling to obtain the final products. Traditional preparation methods offer advantages such as
low cost and suitability for large-scale production. However, for Ni-based superalloys produced
through casting, issues such as porosity and inclusions are often encountered, along with larger
grain sizes and uneven microstructures. These drawbacks can adversely affect the performance of
superalloy components, making them less conducive to long-term use under high temperature and
stress conditions. For forging Ni-based superalloys, the manufacturing of complex geometric shapes
is significantly constrained, and overall processing time is prolonged, resulting in low processing
efficiency.

Laser additive manufacturing (LAM), a departure from traditional subtractive machining
methods, involves an additive approach wherein material is incrementally deposited layer by layer
using a computer-controlled laser beam as the energy source. This technique allows for rapid shaping
of metal components without the need for molds. Components manufactured through LAM exhibit
high density, superior performance, uniform and dense microstructures, and absence of macroscopic
segregation [5]. Consequently, there has been a growing body of research and application in the
realm of Ni-based superalloy laser additive manufacturing.

Traditional manufacturing of superalloys typically yields uniform microstructures, yet they
may exhibit certain defects such as uneven grain sizes and grain orientation. However, compared
to traditional directional solidification, laser additive manufacturing processes entail extremely
high-temperature gradients and rapid solidification rates, resulting in manufactured superalloys with
finer microstructures and more uniform chemical composition distributions. Moreover, by flexibly
controlling processing modes and parameters during additive manufacturing (AM), grain orientation
can be regulated. Directionally solidified columnar grains produced via LAM significantly reduce
transverse grain boundaries perpendicular to the stress axis, thus yielding superior high-temperature
creep resistance.

In terms of mechanical properties, traditionally manufactured superalloys generally demonstrate
commendable mechanical performance, including high tensile strength and oxidation resistance.
Nonetheless, due to factors such as deformation and residual stresses during manufacturing, some
degree of non-uniformity may occasionally exist. Superalloys manufactured through additive
methods typically exhibit excellent mechanical properties, with reports suggesting performance
comparable to or even surpassing forged counterparts [6]. Due to the ability to achieve finer
microstructures, additive-manufactured superalloys boast enhanced fatigue and creep resistance.
Furthermore, additive manufacturing enables the realization of more intricate geometric shapes
and internal structures, thereby enhancing component functionality and performance. Additive
manufacturing offers unique advantages in small-batch production, complex geometric shapes,
customization, and performance optimization.

2.2 Superalloy category in additive manufacturing

High-temperature alloys exhibit remarkable microstructural stability and outstanding tensile and
yield strength, as well as excellent fatigue, creep resistance, and corrosion properties, making them
widely utilized in industrial applications under service conditions at temperatures reaching 650°C
and beyond. These alloys possess complex chemical compositions and can be categorized based on
their matrix elements and strengthening mechanisms, as illustrated in Figure 2.1.
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Figure 2.1. Classification of superalloys [7]. «]

Ni-based superalloys typically consist of Ni as the primary element, alloyed with 30-40 wt%
of a combination of at least eight other significant and minor alloying elements. They can be
divided into two main categories based on their strengthening methods: solution strengthening and
precipitation strengthening [8].

Face-centered cubic (FCC) grain formation is the primary source of strength in
solution-strengthened superalloys. The FCC phase, referred to as v, is established when a mixture of
Ni and elements like Co, Fe, molybdenum (Mo), Al, and tungsten (W) is heated to the solid solution
temperature, which generally ranges from approximately 1120°C to 1180°C for many superalloys.
The differing atomic sizes of the added alloying elements induce distortions in the lattice of the
matrix metal, enhancing its strength. Solution alloys are commonly used for components in aircraft
and aerospace engine combustion chambers and casings.

A major factor in the high-temperature strength and creep resistance of precipitation-hardened
superalloys is the precipitation of the FCC phase, denoted as y’ Ni;Al), which gives the alloys their
strength. When Ni is mixed with elements such as Al and titanium (Ti) and heated to temperatures
between 1170°C and 1190°C, this precipitate is created [S]. Precipitation-hardened alloys are
typically employed in structural components such as turbine discs and blades in aerospace engines.

Figure 2.2 shows the compositions and main phase of Ni-based superalloys. In terms of
compositions, Ni is the principal alloying element and the dominant component of the FCC y
matrix, which forms the foundational structure of many Ni-based superalloys. Al and Ti are crucial
for enhancing the alloy’s strength via precipitation hardening, as they enable the formation of a
coherent y’ intermetallic phase Ni;(Al, Ti)) with a highly ordered L1, crystal structure. Ta, acting
as a potential substitute for Al in the y’ phase, also strengthens this phase by promoting stability and
increasing resistance to deformation. Nb is frequently incorporated in specific Ni-based superalloys,
where it functions similarly to Al and Ti by precipitating the y"" phase Ni;Nb) with a DO,, structure,
which also contributes to strengthening mechanisms. Elements like Al, Cr, Y, Ce, and Mo are
commonly added to enhance oxidation and corrosion resistance.

Mo, Fe, Cr, V and Co are often included as solid-solution strengtheners, further improving
the alloy’s resistance to deformation. Small additions of other elements, including Cr, Ti, Ta, Mo,
Hf, W, B and C are strategically used to control the grain structure, thereby enhancing mechanical
properties at high temperatures. These elements tend to form stable borides and carbides, which
localize at grain boundaries and contribute to structural stability. However, excessive amounts of
refractory elements like W, Mo Nb and Re can promote the precipitation of hard intermetallic phases
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Figure 2.2. Compositions and main phases of Ni-based superalloys: (a) alloying elements in Ni-based superalloys and
(b) schematic illustrating the typical phases in the microstructure of a typical Ni-based superalloys (Inconel 718) after aging

[9, 10]. 1

like the & phase and Topologically Closed Packed (TCP) phases e.g., Laves, p and ¢), which may
affect alloy performance by introducing brittleness under certain conditions.

As shown in Figure 2(b), the microstructure of Ni-based superalloys is characterized by an FCC
y-matrix containing different solute elements. Depending on the specific composition, processing
methods and post-heat treatments, precipitates such as the ordered intermetallic phases y’ and y”, as
well as Laves phases, & phases, and various carbides, may form within the matrix [11]. However,
a high volume fraction of Laves and & phases is generally deemed detrimental to the mechanical
properties. This is due to their tendency to deplete the y’ and v forming elements from the y-matrix
and to act as sites for crack initiation under cyclic loading conditions.
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This section will provide a detailed overview of several Ni-based superalloys commonly used
in additive manufacturing.

2.2.1 Inconel 625

Inconel 625 is a typical Ni-based superalloy strengthened primarily through solid-solution
strengthening by relatively high levels of the refractory metal components, Mo and Nb, in a Ni—Cr
matrix [12]. Ni and Cr offer resistance to oxidizing environments, whereas Ni and Mo provide
protection in non-oxidizing environments [13]. Mo plays a crucial role in preventing pitting and
crevice corrosion. Nb serves to stabilize the alloy against sensitization during welding and exhibits
excellent resistance to chloride stress-corrosion cracking. The primary phase of Inconel 625 is an
austenitic Ni-based FCC y phase. Additionally, carbide phases with reflections aligning with those
of Nb-rich MC, Cr-rich M,;C6, and M(C carbides and intermetallic phases such as y" and & have
been observed [14].

Inconel 625 is renowned for its exceptional corrosion resistance, mechanical properties,
and high-temperature performance. It demonstrates outstanding resistance to a wide array of
severe oxidation and corrosive environments, making it ideal for applications in severely harsh
environments. Additionally, it boasts excellent processability, fabricability and weldability, with no
sensitivity to post-weld cracking, further enhancing its appeal for various industrial uses. One of
its notable attributes is its certification for manufacturing pressure vessels with wall temperatures
ranging from —196°C to 450°C, underscoring its suitability for demanding applications. This
superalloy finds extensive application across advanced industrial sectors, including aerospace
engines, chemical equipment, nuclear industries, petrochemical, and marine industries owing to its
combination of robust mechanical properties, excellent resistance to high-temperature corrosion,
and versatility across a broad temperature spectrum from cryogenic conditions to ultra-high
environments exceeding 1000°C [15].

2.2.2 Hastelloy-X

Hastelloy X (HX) is a Ni-based superalloy renowned for its exceptional strength and corrosion
resistance. Its composition primarily consists of a Mo-rich y matrix along with carbides M,C,
M,,Cy), o, and p phases [16]. Hastelloy X is a solid-solution strengthened alloy featuring a
single-phase FCC Ni-based austenitic structure. This structure is reinforced by alloying elements,
with strength bolstered notably by the incorporation of Mo and Fe. Additionally, the addition of Cr
enhances its resistance to corrosion.

Hastelloy X is renowned for its exceptional performance in demanding environments. Notably,
it offers excellent strength and ductility at elevated temperatures, coupled with remarkable oxidation
and corrosion resistance [17]. This alloy exhibits outstanding weldability and formability, making
it highly suitable for various fabrication processes. Furthermore, it boasts exceptional weldability,
adding to its versatility in manufacturing applications. Its ability to withstand stress-corrosion
cracking is noteworthy, ensuring reliability in critical environments. Hastelloy X alloy finds
extensive applications in various demanding environments characterized by high temperatures and
corrosive atmospheres. Specifically, it is widely utilized in gas turbine engines and petrochemical
reactors due to its exceptional durability and resistance to corrosion, as well as its ability to
maintain good performance for extended periods at temperatures below 900°C [18]. Moreover,
Hastelloy X is favored for its suitability in advanced engineering applications such as compact heat
exchangers, heat shields, and gas turbine engine components, where extreme conditions prevail
[19]. It can be used in gas turbine combustion chamber components, chemical reaction vessels, and
high-temperature industrial furnaces. Additionally, it is essential for hot-end parts in the energy,
petroleum,andaerospaceindustries,suchasfuelnozzlesandgasturbinecombustors,duetoitsexceptional
high-temperature mechanical qualities, resistance to oxidation, and resistance to corrosion.
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Due to its elevated work hardening capacity, processing intricate components from Hastelloy
X presents challenges. Jinoop et al. [20] studied the hot deformation behaviors of Hastelloy X
fabricated via laser directed energy deposition (LDED). The experiments revealed that the activation
energy obtained is lower compared to analogous alloys in wrought conditions. This disparity
primarily arises from the increased volume fraction of vacancies in LDED, which is regulated by
the solidification rate. The reduced activation energy underscores the feasibility of hot-working
LDED-fabricated Hastelloy X as a promising approach for constructing high-strength engineering
components.

2.2.3 Inconel 718

Inconel 718 alloy stands as one of the most extensively utilized Ni-based superalloys to date,
owing to its exceptional amalgamation of properties, rendering it widely applied in the realm of
additive manufacturing. In the aviation sector, Inconel 718 alloy finds extensive application, with
components such as turbine blades, shafts, supports, and fasteners in aircraft engines predominantly
composed of this alloy. Inconel 718 exhibits high tensile strength, yield strength, creep resistance,
and ductility within the temperature range of —253°C to 650°C. Additionally, it boasts commendable
corrosion resistance, radiation resistance, thermal processing capabilities, and weldability, thereby
establishing itself as a pivotal material in the aviation industry [21].

Inconel 718 alloy, primarily comprised of large proportions of Nb, Mo, and minor quantities
of Ti and Al elements, is strengthened predominantly by precipitation hardening phases and the
solid-solution hardening effect of refractory metal constituents, notably Nb and Mo, within a Ni-Cr
based y matrix [22]. The phase composition of Inconel 718 primarily encompasses the austenitic
v phase, which manifests as a FCC Ni—Fe—Cr solid solution. The primary strengthening phase
comprises the DO0,,-ordered body-centered tetragonal (BCT) y” Ni;Nb), while the secondary
strengthening phase comprises the L1,-ordered FCC y' Nis(Al, Ti, Nb)). This alloy exhibits
commendable weldability attributed to the sluggish precipitation of primary strengthening phases
within its structure [23].

Furthermore, Inconel 718 contains small quantities of other incoherent phases, such as the brittle
intermetallic hexagonal Laves phase ((Ni, Fe, Cr),(Nb, Mo, Ti)), the D0,-structural orthorhombic &
(Ni;Nb), and the FCC MX (Nb,Ti)(C,N). These incoherent phases, while capable of refining grain
size, can prove detrimental to mechanical performance when excessively coarse and acicular, as
they offer diminished dispersion hardening [24]. Furthermore, they will prevent grain boundary
sliding if they are located near grain boundaries, which will decrease ductility but perhaps increase
creep resistance. Among these phases, the most severe in terms of performance degradation is the
coarse and long-chain Laves phase, as it depletes the principal elements required for precipitation
strengthening and facilitates easy crack initiation and propagation, thereby increasing susceptibility
to cracking.

2.2.4 Inconel 738

Apart from the aforementioned easily machinable Ni-based superalloys like Inconel 625 and Inconel
718, non-weldable superalloys with outstanding high-temperature properties have also emerged as
focal points of recent research endeavours in additive manufacturing. These alloys, such as Inconel
738, Inconel 939, CM247LC, and CMSX-4, exhibit exceptional resistance to creep-rupture at high
temperatures because of a significant volume fraction of y’ phases that are directly related to the high
Al + Ti concentrations. Nonetheless, their amenability to additive manufacturing is compromised
due to (i) the broad solidification interval stemming from extensive alloying, (ii) the emergence
of several phases including low-melting-point borides and y/y" eutectics, and (iii) the escalation of
residual stresses and reduction in ductility attributed to rapid y' precipitation during the additive
manufacturing process [25].
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Inconel 738 stands as a quintessential representative within the realm of non-weldable
superalloys. This alloy, strengthened by the ordered and coherent L1, intermetallic Niy(ALTi) y’
phase, embodies a precipitation-strengthened Ni-based superalloy. In addition to this, it benefits
from solid solution strengthening derived from Cr, Mo, Co, and W, along with grain boundary
strengthening by carbides and grain boundary y'. With serviceable stability at temperatures soaring
up to 980°C, this alloy owes its resilience to its substantial content of the y' phase approximately
40-43% in volume fraction), which plays a pivotal role in sustaining its exceptional high-temperature
mechanical performance [26]. Inconel 738 offers outstanding comprehensive performances of
high-temperature strength, fatigue performance, resistance to high-temperature creep, corrosion and
oxidation, as well as excellent microstructural stability [27]. These properties with high reliability
and longevity in harsh service conditions make it suitable for a wide range of applications, including
static and rotating hot-end components in gas turbines and aircraft engines.

However, compared to Ni-based superalloys commonly used in additive manufacturing such as
Inconel 718 and Inconel 625, the application of Inconel 738 is constrained by its poorer machinability,
weldability, and higher susceptibility to cracking. Figure 2.3 illustrates the weldability performance
of Ni-based superalloys as the Ti + Al content varies. Henderson et al. [28] investigated weldability
of a broad spectrum of Ni-based superalloys and determined that alloys with an Al + Ti content of
less than 2.5 wt% are more conducive to welding than those exceeding this threshold. Typically,
when the combined Al and Ti content exceeds 4 wt%, an alloy is deemed non-weldable. Al and Ti
are essential constituents of the primary precipitation-strengthening vy’ phase for Inconel 738 and
the Al + Ti content in Inconel 738 can reach 6.77 wt%, significantly surpassing the 4 wt% limit.
This high content of Al + Ti leads to heightened susceptibility to cracking in the heat-affected zone,
exacerbated by the more severe grain boundary liquation resulting from the nonequilibrium melting
of lower-melting-point phases.

During the laser additive manufacturing process of Inconel 738, cracking can occur due to various
mechanisms including liquation cracking, solidification cracking, ductility dip cracking, strain age
cracking and others. The presence of y + ¢’ eutectic on grain boundaries is widely recognized as a
microstructural condition conducive to cracking. The absence of liquid feeding in the final stages
of solidification processes and elevated levels of thermal stress during additive manufacturing
further exacerbate the propensity for cracking. Therefore, merely adjusting processing parameters
simplistically cannot effectively eliminate the cracking of Inconel 738. Numerous researchers
endeavour to suppress the cracking of Ni-based superalloys during laser additive manufacturing
by optimizing processing parameters, preheating the substrate, and employing modified

Figure 2.3. Weldability of Ni-based superalloys as a function of Al + Ti content [29]. <]
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laser-beam profiles [30]. Furthermore, researchers are actively exploring methods such as introducing
nanoparticles and varying the design of superalloys to alter the constituents of materials.

2.3 Additive manufacturing superalloys: microstructure and
mechanical properties

2.3.1 Microstructure characteristics

A high-energy laser creates a melt pool on the surface of the material to be deposited during the
additive manufacturing process. After that, the laser quickly moves along the scanning path,
creating a sharp temperature gradient from the top to the bottom of the melt pool as well as a rapid
cooling rate. This produces a unique thermal environment that has a big impact on the deposited
alloys’ microstructure. The temperature gradient (G) and the solidification rate (R) are the two
main solidification parameters that affect the microstructure. While their product, GR, affects the
microstructural size, the ratio of G to R determines the microstructure’s morphology.

In AM-fabricated samples, grains typically grow epitaxially from the preceding layer, resulting
in coarse columnar grains spanning several layers. The pronounced texture observed in these
samples may stem from the interaction between epitaxial and competitive growth, which is governed
by the alignment of the grains’ preferred orientation with the local thermal gradient. Moreover,
micro-segregation during the solidification process is a critical factor, particularly in superalloys
that contain substantial amounts of solid solution elements such as Cr and Mo in Hastelloy X, Nb
and Mo in Inconel 718 and Inconel 625. This segregation leads to the development of heterogeneous
substructures, such as cellular structures, and the formation of secondary phases. These secondary
phases typically form in the interdendritic regions, contributing to the material’s strong anisotropic
mechanical properties.

Figure 2.4(a) depicts the microstructure of the as-deposited Hastelloy X alloy produced by laser
directed energy deposition. The dendrite trunk constituted the y matrix, while the interdendritic
region comprised the Mo-rich y phase and carbides. The as-deposited Hastelloy X exhibits
prominent characteristics of epitaxial growth along the building direction, which is one of the
typical microstructural features of additive manufacturing samples. As illustrated in Figure 2.4(a),
the microstructure along building direction primarily consists of columnar dendrites, initiated by the
primary dendrites’ epitaxial development from the previously deposited layer’s remelted area. The
direction of growth is mostly determined by the direction of heat dissipation, and these previously
deposited layers act as pre-nuclei for microstructural growth.

Electron backscatter diffraction (EBSD) results from Figure 2.4(b) illustrate the presence of
coarse columnar grains ranging from approximately 31 um to about 332 um along the building
direction. As shown in Figure 2.4(c), fine columnar cellular/dendritic structures can be distinctly
observed in the longitudinal section with subtle secondary dendrite arms. However, the columnar
dendrites reveal a cellular network in the transversal section. A typical micro-segregation phenomenon
is demonstrated in Figure 2.4(d). EDS mapping and line scanning studies reveal that the cellular
structure is enriched in Cr and Mo elements. Mo and Cr accumulated in the interdendritic areas as a
result of segregation during solidification, ultimately creating this substructure. The precipitation of
the second phase between dendrites was further aided by segregation.

Parimi et al. [32] examined the influence of laser scanning path and laser power on the texture of
Inconel 718 thin-walled builds fabricated through direct laser fabrication (DLF). Figure 2.5 presents
EBSD results of the longitudinal direction of the Inconel 718 thin-walled samples. Specifically, B1
represents a unidirectional deposition path, B2 corresponds to a bidirectional deposition path, and
B3 indicates a bidirectional deposition path with increased laser power.

Fine grain zones at the layer interfaces between inclined columnar grains were a characteristic
of the banded grain structure seen in both the B1 and B2 samples (Figure 2.5(a) and (b)). While the
columnar grains primarily displayed <001> and <101> textures, the tiny grains revealed random
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Figure 2.4. Microstructure of the as-deposited Hastelloy X alloy fabricated by laser directed energy deposition.

(a) optical microscopy (OM); (b) EBSD inverse pole figure (IPF); (c) scanning electron microscopy-backscattered electron

(SEM-BSE) image; (d) magnified SEM-BSE image from the transverse direction shown in (c) along with corresponding
energy dispersive spectroscopy (EDS) results [31]. <[]

textures. Because of the high thermal conductivity of Ni-superalloys, which causes a rapid cooling
process during DLF and prevents epitaxial development, this banded structure forms.

As illustrated in Figure 2.5(c), the B3 sample, deposited with higher laser power, exhibits
fine columnar grains at the bottom regions. As deposition progresses, grains transition into
coarser columnar structures that grow along the building direction. The <001> pole figures for B3
demonstrate a pronounced texture.

The microstructure has a preferred texture with grains growing epitaxially parallel to the <001>,
which corresponds to the direction of the maximum thermal gradient. This alignment is typical for
FCC alloys due to its crystallographic favourability. Because of the substrate’s diminishing heat
sink effect, higher laser powers are associated with lower cooling rates, which causes the melt
pool temperature to rise steadily with build height. Consequently, when building height grows, the
grain structure gets coarser. Furthermore, it is anticipated that the high melt pool temperature and
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Figure 2.5. EBSD maps for samples (a) B1, (b) B2, and (c) B3, along with their corresponding <001> pole figures shown
in (d), (e), and (f) [32]. <]

continuous heat flux during bidirectional high-power deposition will result in the full re-melting of
succeeding layers, encouraging the formation of epitaxial grains.

As one of the characteristics of additive manufacturing microstructures, micro-segregation
is a significant challenge in LAM of Ni-based superalloys. Micro-segregation refers to the
non-uniform distribution of alloying elements within the microstructure of the material. During
the rapid solidification process inherent to LAM, different elements solidify at different rates,
leading to compositional gradients within the dendritic structures. This segregation can result
in the formation of secondary phases or precipitates, which may be detrimental to the material’s
mechanical properties. The presence of micro-segregation impacts the overall performance of
Ni-based superalloys produced by LAM. Non-uniform distribution of elements can lead to localized
areas of weakness, increasing susceptibility to cracking under thermal and mechanical stresses.

Inconel 718, a Ni-based superalloy, is widely studied in the context of laser additive
manufacturing and shows pronounced micro-segregation characteristics. Because of their low
solubility in the y-matrix, elements like Nb, Mo, and Ti segregate into the interdendritic regions
during the solidification of Inconel 718. The local thermodynamics of Inconel 718 are drastically
changed by this segregation, which also affects the forces that propel the formation of different
phases. Consequently, during solidification, phases like Laves, 3, NbC, and TiN form in the
interdendritic areas. Additionally, the precipitation kinetics of the strengthening phases (y'/y"’) in the
y-matrix are impacted by the segregation of these elements. The impact of micro-segregation on the
performance of Inconel 718 is considerable. The as-built microstructure of additively manufactured
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Inconel 718 typically consists of a supersaturated y matrix, Laves phase, and a limited amount of
strengthening y" and vy’ particles. The presence of brittle Laves phase in the interdendritic regions,
due to the segregation of Nb, Mo, and Ti, can be detrimental to the mechanical properties of the
material.

Zhang et al. [33] investigated the micro-segregation and formation of Laves phases in Inconel
718, comparing samples fabricated using selective laser melting (SLM) to those fabricated by
laser-directed energy deposition (L-DED) and casting. Figure 2.6 presents the microstructure of
Inconel 718 produced by casting and L-DED, alongside quantitative analyses of the Laves phase,
Nb-rich regions, and the matrix under different conditions. Unlike the discrete Laves phases
observed in cast samples, the L-DED samples exhibited long, chain-like Laves phases located in the
interdendritic regions.

Notably, large Nb-rich regions surrounding the Laves phase are observed in both cast
and L-DED-built Inconel 718, as shown in Figure 2.6(b) and (e). The volume fraction of these
Nb-rich regions is approximately 33.0% in cast Inconel 718 and 14.0% in L-DED-built Inconel
718. EDS research shows that Nb concentration rises from the dendrite trunk into the interdendritic
Laves phase. In cast Inconel 718, the average Nb concentrations in the Laves phase, Nb-rich area,
and dendritic core are around 31.01 wt%, 6.80 wt%, and 1.23 wt%, respectively. For L-DED-built
Inconel 718, Nb concentrations are 22.15 wt% in the Laves phase, 10.59 wt% in the Nb-rich region,
and 1.62 wt% in the dendrite trunk. The significant difference in Nb concentration between the
Nb-rich region and the y-matrix leads to distinct corrosion morphologies and a clear interface between
these regions in both cast and L-DED-built Inconel 718. However, in SLM-built Inconel 718, the
average Nb concentrations in the Laves phase and dendritic trunk are 19.35 weight percent and
2.37 weight percent, respectively, and Nb-rich areas are hardly noticeable. SLM attains noticeably
greater cooling rates than casting and L-DED. This rapid cooling enhances the dendritic growth rate
and solute trapping during the solidification of the molten pool. Consequently, in SLM-built Inconel
718 more Nb atoms are kept in the matrix and less Nb atoms are released to produce inter-dendritic
Laves phases. This results in reduced micro-segregation.

In this study, we emphasize that understanding and controlling micro-segregation are crucial for
optimizing the mechanical performance and reliability of LAM-fabricated nickel-based superalloys.

Figure 2.6. Microstructure of Inconel 718 produced by different fabrication methods: (a, b) casting; (d, e) L-DED;
quantitative analysis of the Laves phase, Nb-rich regions, and the matrix in cast, L-DED-built, and SLM-built Inconel 718:
(c) volume fraction; (f) Nb content [33]. <1
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Effective control of the solidification process is essential in minimizing micro-segregation and
enhancing the performance of these high-temperature materials. Currently, many researchers are
exploring various laser deposition techniques to mitigate micro-segregation. These efforts aim to
improve the uniformity of element distribution within the alloy, thereby enhancing its structural
integrity and performance under extreme conditions.

Chen et al. [34] investigated the effects of two different laser beam modes, flat top laser beam
(FTLB) and gaussian distribution laser beam (GDLB), on micro-segregation and Laves phase
distribution. The distinct energy distribution profiles of the FTLB, produced using a diode laser,
and the GDLB, generated by a fibre laser, are illustrated schematically in Figure 2.7(a) and (b).
Figure 2.7(c—d) and Figure 2.7(e—h) display the typical distribution of Laves phase in the transverse
section of as-deposited FTLD-Inconel 718 and GDLD-Inconel 718 samples, respectively.

It is evident that the Laves phase distribution in both FTLD-Inconel 718 and GDLD-Inconel
718 samples varies with the deposition height. At the bottom, the Laves phase appears fine and in
low fraction due to the significant cooling effect from the substrate, which results in high cooling
rates. In the middle section, there is a coarse and high fraction of Laves phase formation due to
increased thermal accumulation as the deposition progresses. At the top, the formation of the Laves
phase is reduced again. The significant cooling at the base leads to the formation of finer Laves
phases. As deposition continues, heat accumulation increases.

The interdendritic region in the heat-affected zone re-melts when the subsequent layer is heated
and when secondary solidification takes place. Increased Laves phase development is the outcome
of this process, which permits further dendritic growth and interdendritic micro-segregation.

Compared to the GDLD-Inconel 718 samples, the Laves phase distribution in FTLD-Inconel
718 samples is more discrete and uniform, with a lower overall content, indicating a reduced level

Figure 2.7. Schematic of laser energy distribution patterns and Laves phase distribution: (a) FTLB, (b) GDLB; (c—¢) Laves
phases in bottom, middle and top regions of FTLD-Inconel 718; (f-h) Laves phases morphologies in bottom, middle and top
regions of GDLD-Inconel 718 [34]. &1
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of micro-segregation. Higher melt pool temperatures and a smaller ratio of horizontal to vertical
thermal gradients at the solid-liquid interface are the outcomes of the GDLD method’s extreme laser
energy concentration at its core. The interdendritic micro-segregation and Laves phase development
in the GDLD-Inconel 718 samples are greatly enhanced by these thermal properties of the
GDLD-induced melt pool, which also results in a decreased redistribution coefficient for alloying
elements. This comparison analysis shows that the FTLD mode outperforms the GDLD mode for
laser additive manufacturing.

Xiao et al. [35] conducted a comprehensive study on the effects of both continuous-wave (CW)
and quasi-continuous-wave (QCW) laser modes on micro-segregation and Laves phase formation
during laser additive manufacturing. Figure 2.8 illustrates the morphologies of the Laves phase
and Nb segregation under these two laser modes. Under the CW mode (Figure 2.8(a)), coarse
and interconnected Laves phase particles are observed. In contrast, the QCW mode results in the
formation of fine and discrete Laves phase particles throughout the entire sample (Figure 2.8(b)).
According to the EDS analysis, Nb segregation is more pronounced in the CW sample compared to
the QCW sample (Figure 2.8(c—f)). The average Nb concentration in the Laves phase particles of the
CW sample is approximately 18.73 wt%, whereas it is reduced to 15.77 wt% in the QCW sample.

The QCW laser mode encourages the formation of fine, discrete Laves phase particles,
decreases Nb segregation, and improves the synthesis of fine equiaxed dendrites. This is explained
by the QCW mode’s enhanced solute trapping, quicker dendritic growth rates, and higher cooling
rates. Conversely, columnar dendrites, more severe Nb segregation, and continuously distributed
long-chained Laves phases are typically produced by the CW laser mode.

Further, Xiao et al. [36] studied the influence of laser modes on the control of Nb-rich
precipitates in laser additive-manufactured Inconel 718. As shown in Figure 2.9, the SEM-EDS
mapping reveals the segregation patterns of samples fabricated under quasi-continuous-wave laser
additive manufacturing with different processing parameters, specifically laser pulse frequencies.
The analysis shows significant enrichment of Nb and Mo elements in the Laves phase within
the interdendritic regions, while these elements are depleted in the dendrite core regions. The
interdendritic eutectic regions surrounding the Laves phase exhibit notable micro-segregation
of Nb and Mo, displaying a slight increase in brightness. It is observed that the dendritic growth
mode is closely linked to the segregation pattern in the as-fabricated samples. Variations in laser
pulse frequency lead to different thermal histories during solidification, which in turn affect the
distribution and concentration of segregated elements. These microstructural characteristics play a
crucial role in determining the mechanical properties and performance of the final alloy.

Figure 2.8. SEM images illustrating the morphology of Laves phase particles and the distribution of Nb elements in the
interdendritic regions: (a, ¢, and d) CW sample and (b, e, and f) QCW sample [35]. <1
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Figure 2.9. SEM images and corresponding EDS mappings of Nb and Mo for as-deposited Inconel 718 samples by
quasi-continuous-wave laser additive manufacturing with different laser pulse frequencies. (a—c) 50 Hz; (e-h) 10 Hz [36].

d
2.3.2 Mechanical properties

Due to the complex thermal gradients and cooling rates inherent in additive manufacturing
processes, the microstructural anisotropy, grain morphology, and crystal orientation of produced
Ni-based superalloy components often exhibit significant differences. Consequently, these
components typically display pronounced mechanical anisotropy.

It is well established that horizontally oriented AM parts generally possess higher mechanical
strength compared to vertically oriented ones. Various studies have shown that when the load
is parallel to the building direction, AM samples exhibit higher ductility, lower strength, and
lower elastic modulus, including a reduced Young’s modulus [37]. Conversely, when the load is
perpendicular to the building direction, the samples demonstrate lower ductility, higher susceptibility
to cracking, higher elastic modulus, and increased strength.

Factors influencing the anisotropy of tensile properties include grain morphology (e.g., columnar
grain morphology), crystallographic texture (e.g., <100> fiber texture), precipitate arrangement, and
lack-of-fusion defects [38]. The anisotropy of tensile properties are closely related to the preferred
grain orientation and grain morphology. During laser additive manufacturing, the directional heat
flux and significant thermal gradient along the building direction result in the directional growth of
grains and the development of texture.

Ni-based superalloys produced through LAM exhibit significant variations in strength
depending on the loading direction. When the load is applied parallel to the building direction, the
alloy typically demonstrates lower strength. This phenomenon occurs because, in this direction, the
grains grow along the building direction, forming columnar grains. These columnar grains have
weaker grain boundary strengthening effects, resulting in reduced overall material strength. This
reduction in strength is primarily due to the ease with which dislocation slip occurs within the
columnar grains under tensile load.

Conversely, when the load is applied perpendicular to the building direction, the material’s
strength is significantly enhanced. The grain boundaries of the columnar grains prevent dislocations
from moving in this direction, which increases the material’s strength because the grain growth
direction is perpendicular to the loading direction. This anisotropic behavior can be explained by the
crystallographic orientation and the morphology of the columnar grains.

Zhao et al. [39] investigated the impact of homogenization heat treatment on the properties
of Inconel 718 alloy deposited through laser powder bed fusion (LPBF) along both vertical and
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Figure 2.10. Illustration of the correlations between process, structure, and properties in LPBF Inconel 718 tensile samples:

(a) vertically and horizontally printed tensile samples schematic diagram; (b) grain morphology and tensile direction for

the vertical sample; (c) grain morphology and tensile direction for the horizontal sample; (d) engineering yield strength;
(e) engineering elongation of horizontal and vertical tensile samples under different heat treatments [39]. ]

horizontal directions. The method, structure, and property relationships in LPBF Inconel 718
tensile samples are shown in Figure 2.10. Although the ductility shows the opposite tendency, the
data show that for as-deposited samples, the horizontal samples’ yield strength is greater than the
vertical samples’. Specifically, the vertical sample’s XZ plane has a grain size of 61.4 pm, while the
horizontal sample’s XY plane has an average grain size of 29.5 um. Because of the Hall-Petch effect,
the horizontal sample exhibits a larger yield strength than the vertical sample (Figure 2.10(d)).

As illustrated in Figure 2.10(d) and (e), the ratios of the mechanical properties of horizontal
and vertical tensile samples were used to assess the anisotropic qualities. In an ideal isotropic
scenario, the ratio value is 1. According to the findings, even after homogenization heat treatment,
the anisotropy in mechanical properties cannot be eliminated.

Figure 2.11 illustrates the mechanical analysis of various microstructures under mechanical
load. Equiaxed dendrites exhibit uniform force distribution, while columnar dendrites display
significant mechanical anisotropy. As shown in Figure 2.11(ii), columnar grains can withstand greater
tensile/compressive stress along the direction of grain growth. Studies have indicated that columnar
grains provide optimal high-temperature mechanical performance when the load is applied along
the grain growth direction [40]. However, for applications involving multidirectional stress, this
anisotropy can be detrimental.

When considering columnar dendrites with multiple grain growth directions, the ability
of individual grains to bear external loads is further diminished. This is due to the conflicting
orientations among different columnar dendrites, which increases the likelihood of premature failure
at the midpoint of a columnar grain, as depicted in Figure 2.11(iii). This interaction among grains
with varying growth directions compromises the structural integrity and load-bearing capacity of
the material.
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Figure 2.11. Mechanical analysis of various microstructures under mechanical load [41]. &1

Ductility is influenced by several factors, including grain size, texture, precipitates, grain
boundary conditions, and defects. In the context of laser additive manufacturing, specimens
printed horizontally exhibit lower ductility, whereas those printed vertically demonstrate higher
ductility. This phenomenon can be attributed to columnar grains in horizontally printed samples
being oriented perpendicular to the tensile load direction, facilitating easier crack propagation along
grain boundaries, and thereby reducing material ductility. Conversely, in vertically printed samples,
columnar grains are aligned parallel to the tensile load direction, aiding crack propagation within the
grains and thereby enhancing material ductility.

The anisotropy in ductility can be due to variations in grain boundary elongation, which results
in various cracking mechanisms. Columnar grain boundaries serve as pathways where damage
preferentially accumulates, ultimately causing failure. The cracking mechanisms are determined by
the angles between the tensile load and the directions of columnar grain boundaries [42].

Schematic diagram of different fracture mode is shown in Figure 2.12. In horizontal samples,
tensile loads are perpendicular to the columnar grain boundaries (Figure 2.12(b)), conforming
to Mode I opening tension. This alignment facilitates easy crack opening and results in low
ductility, as the long axis of the grain boundaries aligns well with Mode I crack openings under
tension. Dislocation pile-ups encourage the development of microcracks along the columnar grain
boundaries, which lessens the horizontal samples’ ductility.

In vertical samples, the tensile loads are aligned parallel to the columnar grain boundaries, as
illustrated in Figure 2.12(a). Consequently, only a few the grains’ short axes are subjected to Mode
I opening tension, making it more challenging for opening failure to occur. The crack tip openings
are deflected when the columnar grains are parallel to the tensile stress. Friction stress is introduced
on the crack surfaces between adjacent columnar grains as a result of this deflection, which persists
as the crack widens [44]. The fatigue fracture opening and growth process is slowed down by this
friction, suggesting increased ductility. Additionally, this alignment implies that grains that are more
closely aligned with the tensile axis promote slip at lower applied stresses, increasing the material’s
ability to accommodate plastic deformation prior to fracture.

Moreover, the non-uniform distribution of grain sizes can significantly impact the material’s
ductility. Research indicates that during plastic deformation, the uneven distribution of grain size
and morphology leads to stress concentration and variations in dislocation density between different
grains, which in turn affects the material’s strain hardening behavior and overall ductility. For
instance, larger grains, due to their weaker strain hardening effect, are more prone to becoming
pathways for crack propagation, thereby reducing the material’s ductility [45].
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Figure 2.12. Schematic diagram of different fracture mode: (a) vertical tensile sample (tensile loads are parallel to the grain
boundary) and (b) horizontal tensile sample (tensile loads are perpendicular to the grain boundary) [43]. ]

2.4 Engineering application of additive manufactured superalloys
2.4.1 High performance complex geometric structure

Due to their exceptional resistance to high-temperature corrosion, dimensional stability, and
outstanding mechanical strength—particularly in terms of tensile strength, creep resistance,
and fatigue resistance—Ni-based superalloys are well-suited for high-temperature, high-stress
environments that are exposed to severe corrosive conditions [46]. These superalloys maintain
their remarkable strength at elevated temperatures through mechanisms including solid solution
strengthening and precipitation hardening. Their properties make them ideal for applications where
temperatures can exceed 1000°C, particularly in critical sectors such as aerospace, automotive, and
energy industries that operate under high-temperature conditions [47]. Many Ni-based superalloys
are currently utilized in aircraft components. For instance, Ni-based superalloys make up more than
half of the mass of a sophisticated aviation engine [48]. It is reported that 18.2% of the revenue in
the AM industry is received from the aerospace and aeronautical sectors [49].

Because of their great strength and large work hardening rate, Ni-based superalloys are difficult
to machine despite having excellent mechanical properties. Complex geometries are difficult to
fabricate using conventional manufacturing methods like labor-intensive casting and forging
because of these factors, which also result in low material removal rates and higher tool wear. With
the rapid advancement of aerospace components, there is a growing demand for intricate structures
and lightweight designs, which poses substantial challenges to traditional manufacturing processes.

In the aerospace industry, LAM presents a variety of applications for Ni-based superalloys. It
enables the production of high-performance engine components, including turbine blades, turbine
discs and combustion chambers, which require complex geometries, high strength, and resistance
to elevated temperatures.

LAM’s ability to fabricate freeform designs makes it especially suitable for aerospace
applications, offering significant design flexibility that traditional manufacturing methods cannot
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achieve. The key advantages of additive manufacturing include the ability to create complex internal
structures and cooling channels, thus optimizing component performance and enabling higher service
temperatures. This capability has sparked considerable interest among turbine manufacturers. LAM
also provides significant benefits such as reduced costs and lead times, the introduction of novel
materials, lightweight designs, and the consolidation of multiple components. These improvements
enhance performance and risk management by integrating internal cooling features and minimizing
traditional joining processes.

The Ariane Group has successfully developed the injector components for the Ariane 6 rocket
utilizing LAM technology. As illustrated in Figure 2.13, the injector core was produced using LAM
technology with Inconel 718. Typically, injector systems in rocket engines comprise hundreds of
individually manufactured parts, which were traditionally joined through brazing and welding into
a single injector head. The implementation of LAM significantly reduces both the production time
and costs associated with this process.

As a key component of high temperature and high performance in rocket engine systems,
regenerative cooling channel wall nozzles (CWN) are a widely used design in the propulsion sector
for fabricating nozzle structures with internal coolant channels. The scale and complexity of CWN are
challenging to design, with stringent requirements for materials, tight tolerances for manufacturing
and assembly, thin-wall characteristics, manufacturing processes, and more, resulting in long lead
times and expensive costs. DED technology is being tried in regen-cooled nozzles. DED can net
shape individual components through coaxial powder feeding (as shown in Figure 2.14), and this
fully integrated channel configuration close to the final shape can minimize the overall number
of parts. DED has the potential to create whole CWN with integrated coolant channels in a single
additive manufacturing. Through the complex and thin-walled properties of DED manufacturing,
the manufacturing schedule is greatly reduced.

NASA has effectively utilized DED for the fabrication of large structures, particularly for
rocket engine components such as large-scale CWN and powerhead components. Typical examples
of large DED components at NASA are shown in Figure 2.15. As illustrated in Figure 2.15(a),
the integral channel DED nozzle can achieve a diameter of up to 1.52 m and a height of 1.78 m,
confirming the feasibility of producing large parts with integrated channel features via DED. When
compared to nozzles that are normally built in full-scale designs, these nozzles demonstrate the
possibility of reducing the number of parts.

Additional components fabricated using DED include various large-scale manifolds and
complex parts such as the Inconel 718 powerhead half-shell and the DED JBK-75 nozzle. The use
of AM can significantly minimize the extensive machining operations associated with traditional
forging and casting methods, resulting in considerable cost and schedule savings due to shorter
deposition times with DED.

Figure 2.13. Injector core fabricated by laser AM for the Ariane 6 rocket [50]. ]
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Figure 2.14. Nozzle manifold fabrication by DED [51]. <]

Figure 2.15. Large DED components at NASA (a) integral channel nozzle fabricated by DED form NASA, (b) Inconel 718
powerhead half shell and (c) DED JBK-75 nozzle [50]. <

2.4.2 Repair and remanufacturing

In addition to the production of high-performance complex components, AM is widely utilized
for the repair and remanufacturing of parts. For high-value, intricate structures, advanced repair
techniques can significantly extend their service life, thereby substantially reducing expenditures
in the maintenance, repair, and overhaul (MRO) sector and offering substantial economic and
environmental benefits.

Figure 2.16 shows AM applications in repair and restoration in different fields. AM is used
in different parts and equipment in aviation, automobile, shipbuilding, railway, mining, mold,
pharmaceutical and other fields. Many industrial equipment service conditions are severe, in high
temperature, high pressure, overload, high impact, vibration, fatigue, wear, erosion and other harsh
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Figure 2.16. AM applications in repair and restoration in different fields [52]. <

Figure 2.17. Representative remanufactured parts deployment by AM [52]. <

conditions of service, resulting in scratches, peeling, cracks and pits, partial fracture, corrosion, etc.,
damage and loss of function. AM can greatly reduce the abandonment rate of parts and equipment,
and reduce the loss of parts and materials.

Figure 2.17 shows some typical parts remanufactured using the AM method. It can be seen
that turbine blades, which are typical of the aviation sector, account for the highest proportion,
up to 31%. In addition, mold & die and mechanical equipment accounted for 13%, and the 9%,
respectively, listing the second and third. This confirms that aerospace continues to be the sector
with the highest adoption of AM remanufacturing.
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Figure 2.18. Laser additive manufacturing repair of (a) marine diesel engines and (b) aviation turbine blade tip [55]. <J

As one of the most promising AM technologies for repair and restoration, DED technology
operates independently of a powder bed, providing a high degree of geometrical freedom without
the constraints of build size limitations. This enables the fabrication of very large components using
this method. Different from the repair method of traditional welding techniques, DED has a smaller
heat input, accompanied by a smaller geometric distortion and residual stress in the repaired parts.
Furthermore, DED can produce parts with intricate geometries and enhanced dimensional accuracy,
making it both advantageous and cost-effective.

Consequently, DED has become as a pivotal technology for automated repair and restoration
of worn-out products, particularly for expensive components, returning them to as-new states for
subsequent life cycles. DED offers extended flexibility for strong metallurgical bonds and has
become widely employed in the repair of high-value Ni-based superalloy components in aerospace
applications, such as turbine blades, airfoils and impellers.

Figure 2.18 illustrates two representative applications of laser additive manufacturing repair in
marine and aerospace industries. The repair of marine diesel engine crankshafts demonstrated that
the reconstructed structure exhibits strong metallurgical bonding, with a favourable grain structure
between the substrate and the cladding material [53]. This repair process resulted in minimal dilution
and distortion, as well as improvements in hardness, sufficient strength, increased fatigue resistance,
and enhanced corrosion resistance. As depicted in Figure 2.18(b), Kelbassa et al. [54] utilized laser
cladding to repair the leading edges of blisks using various aerospace material powders, including
Inconel 718. The repaired components achieved the necessary static and dynamic mechanical
properties following the application of suitable post-weld heat treatments.

Laser cladding techniques have been successfully used by Guo et al. [56] for gas turbine blade
fusion repair. Their study concentrated on employing Inconel 713 powder and laser powder fusion
to fix the Z notch on Inconel 713 turbine blades. The results indicated that gas turbine blades can be
effectively repaired via laser cladding, with the repaired areas demonstrating good deposition, and
strong bonding to the substrate without cracks, pores and other defects.

Figure 2.19 presents a case study of blisk repair. The T700 Blisk, constructed from AM355
steel, exhibits wear and erosion along its leading edge. To address this, a superalloy material was
employed to repair the leading edge using the DED technique. Mechanical performance tests
revealed that the repaired blisk demonstrated favorable metallurgical, tensile, and erosion resistance
properties, allowing it to meet certification requirements. Furthermore, it successfully passed spin
and low-cycle fatigue assessments.
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Figure 2.19. DED repair process of T700 Blisk (a) DED repair process, (b) T700 blisk after leading-edge repair and

(c) repaired blisk after finishing [50]. <]

2.5 Summary

This chapter provides a summary of the content related to additive manufactured superalloys and
their applications. It primarily discusses the following aspects: superalloy categories in additive
manufacturing, microstructure and mechanical properties of additive manufacturing superalloys,
and engineering applications of additively manufactured superalloys. The main conclusions are
summarized as follows:

)

2)

3)

4

Ni-based superalloys are crucial in high-temperature applications due to their excellent
properties. These alloys, typically used in environments above 650°C, are categorized into
solution-strengthened and precipitation-strengthened types. Solution-strengthened superalloys,
such as those with an FCC matrix, are strengthened by elements like Co, Fe, Mo, and W.
Precipitation-strengthened alloys, like Inconel 718, gain strength from the y’' phase. Key
superalloys in LAM include Inconel 625, Hastelloy X, Inconel 718, and Inconel 738, each
offering unique properties for aerospace, industrial, and high-temperature applications.
However, superalloys like non-weldable Inconel 738 face challenges in weldability and
machinability due to high Ti and Al contents.

In LAM, high-energy lasers induce rapid cooling and thermal gradients that significantly
influence the microstructure of Ni-based superalloys. Typical microstructural features of
AM-fabricated superalloys include epitaxial growth along the build direction and pronounced
grain orientation along the <001> direction. Severe micro-segregation during solidification,
particularly in Hastelloy X and Inconel 718, leads to secondary phases that weaken mechanical
properties. Altering the laser mode, such as using quasi-continuous-wave or flat-top laser beams,
can reduce segregation and promote finer, equiaxed dendrites, improving alloy performance
and reliability.

LAM of Ni-based superalloys results in significant mechanical anisotropy due to complex
thermal gradients and cooling rates. This anisotropy is affected by grain morphology,
crystallographic texture, precipitate arrangement, and defects. When tensile loads are applied
parallel to the building direction, lower strength is observed due to the alignment of columnar
grains facilitating dislocation movement. Conversely, loads applied perpendicularly enhance
strength as grain boundaries obstruct dislocation motion. Additionally, grain size and orientation
significantly influence ductility, with vertical samples exhibiting higher ductility compared to
horizontal samples, where crack propagation along grain boundaries occurs.

Ni-based superalloys are essential for high-performance and high-temperature applications in
aerospace, automotive, and energy sectors due to their exceptional strength, corrosion resistance,
and high-temperature stability. However, traditional manufacturing methods struggle with
their complex geometries. LAM offers unique advantages, enabling the production of intricate
components with internal cooling channels while reducing costs. It is particularly effective for
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fabricating parts like rocket injectors and turbine blades, and plays a vital role in repair and
remanufacturing, enhancing the lifespan and performance of high-value components.

Despite the widespread adoption of LAM in industrial applications, several critical challenges
remain unresolved, hindering its full potential. One of the key issues is the difficulty in controlling
and eliminating defects, such as lack of fusion, inclusions, and porosities, which can significantly
compromise the integrity of the final product. Additionally, the high-temperature mechanical
behaviour of parts produced via LAM is often unpredictable, leading to potential fatigue performance
degradation over time. Real-time defect detection, especially during the manufacturing process, is
another challenge that limits quality assurance and process control. Moreover, LAM is still struggling
with issues related to low production rates for high-volume manufacturing, making it less suitable
for mass-production applications. The limited range of materials available for LAM, especially for
high-performance superalloys, calls for the development of new, additive-friendly superalloys or
customized materials to meet specific performance requirements. Post-processing challenges also
remain, as many LAM-produced parts require extensive finishing to meet dimensional and surface
quality standards.

Considering techno-economic considerations, part complexity, and surface finish quality
requirements, future advancements are likely to focus on hybrid manufacturing approaches,
combining additive and subtractive methods into a single system. This integrated approach
simplifies part fabrication by reducing the number of production steps, and enables the manufacture
of complex, high-performance components with internal structures that were previously difficult or
impossible to achieve with traditional methods. This evolution will help improve both the efficiency
and capability of LAM, potentially transforming its application in advanced industries.
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Chapter 3

Predicting 3D Temperature Field of
Inconel 718 Multi-layer Deposition
using Physics Informed Neural Network

3.1 Introduction

The temperature of the melt pool in the actual DED process is difficult to measure and is easily
affected by factors such as powder beam and melt pool disturbance, resulting in significant noise
in the measurement results. This makes it difficult to analyze the accumulation of heat and abstract
theoretical mathematical formulas. To quantify the thermal accumulation effect in the multi-layer
bidirectional scanning DED process and provide theoretical support for offline optimization of DED
forming parameters, this section will analyze and abstract the thermal accumulation law in the
multi-layer DED process through numerical simulation.

In addition, the model obtained by numerical simulation has a large amount of data and is only
suitable for offline analysis, which cannot meet the needs of online prediction. Therefore, this paper
adopts a new type of PINN (Physics-Informed Neural Networks) to model the temperature field,
which combines the physical laws followed in the DED process with data-driven methods. With less
data, this method can model the temperature field, making it easier to quickly obtain the temperature
at a certain time and position.

3.2 The finite element model for multi-layer DED temperature field
3.2.1 Governing physics laws of heat transfer during the DED process

In the DED processing, transient heat conduction can be described by the following partial
differential equation (PDE) according to Fourier’s law of heat conduction [1]:

D ZwheZw DLy o0 G.1)
t Ox ox oy Oy 0z Oz

Here, T is a function of temperature with respect to spatial coordinates (X, y, z) and time t, p
is the material density (kg/m®), ¢ is the specific heat (J/kg-°C), and k is the thermal conductivity
(W/m-°C) of the material. p, ¢, and k are all thermal properties parameters, and their values will be
related to temperature. The thermal properties parameters used in the numerical simulation in this
paper are obtained from the Engineering data database in ANSYS Workbench 19.0, as shown in
Figure 3.1. In addition, the initial and boundary conditions are considered:
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Figure 3.1. The thermos-physical properties of Inconel 718: (a) density; (b) heat conductivity; (c) specific heat. 1

Here, T}, is the initial temperature, which is set to 22°C, and T}, is the temperature of the air,
which is equal to Tj,. 4, is the convective heat transfer coefficient, which is set to 25 W/(m?-°C),
and ¢ is the radiative heat transfer coefficient, which is set to 0.5 [2], o is the Boltzmann constant,
and ¢ is the laser heat input. This paper uses the following Gaussian function to describe the energy
distribution of the laser spot:

3np

q(x,y,0)  —5-expf 3><(x_x°_v;t) ) (3.3)
r

r

Here, p is the laser power, r is the effective radius of the laser spot on the workpiece plane,
which is set to 0.8 mm. n is the laser energy utilization ate, which is set to 0.45 for Inconel 718 [3],
and v, refers to the scanning speed.

3.2.2 The establishment of a finite element model

The finite element model has a substrate of Inconel 718 alloy with dimensions of 60 mm x 15 mm
x 10 mm, and the geometric size of the deposited layer is 40 mm X 2 mm x 0.4 mm. To analyze the
temperature distribution during the DED process, while reducing the calculation time and hardware
resource requirements, the finite element simulation in this study is conducted for six continuous
layers of DED. After determining the geometric structure, the model is then meshed for subsequent
solving. The granularity of the mesh partition will affect the accuracy of the solution. The finer the
mesh, the more accurate the calculation results, but it will also increase the demand for solving
time and memory. Under the condition of a fixed memory size, excessively fine mesh partitioning
may even lead to insufficient memory for further calculation. Therefore, it is necessary to make
a reasonable mesh partitioning. In this study, different mesh partitioning methods with different
granularities are adopted for different calculation regions. As shown in Figure 3.2(a), the mesh
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Figure 3.2. (a) Mesh generation and (b) the scanning strategy. 1

partitioning is the densest for the DED cladding area, which is the most concerned region. The
mesh partitioning is also finer for the substrate near the cladding area because it needs to participate
in heat conduction. However, for the substrate area far away from the cladding area, sparse mesh
partitioning is used. The “birth-death element” method is used to load the DED laser heat source.
The Gaussian heat source movement is simulated through APDL programming. When the heat
source moves to a certain position, the corresponding element is activated, and the heat source acts
on that element. The model calculation is completed on a 64-bit PC with a 6 GB GPU, a 6-core
2.9 GHz CPU, and 16 GB RAM. A typical bidirectional scanning method is used, as shown in
Figure 3.2(b).

In this study, Gaussian heat sources with different laser powers and scanning speeds were
implemented, and the corresponding temperature fields were obtained through heat source loading
and finite element calculation. To verify the reliability of the finite element model calculation results,
the center temperature of the molten pool was measured with a two-color infrared pyrometer as it
changed over time, and it was compared with the molten pool temperature obtained from the finite
element simulation. The results show that, as shown in Figure 3.3, the center temperature of the

Figure 3.3. Validation for the result of FEM. ¢
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molten pool obtained through finite element simulation matches well, with that measured through
DED experiments, which proves the accuracy of the finite element model.

3.3 Multi-layer DED thermal accumulation analysis

Figure 3.4 shows the overall temperature field distribution at three positions in the second, fourth,
and sixth layers when using bidirectional continuous scanning with a laser power of 240 W and a
scanning speed of 5 mm/s. From right to left in each layer, the positions are the starting point of the
end, the middle position, and the end of that layer. The high-temperature area at the starting point
of the end of the same layer has the largest volume and the most obvious thermal accumulation.
As it moves away from the starting point of the end, the temperature of the molten pool and the
overall high-temperature area decreases. However, near the end of that layer, the temperature of
the molten pool and the volume of the high-temperature area increase, which is due to the change
in the heat dissipation conditions relative to the middle position. At the end, heat conduction can
only occur towards the middle and downward, so the temperature of the molten pool will increase.
Comparing the temperature distribution at the same position in different layers, it can be found that,
the volume of the high-temperature area and the temperature of the molten pool increases with the
number of deposited layers. This is because of the continuous heating of the laser. When the heat
generation rate is greater than the heat dissipation rate, heat accumulates, resulting in an increase in
the temperature of the molten pool and the area of the high-temperature area, until the deposition
height becomes higher and the heat dissipation conditions gradually improve, and the overall input
energy and lost energy of the printed component reach a balance.

To more directly reflect the change in the temperature of the molten pool under thermal
accumulation, Figure 3.5 shows the change in the temperature of the center of the molten pool over
time. Due to heat accumulation, the temperature of the molten pool increases continuously with the
number of deposited layers, and the temperature of the center of the molten pool gradually increases
from 1980°C in the first layer to 2230°C in the sixth layer. However, the temperature of the center
of the molten pool will not continue to increase rapidly layer by layer, and its rate of increase will

Figure 3.4. The temperature field in different DED layer: (a) layer 2; (b) layer 4; (c) layer 6. ]
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Figure 3.5. The molten pool temperature over time. 1

gradually slow down with the increase in the number of deposited layers. This is because the formed
cladding layer will increase the overall heat dissipation area, thereby improving the heat dissipation
conditions and ultimately making the heat dissipation and heat generation tend to balance.

Moreover, starting from the second layer, the temperature of the center of the molten pool near
the starting point of the end of each layer is much higher than that in the middle position, and the
thermal accumulation effect is obvious. This is because the bidirectional scanning method is used,
and the area near the starting point of the end is acted on by the laser twice in a very short time, and
the molten pool is heated again before it has cooled down, resulting in heat accumulation and a sharp
increase in the temperature of the molten pool. As it moves away from the starting point of the end,
the original middle position undergoes cooling for a certain period and has better heat dissipation
conditions, so the temperature of the center of the molten pool is lower.

Next, further research was conducted on the temperature distribution of the molten pool in
the starting point area. Figure 3.6 shows the surface temperature field of the molten pool at three

Figure 3.6. The temperature fields near endpoints of layer 4 and layer 6. 1
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positions near the starting point of the end in the fourth and sixth layers. The laser scans from
right to left. It can be clearly seen from the figure that the closer to the starting point of the end,
the larger the area of the molten pool, and at the same horizontal position, the area of the molten
pool in the sixth layer is larger than that in the fourth layer. This further illustrates the existence of
layer-by-layer thermal accumulation in the vertical direction and thermal accumulation near the
starting point of the end in the horizontal direction during bidirectional continuous scanning, and the
phenomenon of thermal accumulation near the starting point of the end is obvious.

To analyze the rules of layer-by-layer thermal accumulation in the vertical direction and
thermal accumulation near the starting point of the end in the horizontal direction, the temperature
of the molten pool at the middle position of each deposited layer was extracted in turn. Because
the temperature of the molten pool in the middle area of each layer changes less, it is conducive to
analyzing the relationship between the temperature of the molten pool and the number of deposited
layers. As shown in Figure 3.7, there is a certain quantitative relationship between the temperature
of the center of the molten pool and the number of deposited layers, and this relationship can be
quantitatively expressed by a mathematical relationship. This lays the foundation for this paper to
formulate parameter offline optimization strategies based on the quantitative relationship between
the temperature of the molten pool and the number of deposited layers in subsequent chapters.

In addition, this paper extracted the relationship between the temperature of the molten pool
at a certain position near the starting point of the end in each deposited layer and its distance to the
starting point of the end. As shown in Figure 3.8, there is a significant thermal accumulation effect
at different positions near the starting point of the end in different deposited layers, and the closer
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Figure 3.7. The changing rule of the molten pool temperature over the DED layer number. <

Figure 3.8. The peak temperatures of the molten pool near the endpoint. </
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to the starting point of the end, the higher the temperature of the molten pool is compared to the
middle position. Moreover, the temperature of the molten pool in each layer shows a similar pattern
of change with distance. As thermal accumulation can cause irreversible effects on DED forming,
in subsequent chapters, this paper will further quantitatively analyze the change in the temperature
of the molten pool near the starting point of the end and optimize the processing parameters offline
based on the change in the temperature of the molten pool near the starting point of the end.

3.4 The temperature field prediction model based on PINN

The first two sections of this chapter used numerical simulation methods to calculate the temperature
field in the multi-layer DED process and visualized the thermal accumulation under bi-directional
continuous scanning. Although the finite element method can model the temperature field in the DED
process, the results obtained by this method are generally suitable for offline analysis and cannot
meet the requirements of real-time prediction. Firstly, the finite element model will obtain many
elements after fine grid division, so the data volume at each time step is huge. For example, even
if the model established in this paper is small and only contains 6 layers of DED, the temperature
data obtained at each time step has reached nearly 200,000. Secondly, in numerical calculations, the
time step is refined to about 0.02 s. The DED simulation in this paper lasted for 48 s, so there will be
2400 sets of data at different time points, totaling nearly 50 GB of temperature field data files. If you
need to obtain the temperature at a certain position at a certain time, there are roughly two methods.
(1) Use numerical simulation software to open the calculated model, export the temperature field
data at a certain time, and then search for the temperature at a certain position. This method has
complex operation steps and low automation. (2) Export the temperature field data of each time step
to a file, then establish a temperature field database, and then read the data at a certain position at a
certain time from the database. This method requires a lot of operations to export data in the early
stage and occupies a lot of disk space to store tens or hundreds of GB of data. Moreover, searching
for a certain data from billions of data is not efficient, and carrying a database file of hundreds of
GB is not conducive to the development of offline software.

Therefore, it is necessary to model the temperature field and realize real-time prediction of the
temperature field. By establishing a prediction model with process parameters, spatial coordinates,
and time as inputs and temperature as output, the corresponding temperature can be quickly obtained
according to the input, which is conducive to making offline adjustment strategies based on the
temperature at different positions. Therefore, a new PINN algorithm will be used to model the
temperature field below.

3.4.1 An overview of PINN

When solving the complex nonlinear relationship between the input [x, t] and the output u,
data-driven methods are usually used, such as training a fully connected neural network to establish
the mapping between the input and output (see Figure 3.9(a)). The parameter update of the neural
network requires forward and backward propagation. In the backward propagation, the gradient
descent method is used to optimize the parameters, so that the loss function converges, where the
loss function represents the difference between the predicted value and the true value in supervised
learning. The accuracy of the data-driven model depends on the quantity and representativeness of
the training data. The larger the amount of data, the higher the accuracy of the model.

In fact, in real physical scenarios, [x, t] and u usually satisfy some underlying physical laws,
and these physical laws can be described by relevant PDEs. However, purely data-driven methods
often ignore this useful physical information and rely solely on a large amount of data to fit complex
relationships. If we can use the underlying physical laws to constrain the machine learning process,
then the training process of the model will not only be data-driven but also guided by physical
relationships.
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Figure 3.9. The schematic diagrams of (a) the fully connected neural network and (b) the general form of PINN. ]

PINN combines data-driven and physics-guided approaches to train neural networks.
Specifically, assuming that the input [x, t] and output u satisfy the general form of the physical
PDE [4]:

Z—':+N[u;/1] 0,xeQ,te[0,T] 3.4

where u(x, f) represents the target function relationship between the input and output, and is also the
solution that satisfies the PDE. N(u; 1) is a nonlinear partial differential operator, A represents the
parameters in the PDE, is the computational domain of the system, and [0, 77 is the time range. To
embed the physical laws represented by the PDE into the neural network, r(x, t) is used to represent
the residual of the PDE:

r(x,t) = %+N[u;/1] (3.5)

If the output uy(x, f) of the neural network is close to the feasible solution u(x, f) of the
PDE (Equation 3.4), then r(x, f) will approach 0, indicating that the function relationship between
the input and output satisfies the physical laws described by the PDE. As the predicted values
of the model approach the true values, the input and output also gradually approach the feasible
solution of the PDE. r(x, t) is calculated by computing the partial derivatives of the model’s output
uNN(x, t) with respect to the input x and t. Therefore, the neural network that predicts u(x, f) and
the neural network that computes the residual r(x, f) can share the same neural network parameters.
They can be unified into one neural network by designing a loss function, and the neural network
parameters are optimized by minimizing the newly designed loss function. The new loss function is
constructed as follows:

L I=+1L, (3.6)
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Here, L, represents the mean squared error between the model’s output values and the actual
values, which penalizes the difference between the predicted values and the actual values. L,
represents the mean squared error of the PDE residual, which penalizes the difference between
the relationship between the current input and output and the feasible solution of the PDE. The
schematic diagram of PINN is shown in Figure 3.9(b).
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Compared with pure data-driven machine learning, models based on PINN have clearer physical
meanings and interpretability. In traditional machine learning, the nonlinear relationship between
the model’s input and output is obtained by fitting a large amount of data, without considering the
underlying physical laws in the actual scenario. However, PINN embeds the PDE that describes
the physical laws into the loss function, guiding the relationship between the input and output to
approach the feasible solution of the PDE during the learning iteration. Specifically, the purpose of
each backward propagation of the neural network is to minimize the loss function and gradually
approach 0. If the input value and predicted value deviate from the feasible solution of the PDE
at this time, the absolute value of the PDE residual will be amplified, and the value of the loss
function will also be amplified (see Eq. 3.6 and Eq. 3.8). Then, the optimizer based on gradient
descent will update the parameters of the neural network, reduce the value of the loss function, and
gradually approach the solution of the PDE in the next prediction. In summary, the learning process
of the PINN model is guided and constrained by the PDE, so the PINN model is not a completely
data-driven model, but a hybrid model driven by both data and physical laws.

3.4.2 DED temperature field modeling based on PINN

The basic theory of PINN has been introduced above. In the following, PINN will be used to model
the temperature field during the DED deposition process. Section 3.2.1 of this chapter describes
the heat transfer control equations in the DED process, which represent the physical laws of heat
conduction. Therefore, it is possible to use the heat conduction PDEs satisfied in the DED process
to establish a PINN temperature field prediction model.

Compared to pure data-driven machine learning, the core idea of PINN is to use relevant
physical laws and given data to train neural networks [5]. To embed physical laws into the neural
network, PINN uses the residual of the PDE as part of the loss function, so that the iterative learning
process can be constrained by physical laws. In the actual DED process, the thermal properties
parameters of the material, p, ¢, and k in Eq. 3.1, are not static but vary with temperature. If each of
these parameters is modeled separately, the complexity will be very high. Instead, this paper uses
the diffusion coefficient o to reflect the heat transfer ability of the material (see Eq. 3.9). The true
value of « is difficult to determine through experimental measurement, and it is also difficult to
define with a clear function. Even if a can be approximated by an approximate function, the function
will be very complex, and an inaccurate function cannot reflect the true heat diffusion state of the
DED process. Once inaccurate values or functions are embedded in the neural network, the problem
of gradient explosion may occur during the learning process, causing the loss function to fail to
converge and the model to fail to train successfully. Therefore, like the weights and biases in the
neural network, a will be treated as a parameter and updated through data-driven methods to obtain
the expected prediction accuracy.
a_T_a.(aZT +82_T_|_82_T)
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To embed the above heat conduction PDE into the neural network, let R represent the residual
of the heat conduction PDE:
_or T o'T o
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Where T is the output of the neural network at each iteration. When 7 satisfies the heat conduction
PDE, the value of R, will approach 0, indicating that the predicted temperature field satisfies the
heat conduction PDE. Therefore, the convergence process of RT is consistent with the process of
the model’s predicted temperature approaching the true temperature. Thus, R, will be embedded
into the loss function as an additional constraint in the learning process. Considering the initial and
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boundary conditions, the newly designed loss function consists of four parts: (1) data constraint
Ljuq (2) physical law constraint L, ... (3) initial condition constraint L, and (4) boundary
condition constraint Ly,,,,4,,,- Therefore, the loss function is defined as:
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Where 7is the predicted temperature of the model, 7@ is the true temperature, T}” is the predicted
temperature of the model at £ = 0 s, T is the true temperature at t = 0 s, 7, is the predicted
temperature in the boundary region, and 7' (l?is the true temperature in the boundary region.

The DED temperature field prediction model based on PINN is shown in Figure 3.10. The
model’s inputs include process parameters, time, and spatial coordinates x, y, z. After forward
propagation, the model outputs the predicted temperature. To obtain the numerical value of the loss
function during backpropagation, automatic differentiation (AD) [6] is used to calculate the partial
derivatives of T with respect to ¢, x, y, and z, respectively. The function relationship between the
input and output has been established, and AD can calculate the partial derivatives based on the
chain rule of differentiation. Finally, an optimizer is used to iteratively optimize the neural network
parameters (weights, biases, and o) to minimize the loss function.

To determine the appropriate number of hidden layers, the number of neurons in each hidden
layer, and the learning rate, this paper conducted a detailed study using 5000 training samples and
2000 testing samples. As shown in Table 3.1, this paper used grid search to determine the optimal

Figure 3.10. The temperature field prediction model using PINN. ]
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combination of the number of hidden layers and neurons in each layer. The prediction error was
evaluated using the relative L, norm error, e |3 y|, /], Where  is the predicted value and y
is the true value. In addition, the learning rate a lso affects the speed of model convergence and the
accuracy of model prediction. As shown in Table 3.2, this paper tried different learning rates to find
the appropriate value. Finally, the PINN contains 5 hidden layers, each with 50 neurons, and the
learning rate of 0.0005 is the most suitable.

In PINN, the relationship between the front and back layers of each hidden layer can be
expressed as follows:

a, tanh(W,*a, ++b,) (3.16)

Where a,_; is the output of the i1 layer, g; is the output of the i-th layer, I, represents the weight
vector of the i-th layer, and b, is the bias vector of the i-th layer. tanh is the activation function in
the model. Compared with the rectified linear unit (ReLU) activation function, the tanh function is
a smooth function centered at 0, which can accelerate the backpropagation process [7]. The Adam
optimizer combines the advantages of the AdaGrad and RMSProp optimizers, is easy to implement,
and has a small m 107 [8]. In the model, the loss function is first optimized by the Adam optimizer
for 30,000 steps, and then further optimized by the L-BFGS optimizer for 10,000 steps to ensure that
the model converges sufficiently.

Considering that the loss function can be composed of different combinations of Eq. 3.12~15,
this study examined the prediction error of the following forms of loss function: Ly, Lypysics
LdataJerhysics’ Ldata+Linit+Lboundary’ Lphysics+Linit+Lb0undar' Grid search was used to find the Optimal
number of hidden layers, number of neurons, and learning rate for each combination. The results are
presented in Table 3.3, and for comparison, the errors obtained using the loss function in the PINN
model are also included in the table. The results indicate that using only the physical term L, ;.
in the loss function cannot accurately predict the temperature because we cannot directly solve
the PDE without boundary conditions. When the boundary condition L;,,,4,,, and initial condition
L,,;; are added, the prediction error is reduced. The model performs best when the data term L ,,, is
further added to the loss function, indicating that the physics-informed and data-driven PINN model
is more suitable for temperature field modeling.

Table 3.1. The prediction error (10-2) using the grid search method (the learning rate is 0.0005). <

Neurons 30 40 50 60
Layers

3 4.72 4.84 4.82 5.01

4 5.39 5.11 5.16 5.46

5 7.73 5.97 2.61 6.73

6 2.62 2.56 5.38 2.72

Table 3.2. The prediction error for different learning rates. <]

Learning rate 0.0001 0.0005 0.001 0.005 0.01

Error (10-%)

4.93

2.61

3.90

14.9 47.8

Table 3.3. Prediction errors using different forms of the loss function. <l

The loss Ldata Lphysics Ldata + Lphysics Lphysics + Linil + Ldala + Linit + Ldam + Lphysics + Linit
function form Lboundar Lboundarv + Lboundarv
Error (%) 7.52 82.6 5.72 6.68 5.88 2.61
Learning rate | 0.0005 | 0.0005 0.0005 0.0005 0.0005 0.0005
Hidden layer 5 2 5 5 4 5

Neurons 50 50 50 40 30 50
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3.4.3 Model evaluation and experimental validation

This paper applies PINN to temperature field modeling in multi-layer DED to verify the reliability
of the proposed method in the DED process. Using data generated by the finite element method, the
training set consists of 6000 random samples from each sedimentary layer, and the test set consists
of 2000 random samples from the remaining data. We use a 6 GB GPU, a 6-core 2.9 GHz CPU,
and 16 GB RAM on a 64-bit PC to run the PINN model. To fully utilize the advantages of GPU in
parallel computing, PINN uses the Tensorflow-GPU package for encoding.

This paper evaluates the performance of the temperature field prediction model based on PINN
using the error evaluation indicators shown in Table 3.4. The prediction accuracy of the model is
evaluated from three different perspectives: RMSE, MAE, and MRE. The smaller the values of
these indicators, the closer the predicted results are to the actual values, and the smaller the error of
the model. R? reflects the correlation between the predicted results and the actual values. When R?
is close to 1, it indicates that the output of the prediction model is strongly correlated with the actual
values.

This paper establishes a temperature field prediction model for multi-layer DED based on
PINN and verifies the applicability of this physics-data hybrid method in complex DED situations.
In multi-layer sedimentation processes, laser scanning strategies and substrate preheating are
two important means of controlling workpiece quality. The temperature field under different
sedimentation methods can lead to different distributions of thermal stress inside the workpiece,
which is closely related to cracks and other defects. Here, the PINN method is used to model
the DED temperature field under three different scanning strategies and preheating conditions
(Table 3.5). The actual DED process is simulated for 48 seconds (6 layers for bidirectional scanning
and 3 layers for unidirectional scanning), with a laser power of 240 W and a scanning speed of
5 mm/s.

Figure 3.11 shows the predicted temperature fields on the cross-section (see Figure 3.12) during
the DED process under the three conditions. The thermal accumulation becomes more obvious

Table 3.4. Evaluation indices of the model. <[]

Indices Description

Root mean squared error |«
RMSE /;Z(j;(”— yy
il

Mean absolute error

MAE 1 PO 0
me
Mean relative error 1 o |3® _ 0
MRE —Y|XF
me y
R? m
2OV -0y
RP il
Y -y"y
il

Table 3.5. Processing conditions of the three cases (240 W, 5 mm/s). </l

Cases Scanning strategy Preheating condition Layer number
1 Bidirectional No Preheating 6
2 Bidirectional Preheated to 400°C 6
3 Unidirectional No preheating 3
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with the increase of DED sedimentation layers, and the temperature of the molten pool gradually
increases, while the heat-affected zone continues to expand. Due to the sufficient cooling of the
formed sedimentary layer during the return stage of the laser processing head, the temperature of
the unidirectional scanning is lower than that of the bidirectional scanning. The temperature field
predicted by the PINN method matches well with the finite element calculation results. As shown
in Table 3.6, the MRE of the model’s predicted temperature under the three conditions are 0.8%,
1.85%, and 3.5%, respectively, and the R? values are 0.99, 0.97, and 0.99, respectively. Therefore,
PINN can accurately and reliably model the temperature field in multi-layer DED.
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Table 3.6. Prediction performance in different multi-layer DED cases. d

Cases RMSE (°C) MAE (°C) MRE R?

1 10.87 4.42 0.8% 0.99
2 28.30 12.85 1.85% | 0.97
3 18.05 9.46 3.5% 0.99

Figure 3.13 shows the predicted thermal history at the fixed position (point A in Figure 3.12)
on the sedimentary layer/substrate interface with and without preheating conditions. The MAE of
the predicted temperature by PINN under the preheating and non-preheating conditions are 13.15°C
and 8.59°C, respectively. Due to the preheating of the substrate, its peak temperature is higher
than that without preheating, which is consistent with previous research results [9]. In addition, the
temperature difference between the highest and lowest temperatures of each thermal cycle under
the preheating condition is smaller than that without preheating. Therefore, substrate preheating
can produce smaller thermal stress and deformation at the sedimentary/substrate interface [10, 11].

Figure 3.14 shows a comparison of the thermal history at the fixed position (point A in
Figure 3.12) on the sedimentary layer/substrate interface between unidirectional and bidirectional
scanning. The results show that the predicted thermal history by PINN is consistent with the
finite element calculation in both trend and value. The MAE of the predicted temperature under
unidirectional and bidirectional scanning are 13.15°C and 7.38°C, respectively. Compared with
continuous heating under bidirectional scanning, each sedimentary layer under unidirectional
scanning will be sufficiently cooled during the return stage of the laser head due to the heating stop.
As shown in Figure 3.14, during each thermal cycle, the sedimentary layer/substrate interface under
unidirectional scanning experiences greater temperature fluctuations compared to bidirectional
scanning, which will result in greater residual stress [12].

To verify the reliability of the temperature predicted by the PINN model, this paper conducted
three different DED experiments on Inconel 718. Multi-layer DED is widely used in the
manufacturing of Inconel 718, and different laser scanning strategies are usually adopted to control
the temperature distribution. This paper used bidirectional and unidirectional scanning to verify the
predicted results of PINN. In addition, another DED experiment was conducted under the condition
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Figure 3.13. Comparison between the thermal history of point A obtained by FEM and by the PINN method under preheating
condition and no preheating condition. «J]
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Figure 3.14. Comparison between the thermal history of point A obtained by FEM and by PINN. ]
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of bidirectional scanning, that is, preheating the substrate (the substrate was heated to 400°C
with a laser before sedimentation). All the above experiments were conducted at a laser power of
240 W, a laser scanning speed of 5 mm/s, and a powder feeding rate of 7.6 g/min, which are suitable
parameters for obtaining good forming quality. At the same time, a dual-color infrared thermometer
was used to collect the real-time temperature of the molten pool, and the verification results are
shown in Figure 3.15.

Figure 3.15(a) shows a comparison between the predicted molten pool temperature by PINN
and the measured temperature in the DED experiment under bidirectional scanning. The predicted
temperature by PINN is consistent with the measured molten pool temperature. Considering the
fluctuation of the measured values, the predicted MRE is 4.83%. Figure 3.15(b) shows a comparison
between the predicted and measured temperatures under the condition of preheating the substrate
to 400°C before DED. The molten pool temperature gradually increases with the increase of
sedimentation layers, indicating the existence of thermal accumulation in multi-layer DED. It can be
seen from the figure that the predicted temperature is consistent with the actual temperature in both
trend and value, and its MRE is 2.85%. Figure 3.15(c) shows a comparison between the predicted
and measured temperatures under unidirectional scanning. In this case, due to the sufficient cooling
time of the deposited layer during the return stage without laser heating, the thermal accumulation
effect is not obvious. Under this scenario, the MRE of the predicted temperature by PINN is 3.21%.
The experimental verification results show that modeling the temperature field in the DED process
using PINN is effective and reliable.

3.4.4 The physical part in the loss function of PINN

To verify the applicability of the proposed physics-data hybrid modeling method to other materials
besides Inconel 718, this paper also used PINN to model the temperature field of 316L stainless
steel to check the residual term of the heat conduction PDE in the loss function of the trained PINN
model. If the trained PINN model is constrained by the heat conduction law, then the residual of
the heat conduction PDE in its loss function should tend to zero. To verify this, this paper randomly
selected 1200 sample points from each test set of the two materials as the input of the model, and
then calculated the predicted temperature T through forward propagation, and then calculated the
partial derivatives of T with respect to x, y, z, and ¢ through automatic differentiation (AD), and
finally obtained the residual of the heat conduction PDE in the loss function. Figure 3.16 shows
the PDE residual values obtained using randomly selected samples. The results show that the PDE
residual values in the PINN models of Inconel 718 and 316L stainless steel are close to zero, and
the mean absolute values are 0.0016 and 0.0017, respectively. The good convergence of the PDE
residual indicates that the PINN-based model has been constrained by physical laws after training.
The true diffusion coefficient of a material is often difficult to determine experimentally.
In addition, the measured diffusion coefficient cannot be directly substituted for a (see Eq. 3.9)
because the physical units of the input data have been eliminated by normalization. This paper
treats a as an unknown variable that can be inferred based on the temperature distribution data
during the learning process. As shown in Figure 3.17, the value of « is continuously updated with
the learning iterations of PINN until it reaches the default convergence criterion of the L-BFGS
optimizer. Figure 3.18 shows the relationship between 6,7 and V2T (see Eq. 3.10) in the loss function
after forward propagation of randomly selected samples in the test set through the trained PINN
model. The results show that they follow a linear distribution, and the fitted slope represents a.
The o obtained by fitting on the test set is almost identical to the a learned in Figure 3.17, and the
linear relationship between 0,7 and V*T in the obtained model is consistent with the design in the
initial loss function, which further demonstrates that the trained model is constrained by the heat
conduction law. In addition, the evaluation of the PINN model in the previous section also shows
that the strategy of dynamically updating o is effective and can improve the prediction accuracy of
the model. Therefore, the main structure of the physical term in the loss function of the proposed
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Figure 3.16. The residuals of PDE estimated with randomly chosen input data for the trained models of Inconel 718 and
316L stainless steel.

Figure 3.17. The updating process of o during learning. ]

PINN model is determined by the heat conduction PDE, but the involved parameter o is updated
as a variable during the model training process through iteration. Therefore, the PINN temperature
field prediction model mixes physical laws with data in two aspects. First, the loss function consists
of the mean square error of the difference between the predicted temperature driven by data and the
true temperature, and the mean square error of the residual of the heat conduction PDE representing
physical laws. On the other hand, the definition of the physical term in the loss function is based on
the heat conduction law, while the corresponding parameter a in the physical term is determined by
data-driven methods.
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Figure 3.18. Predicted 6,7 versus N°T after implementing the forward propagation on the trained model.

3.4.5 Comparison with data-driven methods

To further investigate the performance of the PINN model, we compared it with other data-driven
models, including DNN, LSTM, and XGBoost. DNN is a typical data-driven machine learning model
that gradually approaches the actual value through repeated iterations. LSTM solves the problem of
gradient disappearance by regulating gates (see Figure 3.19). XGBoost improves gradient boosting
trees and has been widely used due to its high computational efficiency and excellent performance
[13]. In XGBoost, each tree serves as a weak base learner and fits the residual of the previous learner
to improve the performance of the model.

This paper investigated the dependence of the above models on the sample size of the training
data. Multiple sets of input data were used to train PINN, DNN, LSTM, and XGBoost, and then the
same test data was used for validation. The prediction accuracy of the test data set was evaluated
using an error formula based on the relative L, norm [14]:

S0y
REA (3.17)

Accuracy

Figure 3.19. Schematic diagram of LSTM. I
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Figure 3.20. The accuracy of the temperature field prediction models with different number of training data. 1]

Here, p is the predicted value, y is the true value. To obtain a reliable model, the training set
not only needs to have enough samples but also needs to cover most cases. Figure 3.20 describes
the changes in the prediction accuracy of the four models with the variation of the training sample
size. A common feature of the PINN, LSTM, DNN, and XGBoost models is that using a larger
training set can achieve higher prediction accuracy. In temperature field prediction, XGBoost is
most dependent on the amount of training data. When the number of training data is less than
2000, XGBoost has the lowest prediction accuracy among the four algorithms. When the number of
training data reaches 80,000, the prediction accuracy of XGBoost can reach 96%, which is higher
than LSTM but still lower than PINN. Overall, the PINN model has higher prediction accuracy and
less fluctuation than LSTM, XGBoost, and DNN, which is particularly significant when the training
data is less than 10,000. In summary, the PINN model can achieve higher accuracy without a large
amount of training data.

In addition, this paper evaluated the minimum training data required for the four modeling
methods to achieve the same accuracy. As shown in Figure 3.21, the training data sample size
required for PINN to achieve 80% accuracy is only 12% of that required for DNN. Specifically,
DNN requires a data size of 5000, LSTM requires a data size of 2000, while PINN only requires
a data size of 600. To achieve 90% accuracy, training DNN and XGBoost requires a data size of
20,000, training LSTM requires a data size of 8000, while training the PINN model only requires
a data size of 4000. This means that PINN can achieve the same prediction accuracy as DNN and
XGBoost with only 20% of the training data required. Therefore, the training data required for
PINN is much less than that required for LSTM, XGBoost, and DNN. Since the loss function of
PINN consists of physical and data terms, the parameters updated at each iteration not only make
the predicted values close to the true values but also approach the feasible solution of the partial
differential equation. Therefore, using a physics-data hybrid model based on PINN is very useful
when the cost of collecting training data through experiments or numerical simulations is high, and
the corresponding physical process can be defined by some physical PDEs.

To comprehensively evaluate the performance of the PINN temperature field prediction model,
this paper compared the computational efficiency of the above four models when achieving the
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Figure 3.21. The required minimal number of training samples for achieving the given accuracy. 1

Table 3.7. Computational efficiencies for achieving the accuracy of 90%. 1

Methods DNN LSTM XGBoost PINN
Number of training data needed 20000 8000 20000 4000
Training time cost (s) 182.06 235.19 10.18 622.41
Mean prediction time cost (ms) 0.18 1.03 0.01 0.20

same 90% prediction accuracy, as shown in Table 3.7. XGBoost, as a decision tree algorithm,
has the highest computational efficiency in model training and prediction, but it requires more
training data than PINN to achieve the target accuracy. Compared with DNN, PINN requires a
large amount of additional automatic differentiation operations to calculate the partial derivatives
of the loss function, resulting in a significant increase in computational cost and training time.
However, the difference in average prediction time cost between PINN and DNN is small. Among
the three models, LSTM has the highest average prediction time cost. Overall, the PINN-based
model can achieve higher prediction accuracy with less data and a few minutes of computation time.
Considering the long time and high cost of training data collection in DED manufacturing, it is more
advantageous than XGBoost, DNN, and LSTM.

3.5 Summary

This chapter studied the temperature distribution characteristics and temperature modeling methods
in the multi-layer DED process of Inconel 718. The thermal accumulation in multi-layer DED was
analyzed by finite element simulation, and the temperature field was modeled based on PINN. The
following conclusions were obtained:

1) There is a layer-by-layer increase in thermal accumulation in the vertical direction in
multi-layer DED, and the pool temperature increases layer by layer. Due to the improvement of
heat dissipation conditions, the temperature rise rate becomes slower and slower. In addition,
in the horizontal direction, the starting position of each layer’s end point is repeatedly heated
in a short time during the bidirectional scanning, and the thermal accumulation phenomenon
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is obvious. The pool temperature is higher at the end, and then gradually decreases as it moves
away from the end.

2) Analysis shows that there is a certain regularity in the layer-by-layer change of the pool
temperature and the change of the pool temperature near the end of the same layer. Quantitative
relationships can be proposed based on this change pattern in the future.

3) A DED temperature field prediction model based on PINN was proposed, which can accurately
model the temperature field. The relative error of the experiment is within 4.81%.

4) The PINN model is more interpretable than traditional data-driven machine learning models
and is supported by physical laws. The main structure of the physical term in the loss function
is determined by the heat transfer law, and the unmeasurable parameters in the physical term
are iteratively updated by data-driven methods. The additional embedded partial differential
equation guides the predicted value to approach the feasible solution during the learning
process.

5) Compared with data-driven machine learning methods such as DNN, LSTM, and XGBoost,
PINN can achieve higher accuracy with fewer training samples due to the additional guidance
of physical laws.
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Chapter 4

Off-line Processing Parameter
Optimization for Excellent Inconel 718
Deposition Shaping

4.1 Introduction

The previous chapter analyzed the temperature field in multi-layer DED, and the simulation
results and experiments both showed that there is a significant thermal accumulation effect in the
multi-layer DED process. This effect is manifested in the fact that the pool temperature increases
with the number of deposited layers, and the temperature at the end position is much higher than
that in the middle position due to repeated heating. The increase in pool temperature will result
in a larger amount of metal powder melted per unit time, resulting in thicker deposition layers,
ultimately leading to uneven deposition layer thicknesses at different deposition layers or different
positions in the same layer. To compensate for the uneven deposition layer thickness caused by the
thermal accumulation effect, fixed parameters should not be used for processing throughout the
entire process. Instead, the process parameters should be dynamically adjusted based on the changes
in the pool temperature.

However, there is currently a lack of quantitative models to describe how to adjust process
parameters to reduce the forming errors caused by the thermal accumulation effect, and only rough
adjustment plans are available. To address this issue, this chapter will establish a mathematical model
between the pool temperature and the DED forming thickness based on the geometric relationship,
mass conservation relationship, energy conservation relationship, and other factors in multi-layer
DED forming. Then, the change pattern of the pool temperature in the multi-layer DED process will
be analyzed. Based on the established basic relationship between forming size, pool temperature,
and process parameters, corresponding quantitative optimization strategies will be proposed from
three different angles: Z-axis lifting amount, laser power, and scanning speed to reduce the deviation
caused by thermal accumulation and ensure the uniform thickness of the deposition layer.

4.2 The analysis of the multi-layer DED formation characteristics

In the multi-layer DED process, the forming quality is affected by the processing parameters.
Among the process parameters of multi-layer DED, laser power, scanning speed, powder feeding
rate, and Z-axis lifting amount have the greatest impact on the forming effect, and there is a strong
coupling relationship between these parameters. As shown in Figure 4.1, laser power and scanning
speed determine the line energy. When the line energy input is too low, the powder entering the melt
pool cannot be completely melted and solidified into a reliable deposition layer. Even if a reasonable
Z-axis lifting amount and powder feeding rate are determined, the formed component will still have
forming defects such as material loss and poor fusion. The powder feeding rate directly determines
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Figure 4.1. The forming characteristics of the DED fabricated part with too low energy input. </

the maximum amount of powder that can enter the melt pool per unit time. When the powder
feeding rate is too low, even if the line energy is high, it is impossible to obtain the expected height
and width of the deposition layer. On the contrary, when the powder feeding rate is too high, due
to the attenuation effect of powder flow on the laser beam, such as reflection and refraction, it will
cause defects such as poor fusion.

In addition, the rationality of the Z-axis lifting amount determines whether the final forming
can be successful. As shown in Figure 4.2(a), the focusing characteristics of the powder beam and
laser beam determine that the distance between the processed plane and the nozzle should be within
a reasonable range. When the processing plane coincides with the focusing plane of the powder
beam, the powder beam has the best focusing performance, and more powder can be fed into the
melt pool to form a deposition layer. The value of the Z-axis lifting amount is related to the forming
height of the previous deposition layer. As shown in Figure 4.2(b), if the Z-axis lifting amount is too
high, higher than the thickness of the previous deposition layer, the processing plane may be located
below the lower limit plane of the powder flow, and the powder flow becomes divergent. The powder
entering the melt pool is very small, making it difficult to form the deposition layer. If the Z-axis
lifting amount is too small, the powder will not be well focused, and the powder entering the melt
pool will also be small, and the melt pool radius will be large, resulting in a small deposition height.
Usually, the Z-axis lifting amount is determined by conducting process pre-experiments based on
experimental parameters before the formal DED deposition, and then the value is determined based
on experience. Later in the paper, we will derive the mathematical relationship between the Z-axis
lifting amount and the thickness of the cladding layer from the physical and geometric perspectives
of DED forming.

In addition to the fixed processing parameters that affect the DED forming effect, the existence
of thermal accumulation in the multi-layer DED deposition process will also affect the final

(a) The powder flow of DED and (b) the fabricated parts when the Z-axis increment is too large. <
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forming. Below, we will qualitatively analyze the influence of thermal accumulation in multi-layer
DED on the morphology of the cladding layer. Chapter 3 has visualized the existence of thermal
accumulation in multi-layer DED through numerical calculations, that is, the temperature of the
melt pool will gradually increase with the increase of the number of deposition layers, and during
the multi-layer reciprocating printing, the temperature of the melt pool near the starting point will be
significantly higher than the middle position due to being heated twice in a short time. Theoretically,
the increase in the temperature of the melt pool will enable more metal powder to be captured and
melted by the melt pool, thereby increasing the thickness and width of the deposition layer. The
forming plane will gradually deviate from the focus plane of the powder beam, getting closer to the
nozzle plane, causing the powder focusing performance to deteriorate, resulting in an increase in
the width of the melt pool and a decrease in the layer thickness. However, multi-layer DED usually
has a self-regulating mechanism. After the layer thickness of the current layer becomes smaller,
when printing the next layer, the distance between the nozzle plane and the workpiece plane will be
greater than the current distance, and the powder focusing performance will be better. Therefore,
the width of the melt pool will decrease, and the layer thickness will increase, ultimately making
the width and thickness of each layer of the thin-walled part uneven. Even if this potential layer
thickness self-regulation mechanism can make the deposition process proceed normally, when it
exceeds the self-regulation range, the thermal accumulation problem will directly and significantly
reflect on the forming effect.

As shown in Figure 4.3, with the increase of the number of deposition layers, the temperature
of the melt pool will gradually increase, and more metal will be melted per unit time. Therefore, the
deposition width becomes larger in the upper layers, and there is a phenomenon of metal flowing
to both sides at the end. In addition, when using bidirectional scanning, the area near the end is
repeatedly heated in a short time without timely heat dissipation, making the thermal accumulation
phenomenon in this area more obvious. This causes the thickness near the end to be significantly
higher than the middle area, and this deviation will accumulate with the number of layers, eventually
leading to the problem of excessive deposition at the end.

Therefore, to achieve multi-layer DED forming with uniform thickness, in addition to
determining appropriate initial processing parameters, it is also necessary to consider how to
compensate for the forming deviation caused by thermal accumulation effects. Since the thermal
accumulation phenomenon occurs during the processing, it is necessary to adjust and optimize the
parameters at different stages of DED, rather than using fixed parameters throughout the process.
From the previous analysis, the most direct manifestation of thermal accumulation effect is the
change in the temperature of the melt pool, which will affect the amount of melted metal and thus
affect the height and width of the forming. Therefore, the parameters can be adjusted based on the
change in the temperature of the melt pool to keep the forming thickness uniform and compensate
for the effect of thermal accumulation on the forming. Chapter 3 has studied the temperature field
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Figure 4.3. The multi-layer DED formation without dealing with the heat accumulation. ]
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distribution in the multi-layer DED deposition process, so the following will establish a quantitative
relationship between the forming height and the temperature of the melt pool through physical
modeling. Then, we will study how to compensate for the change in forming height caused by
temperature variation through optimization of processing parameters, thereby weakening the effect
of thermal accumulation on forming.

4.3 Relationship between the geometric dimensions of DED forming and the
temperature of the molten pool

The next task is to translate an academic paper from Chinese to English. The paper explores the
relationship between the geometric dimensions of the formed object and the temperature of the
molten pool from the perspective of the physical mechanism of DED. The study begins by examining
the geometric relationship of the formed object. In the DED process, metal powder is melted by
laser heating to form a molten pool, which is then shaped into the final contour under the combined
effects of gravity, surface tension, protective gas flow, and other factors. According to literature [1]
the cross-sectional geometry of the deposited layer can be represented by a crown-shaped model, as
shown in Figure 4.4, taking into account factors such as surface tension. The center of the crown can
be located above or below the substrate plane depending on the scanning speed. This basic model
can be used to model DED.

During the deposition process, only a portion of the powder stream can be melted by the
laser and enter the molten pool to form the deposited layer. According to the principle of mass
conservation, the mass of the deposited layer that increases per unit length is equal to the mass of
the powder that enters the molten pool per unit length.

A
pS B 4.1)
v
Where p represents the density of the deposited metal, f represents the powder utilization rate, f
represents the powder feeding rate, v represents the scanning speed, and S represents the area of the
crown. As shown in Figure 4.4, the area of the crown can be expressed as:

2

S (WT:+ (R-h))0 —%(R —h) (4.2)

In the above equation, w represents the width of the deposited layer, 4 represents the height,
R represents the radius of the crown, and 0 represents half of the central angle. The expression for
the cross-sectional area S of the crown contains both the angle and the radius of the arc, which
can pose significant mathematical difficulties in subsequent calculations. To facilitate mathematical
calculations, it is best to convert S into an expression that is only a function of the height 4 and
width w. According to the approximate formula for the crown area proposed by Harris [2] in 1998,

Figure 4.4. The cross-section morphology of single track: (a) the schematic diagram; (b) by the optical microscope. <1



80  Laser Direct Energy Deposition 3D Printing of Superalloys

which has an error of less than 0.8% in all calculation scenarios, the cross-sectional area S can be
approximated as:

2wh K
_— =

3 2w
After mathematical manipulation, the area of the crown can be expressed in terms of the height
h and width w of the deposited layer. However, S is still a third-order equation in terms of h, and
even though third-order equations can be solved using root-finding formulas, the results are still
very complex and not conducive to clarifying the relationships between various physical quantities.
It is already very difficult to simplify Eq. 4.3 mathematically. To further simplify the expression
for S, this paper analyzed Eq. 4.3 based on the actual width w and height h of the deposited layer
obtained. The paper substituted the width w and height /2 of 37 deposited layers obtained under
different parameters into the terms of Eq. 4.3 and obtained the following results.

As shown in the results in Figure 4.5, it can be observed that the value of S is almost equal to
the value of the simplified expression, with an average relative deviation of only 1.9%. Therefore,
in the process of modeling the size of the deposited layer, to simplify the calculation results,
Equation 4.3 can be approximated as:

2uh

S 4.3)

S (4.4)
Combining Eq. 4.1 and Eq. 4.4, we can obtain the relationship between the formed height h and
width w, and the powder feeding rate f and scanning speed v:

p B

W 4.5)

Earlier, we established relationships between some parameters based on geometric and mass
conservation principles. However, to study the relationship between the formed dimensions and the
melt pool temperature, we need to analyze the thermal process of laser-directed energy deposition
from an energy perspective. In a steady state, according to the law of energy conservation, the
energy absorbed by the melt pool per unit time Q, is balanced by the energy transferred to the
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Figure 4.5. The comparison between 2w#//3 and S. 1
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substrate by thermal conduction Q,, the energy exchanged with the air by convection Q,, and the
energy dissipated by radiation Q,, i.e.,

Qa = Qc + Qh + Qe (46)

Considering that in the actual process, the energy exchanged by convection and radiation is
negligible compared to the energy transferred by thermal conduction, the above equation can be
simplified as:

0,= 0. 4.7

In addition, during the laser-directed energy deposition process, only a portion of the laser’s
actual power output can be absorbed by the melt pool after being reflected by the substrate, obstructed
by the powder flow, and scattered. Therefore, the power absorbed by the melt pool is related to the
laser’s output power as follows:

0,=np (4.8)

Where 7 is the laser absorption rate. Under transient heat conduction conditions, according to the

heat conduction formula proposed by Holman [3], the energy Q, transferred to the substrate per unit

time by the melt pool is:
KA(T -T,)

ot

(4.9)

Among them, £ is the thermal conductivity, a is the thermal diffusion coefficient of the material,
t is the time that the molten pool exists, and 4 is the surface area of the molten pool. Due to the effect
of surface tension, the entire molten pool can be assumed to be a sphere [4], and its surface area A
can be expressed as

A= yaw? (4.10)

Where y is the shape factor. If the molten pool solidifies immediately after the laser beam leaves the
pool, the time that the molten pool exists can be expressed as:
w
t — (4.11)
v
Therefore, by combining Eq. 4.6 and Eq. 4.11, the expression for the width of the cladding layer
w can be solved as follows:

2

LA (4.12)
m 0

ﬂ'k}/\/;

By combining equations 4.5 and 4.12, a quantitative relationship between the deposition height
h and the molten pool temperature can be obtained as follows:

h ﬁ( mma ]_3ﬂ[ r,-% ]3 (4.13)

2v ﬂkj/\/; p

Finally, Eq. 4.13 is used to establish a quantitative relationship between the height of the DED
deposition layer and the molten pool temperature and process parameters. Under the condition
of constant processing parameters, i.e., when the laser power p, scanning speed v, and powder
feeding rate f remain unchanged, there is a positive correlation between the height of the cladding
layer 4 and the molten pool temperature 7, that is, the higher the molten pool temperature, the
thicker the cladding layer /, which quantitatively reflects the influence of thermal accumulation
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on the geometric dimensions of DED. Eq. 4.13 provides a theoretical basis for compensating for
the thickness variation of the deposition layer caused by thermal accumulation through offline
adjustment of process parameters, that is, it can quantitatively optimize the forming quality from the
perspective of laser power, scanning speed, etc.

On the surface, Eq. 4.13 reflects a negative correlation between the height of the deposition layer
h and the laser power p, that is, the higher the laser power, the smaller the deposition height, which
is opposite to the relationship between laser power and forming height in actual DED processes.
However, further analysis reveals that the powder utilization rate B increases with the increase of
molten pool temperature, and the increase of laser power will improve the powder utilization rate
while raising the molten pool temperature, thereby increasing the deposition thickness. Therefore,
the laser power will ultimately have a positive effect on the DED forming height. In addition,
reference [5] studied the influence of laser power p on the powder utilization rate f through numerical
simulation, as shown in Figure 4.6, there exists a power function relationship of 0.8819 between the
powder utilization rate and the laser power mathematically. After substituting it into Eq. 4.13, the
height of the deposition layer and the laser power will become positively correlated even without
considering the molten pool temperature. Therefore, increasing the laser power p will increase the
height of the deposition layer 4.

During the DED process, there is a thermal accumulation effect, and the molten pool temperature
will increase due to thermal accumulation, which will increase the DED deposition height. If fixed
parameters are still used for DED, poor forming results will occur. This section establishes a model
for the relationship between deposition height and molten pool temperature from a mathematical
and physical perspective, quantitatively analyzes the influence of thermal accumulation on the
deposition layer height, and obtains a quantitative expression, providing a theoretical basis for offline
parameter optimization to compensate for thermal accumulation effects. In addition, numerical
analysis of the three-dimensional temperature field of multi-layer DED has been carried out in
Chapter 3. Therefore, the following will combine the changes of molten pool temperature with
the number of deposition layers and the position of each layer to optimize the process parameters
of DED offline, adjust the process parameters according to the progress of DED, and reduce the
dimensional deviation of forming. In the process parameters of robot-assisted DED, the Z-axis
lifting amount, laser power, and scanning speed are variables that can be accurately adjusted during
the process, while the powder feeding rate also has a significant impact on forming, but the control

Figure 4.6. The theoretical relationship between f and p [5]. ]
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system cannot currently program it. Therefore, the following will focus on optimizing forming from
the perspectives of adjusting the Z-axis lifting amount, laser power, and scanning speed.

4.4 Offline optimization strategy of Z-axis lifting capacity based on molten
pool temperature change

4.4.1 Establishment of Z-axis lift model

The Z-axis lift amount is a crucial processing parameter in multi-layer DED, and determining the
appropriate Z-axis lift amount is the foundation for obtaining good forming results by allowing the
powder beam to focus well. The ideal value of the Z-axis lift amount is to ensure that the distance
between the processing plane and the nozzle can always remain constant, and its value can precisely
compensate for the reduction in distance between the surface of the deposited layer and the nozzle
after the completion of the layer deposition.

If the Z-axis lift amount is too large, the distance between the processing plane and the nozzle
in the printing process of the next layer will be greater than the initial set value, resulting in a larger
defocus amount, a larger laser radius, a lower energy density, and a larger powder beam radius. This
will reduce the amount of metal powder covering the molten pool and ultimately reduce the height
of the deposited layer. If the Z-axis lift amount is set too small, the distance between the nozzle
and the processing plane in the next layer deposition will be smaller than the initial set value. If
the processing plane is higher than the laser beams focal plane, problems such as an increase in the
molten pool radius and poor powder beam aggregation may occur, resulting in an increase in the
width of the final deposited layer and a lower height than expected. If this deviation accumulates
continuously, it may lead to forming failure.

In theory, the Z-axis lift amount can be increased in the region of thermal accumulation, which
can not only reduce the energy density but also reduce the amount of powder entering the molten
pool, thereby compensating for the increase in the thickness of the deposited layer caused by the
increase in molten pool temperature. However, how to quantitatively describe the Z-axis lift amount
based on the thermal accumulation degree at a certain position? In this article, based on the modeling
results in the previous section and the geometric characteristics of multi-layer DED, a theoretical
model of the Z-axis lift amount is established.

According to the previous assumption, the contour of the solidified deposition layer is a circular
crown, and in multi-layer DED, the previously formed layer will serve as the substrate for the next
layer deposition, i.e., the next layer is deposited on the surface of the previous layer. During the
deposition of the next layer, laser heating not only melts the powder entering the molten pool but
also causes partial remelting of the metal in the upper part of the previous deposition layer. The
molten liquid metal is affected by the combined action of gravity, surface tension, and airflow, and
flows to both sides. Eventually, the arc-shaped contour of the previous layer becomes approximately
flat due to remelting. As shown in Figure 4.7, this article approximates the cross-sectional contour
of the previous layer after remelting as a rectangle. The metal in the BCF region of the previous
layer is melted and flows to fill the ABE and CDG regions on both sides, resulting in the following
geometric relationship:

Secr=Sape T Scpe (4.14)

To ensure that the distance between the processing plane and the nozzle remains constant during
the deposition of the next layer, the nozzle needs to be lifted by a height of Az in the Z-axis direction
for deposition on the BC plane. According to the law of conservation of mass, the mass of the first
deposition layer before remelting is equal to the mass after remelting. Therefore, the following
geometric relationship exists:

S4eGp = Sarp (4.15)
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e " Remelting part

Figure 4.7. Theoretical cross section of the two-layer DED. 1]

By substituting the expression for the circular crown area derived from formula 4.4 into
formula 4.13, we can obtain:

2
whz %hl (4.16)
2
3 2
A Zp L{EE \Cpp ps (4.17)
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According to theoretical reasoning, the value of the Z-axis lift amount is not exactly equal to
the thickness of the deposition layer but depends on 2/3 of the layer thickness. Equation 4.17 also
indicates that the theoretical value of the Z-axis lift amount should be related to the temperature of
the molten pool. To ensure that the distance between the processing plane and the nozzle remains
constant at each position during multi-layer DED, it is necessary to adjust the Z-axis lift amount
based on the thermal accumulation during the multi-layer deposition process. When the temperature
of the molten pool increases, the Z-axis lift amount should be set larger. Based on Eq. 4.17, this
article proposes a strategy for adjusting the Z-axis lift amount based on changes in the temperature
of the molten pool. During the layer-by-layer printing process, the temperature of the higher layers
is higher than that of the lower layers, so the Z-axis lift amount is gradually increased layer by layer.
In the same layer, due to the bidirectional scanning of the laser, the temperature of the molten pool
at the starting position of the end is higher, so the Z-axis lift amount needs to be increased.

4.4.2 Z-axis lift optimization strategy based on the temperature distribution
characteristics of molten pool

In Chapter 3, numerical simulations were used to qualitatively analyze the relationship between
the temperature of the molten pool and the number of deposition layers, as well as the temperature
distribution at the ends of the deposition layers. In order to further quantitatively analyze
the relationship between the Z-axis lift amount and the temperature of the molten pool from a
mathematical perspective, the relationship between the temperature of the molten pool and the
number of deposition layers will be analyzed. Firstly, in the vertical direction, the temperature of
the molten pool of each layer will gradually increase layer by layer due to thermal accumulation.
Therefore, the Z-axis lift amount of different deposition layers should be corrected in the vertical
direction. When analyzing the temperature changes in the vertical direction, the middle position of
each layer is taken for analysis. Under the conditions of fixed laser power p, scanning speed v, and
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powder feeding rate f, the Z-axis lift amount is mainly related to the temperature of the molten pool
at the corresponding position of the next layer. Based on Eq. 4.17, the following relationship exists
between the Z-axis lift amount after the end of the i-th layer and the Z-axis lift amount after the end
of the initial first layer:

2
6z (T
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AZ(O) N 27
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0,1,2,3...,n (4.18)

Here, T rﬁ:'“) represents the temperature of the molten pool of the i+1-th layer, Az represents the
Z-axis lift amount after the end of the initial first layer, and according to the theoretical Eq. 4.17,
Az is 2/3 of the deposition height of the first layer:

2
Az §h° (4.19)

Here, h, represents the deposition height of the first layer. In Chapter 3, the temperature of the
molten pool corresponding to the middle position of each deposition layer has been obtained. To
propose the relationship between the Z-axis lift amount and the number of deposition layers for each
layer, the temperature of the molten pool is processed according to Eq. 4.18 as follows:
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Here, ¢, is the vertical gain coefficient, which represents the increase rate of the Z-axis lift
amount of each layer relative to the Z-axis lift amount after the end of the initial first layer in the
vertical direction. 7|, represents the initial temperature of 22°C. By substituting the temperature of
the molten pool at the middle position of each layer into Eq. 4.20, the relationship shown in Figure
4.8 is obtained. Then, the expression for the vertical gain coefficient as a function of the number of
deposition layers is obtained through data fitting:

g, 0998 (1+1)""i 0,1,2,..,n 4.21)

Therefore, by combining Eq. 4.18 to 4.21, the Z-axis lift amount considering only the thermal
accumulation effect in the vertical direction can be expressed as:

Az 0.665h,(i+1)""",i 0,1,2,..,n (4.22)

The above analysis is based on the theoretical analysis of the basic lift amount of the Z-axis
during the layer-by-layer deposition process, which is the lift amount at the middle position of each
layer where the thermal accumulation is not significant. The Z-axis lift amount adjustment strategy
in the vertical direction shown in Eq. 4.22 is summarized. Next, the Z-axis lift amount optimization
strategy will be applied to the areas where the thermal accumulation is more significant at both ends
of each layer. The results in Chapter 3 showed that in each deposition layer, the thermal accumulation
phenomenon is more significant near the starting position of the end, and the temperature of the
molten pool is higher. Therefore, the temperature of the molten pool at the end is processed as
follows. Since the temperature of the molten pool near the end is higher, the Z-axis lift amount
should be increased to a certain extent when approaching the end. Therefore, the horizontal gain
coefficient g, is introduced based on Eq. 4.22 to obtain:

Az 0.655¢,h,(i+1)""i 0,1,2,..,n (4.23)

The magnitude of the horizontal gain coefficient g, depends on the relative relationship between
the temperature of the molten pool near the end of each layer and the temperature of the molten pool
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Figure 4.8. The fitted curve between ¢, and the layer number i.

at the middle position. Similar to the method used for the vertical gain coefficient, based on the basic
relationship in Eq. 4.18, the temperature difference between the molten pool temperature at the end
and the initial temperature (7,—7,) is divided by the temperature difference between the molten
pool temperature at the middle position and the initial temperature (7-7;), and then the result is
raised to the power of 2/3 to obtain the relationship between the horizontal gain coefficient and the
temperature of the molten pool:

2

T, -1,

&, (4.24)
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Here, T; represents the theoretical temperature at the middle position of each layer. After the
above processing, it is found that the gain coefficient g, at a certain position in each deposition layer

Figure 4.9. The horizontal gain coefficient g, over the distance to the end of DED layers. 1
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has the same and similar characteristics as the Laplace distribution with respect to the distance d
from that position to the end. Therefore, nonlinear curve fitting is performed on the data (as shown
in Figure 4.9).

Therefore, the horizontal gain coefficient g, at a certain position can be expressed as a function
of the distance d from that position to the end as follows:

~[d+0.147]

& 1.00§+—1 e 1975 4.25
[
2x1.575

By combining Eq. 4.22 and 4.25, the optimization algorithm for the Z-axis lift amount is
obtained as follows:

Az g,eAz,
—|d+0.147) (4.26)
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4.4.3 Experimental validation

According to the proposed Z-axis lift amount optimization strategy, a DED single-track multi-layer
deposition experiment was designed to verify the strategy. The first step is to determine the deposition
height of the first layer: after determining the laser power p, scanning speed v, and powder feeding
rate f for DED processing, a single-layer DED pre-experiment is performed, and then the deposition
height h,, of the first layer is measured using a point cloud device. The second step is to determine
the Z-axis lift amount values at each position in each deposition layer: the mathematical model is
obtained based on Eq. 4.26, and the Z-axis lift amount of each point is discretized. The third step
is to generate the printing path offline. Figure 4.10 shows the Z-axis lift strategy at a laser power
of 400 W, scanning speed of 6 mm/s, and powder feeding rate of 0.8 r/min. The initial Z-axis lift
amount is 0.433 mm, which is measured by the point cloud device under this processing parameter,
and the Z-axis lift amount at each position in the first 20 layers after the end of the first layer is
obtained using Eq. 4.26. Finally, the KUKA robot trajectory is generated offline using Matlab.
Firstly, the lift amount at the middle position of each layer gradually increases with the number of
deposition layers, such as the initial Z-axis lift amount of 0.433 mm, and then the lift amount at the
middle position of the second layer becomes 0.446 mm. In the same layer, the Z-axis lift amount at
the end position is the largest, and then gradually decreases near the middle position.

The single-track multi-layer DED experiment was performed using the above parameter settings,
and the number of deposition layers was 20. Figure 4.11(a) shows the forming effect using a fixed
Z-axis lift amount. From the figure, firstly, the thickness between each deposition layer is not uniform
enough, and the unevenness becomes more obvious with the increase of the number of deposition
layers. Secondly, in the two end parts, because of thermal accumulation, the amount of deposited
metal is significantly more than that in the middle area, and the width and thickness correspondingly
increase. Especially in the left part, the molten metal tends to flow downward. Moreover, the
thermal accumulation effect at the end accumulates layer by layer, making the deposition height at
the last two ends significantly higher than that in the middle, showing a significant bulge at the top.
Figure 4.11(b) shows the forming effect after Z-axis lift amount optimization. Firstly, in the vertical
direction, the Z-axis lift amount is gradually increased layer by layer to compensate for the increase
in deposition layer thickness caused by the thermal accumulation effect, ensuring that the distance
between the laser jet plane and the workpiece plane can be maintained at the initial set value, so that
the laser beam and powder jet can be well focused. Finally, the thickness of each layer is relatively
uniform, and the side surface quality is better than before optimization. In the horizontal direction,
the Z-axis lift amount is increased near the end to increase the distance between the laser nozzle and
the processing plane in the end thermal accumulation area, so that the amount of powder entering
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Figure 4.10. The planning of the Z-axis increment: the discretization result of the first 20-layer Z-axis increment. 1

Figure 4.11. The formation comparison: (a) without; (b) without the Z-axis increment optimization. <]

the molten pool and the energy density both decrease, and the thickness of the deposition layer
will not increase, thus making the thickness of the same deposition layer more uniform, and finally
eliminating the bulge caused by the increase in deposition layer thickness at the end.

4.5 Laser power attenuation optimization strategy based on molten pool
temperature change

4.5.1 Theoretical derivation of laser power attenuation strategy

In the previous section, a mathematical relationship between the Z-axis lift amount and the melt pool
temperature was derived to propose an optimization strategy for the Z-axis lift amount to address the
thermal accumulation issue in multi-layer DED deposition processes. In this section, we will start
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with the basic process parameters of DED to derive the corresponding offline optimization strategy
for these parameters. Laser power is crucial in DED processing, as its magnitude directly affects the
energy density applied to the melt pool. Increasing the laser power raises the melt pool temperature,
allowing more metal powder to be melted per unit time, resulting in a thicker deposition layer. In
multi-layer DED, the thermal accumulation caused by the increase in the number of deposition layers
and the accumulation caused by the back-and-forth scanning of the same layer can be compensated
for by appropriate laser power attenuation. However, there is currently a lack of theoretical support
for how to quantitatively attenuate laser power. In the following, based on the melt pool temperature
distribution characteristics of multi-layer DED, we will derive a theoretical explanation for power
attenuation to address the issue of uneven deposition layer height caused by thermal accumulation,
under the condition that the scanning speed v and powder feeding rate f remain constant.
Equation 4.13 can be transformed as follows:

i ﬁ p - 0 3
A ﬂo( )3 (m ) 4.27)

Where 4, is the deposition layer height of the first layer, f, is the powder utilization rate of the
first layer, p,, is the set power, and T, is the melt pool temperature of the first layer. To achieve a
uniform deposition height, it is desired that the deposition layer height at any position satisfies 4 =
hy, that is:
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Laser power p can be derived from Eq. 4.28:
T, -1,
p (ﬁﬁ)z( °)p0 (4.29)
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According to the previous discussion, there is a functional relationship between the powder
utilization rate f and the laser power p. Therefore, further solving is required for Eq. 4.29. Based on
the relationship between the powder utilization rate and the laser power shown in Figure 4.6, their
mathematical relationship is:

B 0.0015p"%" (4.30)

The simultaneous Eq. 4.29 and 4.30 can solve the theoretical relationship between the laser
power p and the molten pool temperature:

Tm _7:) ~3.097

P po(T”? T) (4.31)

From Eq. 4.31, the basic strategy for optimizing laser power attenuation to address thermal
accumulation in multi-layer DED can be obtained. In multi-layer DED, the increase in the number
of deposition layers and the back-and-forth scanning will cause the melt pool temperature of
subsequent deposition layers, especially the end region, to be higher than that during the first layer
deposition. To make the height of subsequent deposition layers the same as that of the first layer,
the set power should decrease as the melt pool temperature increases. The relationship between the
set laser power and the change in melt pool temperature and the initial set power should satisfy the
above relationship.

With the basic theoretical relationship, this paper will model the quantitative attenuation of
laser power based on the temperature change patterns of the melt pool at different deposition layers
and different positions within the same deposition layer. According to Eq. 4.31, the adjustment of
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laser power depends on the relative change in melt pool temperature. Following the same research
approach as in the previous section, this paper first analyzes the temperature change patterns of the
melt pool at different layers and then analyzes the temperature change patterns of the melt pool
within the same deposition layer. The vertical attenuation coefficient @, and horizontal attenuation
coefficient w;, are used to represent the degree of laser power attenuation due to the increase in the
number of deposition layers and the reduction in the distance from the starting point to the end of
the same layer, respectively:

pP=w,0,p, (4.32)

First, we need to obtain the relationship between the relative temperature change in different
deposition layers in the vertical direction and the number of deposition layers. Let the vertical power
attenuation coefficient be w,, and assume that the temperature change in the vertical direction is
proportional to the number of deposition layers #, then we have:

TO T,
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Here, i is the deposition layer number, and 7, is the melt pool temperature at the middle position
of the ith layer. Based on the numerical analysis results in Chapter 3, the melt pool temperature at
the middle position of different deposition layers was extracted. By calculating using Eq. 4.33, the
relationship between the vertical power attenuation coefficient and the number of deposition layers
was obtained, as shown in Figure 4.12. The mathematical expression is:

1 (—\i—0.089\

0, 06334 ——sc L0020 (4.34)
X1.

Equation 4.34 shows that the laser power attenuation coefficient decreases layer by layer as
the number of deposition layer increases. That is, the laser power should be set lower and lower
to compensate for the impact of thermal accumulation on the forming process. As the number of
deposition layers continues to increase, the attenuation coefficient gradually converges to around
0.633. This is because as the height of the formed part increases, the heat dissipation surface area
of the part increases, and the heat dissipation conditions continue to improve. Therefore, the heat
generated by laser heating and the heat dissipation of the formed part gradually reach a balance, and
the laser power does not need to continue to attenuate.

Based on the layer-by-layer laser power attenuation strategy, the following analyzes the laser
power attenuation strategy near the end region within the same deposition layer. Based on the
temperature change pattern of the melt pool within the same layer summarized in Chapter 3, the
closer to the end region, the higher the melt pool temperature. Therefore, it is necessary to attenuate
the laser power in the end region to compensate for the increase in deposition layer thickness caused
by the temperature rise. According to the basic relationship of Eq. 4.31, let the horizontal laser
power attenuation coefficient be:

(Tm — To )-3.097
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Here, T; is the melt pool temperature at the middle position of the deposition layer. The
attenuation coefficient at a certain position within the same layer is related to its distance from
the end region. Therefore, based on the relationship between the melt pool temperature and the
distance from the end region within the same layer obtained in Chapter 3, the laser power horizontal
attenuation coefficient w, at a certain position is calculated using Eq. 4.35. The relationship between
the horizontal attenuation coefficient and the distance from the melt pool end region is obtained
through mathematical fitting, as shown in Figure 4.13.
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Figure 4.13. The relationship between the laser power horizontal attenuation coefficient and the distance to the end of the
DED layers. ¢

From Figure 4.13, even in different deposition layers, the relationship between the laser power
attenuation coefficient at a certain position and its distance from the end region shows a similar
pattern. That is, due to severe thermal accumulation near the end region, the laser power needs to
be reduced to a greater extent, while away from the end region where thermal accumulation is not
significant, the laser power should be basically the same as that at the middle position. Therefore,
according to the fitting results in Figure 4.13, within the same deposition layer, the relationship
between the laser power horizontal attenuation coefficient at a certain point and its distance from
the end region can be expressed as:

w, 0.988-0.71e " (4.36)



92 Laser Direct Energy Deposition 3D Printing of Superalloys

Therefore, by combining Eq. 4.32, 4.34, and 4.36, the theoretical expression of the laser power
attenuation strategy adopted to address the problem of uneven deposition layer height caused by
thermal accumulation in multi-layer DED can be obtained:
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4.5.2 Experimental validation

According to the multi-layer DED laser power attenuation strategy proposed above, this paper
designed a corresponding DED single-pass multi-layer deposition experiment to verify the
effectiveness of the strategy. In the verification experiment, the initial laser power was set to
400 W, the scanning speed was 6 mm/s, and the powder feeding rate was 0.8 r/min. A single-layer
deposition experiment was conducted under these parameter settings, and then the layer thickness
hy was measured using a Keyence point cloud device. According to the theoretical model of the
Z-axis lifting amount, 2/,/3 was taken as the initial Z-axis lifting amount, and the final Z-axis lifting
amount was 0.433 mm.

After determining the initial laser power p,, the optimized power was discretized according to
the laser power attenuation strategy in Eq. 4.37. The corresponding KUKA robot code was generated
offline using Matlab programming, as shown in Figure 4.14. During the first layer printing, there was
no interlayer thermal accumulation, and there was no problem of end region thermal accumulation
caused by the reciprocating scanning. Therefore, the power of the first layer was set to 400 W. The
laser power at the middle position of each layer would attenuate with the increase of the deposition
layer number. The laser power near the end region within the same deposition layer would also
gradually attenuate. However, in the actual robot DED process, when the robot code is used to
modify the laser power, there is a response time because the robot needs to communicate with
external devices. That is, the robot will stop and send instructions to the laser and then continue to
move forward after the laser responds. During this short response time, the powder is still being
injected into the melt pool, and the deposition height and thickness will increase accordingly.
Therefore, the number of power adjustments should not be too many. This paper chooses to adjust
the power only twice per layer. The first time, in the area where the end region thermal accumulation
is severe, the laser power is attenuated, and then after moving forward a certain distance, the power
is adjusted to the stable power of that layer.

Figure 4.14. The strategy of the laser power optimization: the horizontal step. <
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Figure 4.15. The formation comparison: (a) without optimization; (b) with the laser power optimization. <]

Then, the single-pass multi-layer DED deposition experiment was conducted according to the
generated robot code, and the experimental results are shown in Figure 4.15. Through the layer-by-
layer laser power attenuation and laser power attenuation in the areas where the end region thermal
accumulation is severe, the multi-layer DED forming effect has been greatly improved compared to
before optimization. As shown in Figure 4.15(b), in the vertical direction, the thickness and width
between layers are more uniform, and the side surface is smoother; in the horizontal direction,
by attenuating the power at the end region, the increase in deposition layer thickness caused by
being heated twice in a short time at the starting point of the end region is basically eliminated.
From the final forming result, the warping at both ends is eliminated, and the entire deposition
layer is relatively flat. Therefore, the laser power attenuation strategy represented by Eq. 4.37 can
effectively compensate for the uneven deposition layer thickness caused by thermal accumulation in
the multi-layer DED process. However, in the actual robot automated DED process, controlling the
external laser requires a certain response time, and the power attenuation operation should not be too
frequent, otherwise, it will have a negative impact on the forming due to pauses.

4.6 Scanning speed optimization strategy based on molten pool
temperature change

4.6.1 Theoretical derivation of scanning speed optimization

The previous section introduced the compensation of excessive deposition height caused by thermal
accumulation in multi-layer DED by optimizing the Z-axis lift and laser power offline. During
the automated DED process, the scanning speed is also a parameter that can be adjusted in real-
time and precisely controlled. The theoretical derivation results of Eq. 4.13 and the experimental
results of the influence of process parameters on the deposition height of a single layer and single
pass both indicate that there is an inverse correlation between the deposition height and scanning
speed. Therefore, to compensate for the uneven forming height caused by thermal accumulation in
multi-layer DED, the scanning speed can be optimized offline. In other words, as the number of
deposition layers increases or in the end region near the starting point of each layer, the thermal
accumulation will increase the temperature of the melt pool and increase the thickness of the
deposition layer. At this time, the laser scanning speed can be appropriately increased to reduce
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the line energy of the laser and compensate for the increased deposition layer thickness caused by
thermal accumulation, making the final forming height more uniform. Next, a quantitative analysis
will be conducted on how to optimize the laser scanning speed offline based on the thermal field
distribution.

By appropriately transforming Eq. 4.13, the following relationship between the deposition
height 4 and scanning speed v can be obtained:

X(@Y S /,{MT (4.38)

2\ mky p

As can be seen from the above formula, there is an inverse correlation between the deposition
height and scanning speed. If the temperature of a certain area of the melt pool is high, it can be
compensated by increasing the scanning speed to keep the deposition height constant. Therefore, it
is necessary to obtain the relationship between the scanning speed and melt pool temperature when
the deposition height is kept constant. Based on the results of Eq. 4.38, when the laser power p and
powder feeding rate fare constant, the deposition height 4 and scanning speed v have the following
mathematical relationship:

2 2
(VLT (439)
h, Vo Tn?_To

In the formula, A, is the deposition height of the first layer, v, is the initial set scanning speed, and
T, is the melt pool temperature of the first layer. In order to make the thickness of the subsequent
deposition layer equal to that of the first layer, we hope that / = h,, that is, Eq. 4.39 needs to satisfy
the following relationship:

L-T), (4.40)
T -T,)" '

That is, it is necessary to adjust the initial scanning speed v,, based on the change in melt pool
temperature to make the thickness of the deposition layer uniform. Equation 4.40 shows that the
more severe the thermal accumulation phenomenon, that is, the higher the melt pool temperature,
the larger the corresponding scanning speed should be. To obtain the optimal scanning speed values
at different deposition layers and positions, the change in melt pool temperature with the number of
deposition layers and the position within the same layer can be indirectly solved using Eq. 4.40. As
in the previous two sections, Eq. 4.40 can be expressed as:

V= Vo 4.41)

Where v, is the initial set scanning speed; x, is the vertical gain coefficient of scanning speed,
which represents the rate of change of scanning speed relative to the initial speed as the number of
deposition layer increases; 4, is the horizontal gain coefficient of scanning speed, which represents
the rate of change of scanning speed at different positions within the same deposition layer relative
to the scanning speed at the middle position. First, we study the change of the gain coefficient in the
vertical direction with the number of deposition layers, and then study the relationship between the
horizontal gain coefficient at different positions within the same deposition layer and the distance
from a certain point to the starting point of the end. According to the basic relationship proposed by
Eq. 4.40, the vertical gain coefficient is related to the ratio of the melt pool temperature of a certain
layer to the melt pool temperature of the first layer, that is:

T(i) _ T;) )

7—:210) _TE) ’l 0, 1, 2,...,n (442)
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Figure 4.16. The relationship between x, and the DED layer number i. <[]

Where T, represents the melt pool temperature at the middle position of the i-th layer. By
substituting the melt pool temperature data of different deposition layers in Chapter 3 into Eq. 4.42,
the relationship between the vertical attenuation coefficient of scanning speed and the number of
deposition layers is obtained, as shown in Figure 4.16. As the number of deposition layer increases,
the forming height increases, and the heat dissipation area gradually increases, resulting in a change
in heat dissipation conditions and a gradual balance between heat dissipation and heat generation.
Therefore, the speed gain coefficient eventually converges to 1.19.

Through data analysis and fitting, this paper derives the mathematical relationship between
the velocity gain coefficients at the midpoints of different sedimentary layers and the sedimentary
layers themselves.

4, =1.19-0.19xe i =0,1,2,..,n (4.43)

The following analysis will focus on how to compensate for the heat accumulation near the
starting point at the ends caused by laser reciprocating scanning within the same sedimentary layer
through the gain of the scanning speed. The horizontal attenuation coefficient is related to the change
in the melt pool temperature, and according to the results of the numerical simulation in Chapter 3,
the melt pool temperature at a given location within the same layer is related to its distance from
the starting point. Therefore, based on the fundamental relationship of Equation 4.39, the horizontal
gain coefficient can be expressed as:

L =Ty 4.44
H, -1, (4.44)

By substituting the melt pool temperatures at various locations of each sedimentary layer into
Equation 4.44, the results obtained are shown in Figure 4.17. The change in melt pool temperature at
various locations of each sedimentary layer relative to the midpoint melt pool temperature exhibits
the same variation relationship with the distance from the starting point at the end. Consequently,
this paper establishes the relationship between the horizontal gain coefficient of the scanning speed
and the distance. The closer to the end position, the more severe the heat accumulation effect,
resulting in a higher melt pool temperature. Therefore, the scanning speed gain coefficient is larger,
indicating that the scanning speed should be appropriately increased to compensate for the increase
in sedimentary layer height caused by heat accumulation. Through data fitting, the relationship
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Figure 4.17. The relationship between x;, and d. <1

between the horizontal gain coefficient of the scanning speed at a given location and its distance
from the starting point at the end can be described by the following equation:

1, =1.007+0.466 x e (4.45)

Finally, through the theoretical derivation of scanning speed based on the changes in melt pool
temperature mentioned above, the mathematical relationship between the optimized scanning speed
at a given location and the initial speed during the multi-layer Directed Energy Deposition (DED)
process is obtained. The expression is as follows:

v=(1.19-0.19xe ) x(1.007 +0.466 x e ****}v,,i = 0,1,2,..,n (4.46)

4.6.2 Experimental validation

To verify the actual effect of the scanning speed optimization strategy for compensating for the
uneven deposition thickness caused by thermal accumulation, this paper designed a single-pass
multi-layer DED experiment for comparison. First, the initial process parameters are determined,
and then a pre-experiment is conducted based on the initial process parameters. The thickness of
the first layer of the cladding layer is measured, and then the Z-axis lift amount is calculated. The
experiment uses a laser power of 400 W, an initial scanning speed of 6 mm/s, a powder feeding rate
of 0.8 r/min, and a Z-axis lift amount of 0.433 mm.

Then, the scanning speed optimization strategy proposed by Eq. 4.46 is used to offline optimize
the scanning speed at each position of each layer. Finally, the scanning speed at each point is
discretized using Matlab and robot code is generated, as shown in Figure 4.18. Since there is no
thermal accumulation in the vertical direction for the first layer and no end thermal accumulation
caused by reciprocating scanning, the scanning speed of the first layer is constant at 6 mm/s. The
scanning speed in the vertical direction will gradually increase as the number of deposition layer
increases, thereby compensating for the increase in cladding layer thickness caused by thermal
accumulation. For example, the scanning speed at the middle position of the second layer increases to
6.4 mm/s. Near the end, the scanning speed will also be faster than the middle position to compensate
for thermal accumulation. For example, in the second layer, the scanning speed gradually increases
from 6.4 mm/s at the middle position to 9.4 mm/s at the end.



Off-line Processing Parameter Optimization for Excellent Inconel 718 Deposition Shaping 97

Figure 4.19. The formation comparison: (a) without; (b) with the scanning speed optimization. <l

Figure 4.19 shows a comparison of the multi-layer DED forming results before and after
scanning speed optimization. As shown in Figure 4.19(b), overall, the forming quality after scanning
speed optimization has been greatly improved compared to before optimization (Figure 4.19(a)).
The side forming is very flat, and the fluctuation of the upper surface is very small. The thickness
of each deposition layer is very uniform, and the protrusion caused by end thermal accumulation
has been eliminated. The verification experiment results show that the scanning speed optimization
strategy proposed by Eq. 4.46 is very effective in optimizing multi-layer DED forming, and the
forming effect after optimization has been greatly improved. By gradually increasing the scanning
speed in the vertical direction and increasing the scanning speed near the end in the horizontal
direction, the energy input of the melt pool is reduced, and the amount of metal powder fed into
the melt pool per unit time is also reduced, thereby compensating for the increase in cladding layer
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thickness caused by thermal accumulation and making the thickness of each deposition layer more
uniform. Therefore, under the condition of a certain Z-axis lift amount, the distance between the
processing plane and the laser nozzle can be maintained near the initial set value when printing the
next layer, so that the focusing of the laser beam and powder jet flow is better. In addition, adjusting
the scanning speed is directly done by modifying the $VEL.CP variable of the robot, which is much
faster in response than adjusting the power of the external laser, and there is almost no pause, so the
forming is very smooth and there is no trace of adjustment in the forming.

4.7 Summary

This chapter establishes a theoretical model of the quantitative relationship between the geometric
characteristics of the deposition layer and the melt pool temperature and process parameters from
the physical and mathematical aspects of DED forming, based on the temperature distribution
characteristics of the melt pool in multi-layer DED. By analyzing the temperature distribution
characteristics of the melt pool in the vertical and horizontal directions during multi-layer DED,
three offline optimization strategies are quantitatively proposed, including Z-axis lift amount
optimization, laser power attenuation, and scanning speed optimization. The following conclusions
are obtained:

1) A quantitative theoretical model of the relationship between the geometric dimensions of
forming and processing parameters and melt pool temperature is established by combining the
geometric characteristics of DED forming with the laws of conservation of mass and energy.
This lays the foundation for compensating for the uneven thickness of the deposition layer
caused by thermal accumulation by adjusting the process parameters.

2) A quantitative relationship model is established from a geometric perspective, where the Z-axis
lift amount is equal to 2/3 of the deposition layer height. Based on the temperature distribution
characteristics of the melt pool, a Z-axis lift amount optimization model is established by
combining theoretical analysis and mathematical fitting methods. Verification experiments
show that by increasing the Z-axis lift amount layer by layer and increasing the Z-axis lift
amount near the end of the same layer, the problem of uneven thickness of the deposition layer
caused by thermal accumulation can be solved, and the forming quality can be optimized.

3) Based on the quantitative relationship between the deposition layer height and the melt pool
temperature, the distribution characteristics of the melt pool temperature are analyzed, and a
quantitative mathematical model of laser power attenuation is established through mathematical
methods. Verification experiments show that by gradually attenuating the laser power layer by
layer and attenuating the laser power at the end, the increase in forming thickness caused by
thermal accumulation can be compensated, and the forming quality can be optimized. However,
external adjustment of laser power is not suitable for frequent adjustments due to the required
response time.

4) By analyzing the mathematical laws of the melt pool temperature at different positions in
different layers and the same layer, an optimization model of scanning speed is established to
address the problem of thermal accumulation. Verification experiments show that by increasing
the scanning speed to compensate for the increase in deposition layer thickness caused by the
rise in melt pool temperature, the forming effect can be significantly improved.
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Chapter 5

DED Process Parameter
Decision-Making Model

5.1 Introduction

In the previous study, systematic research was conducted on the parameter optimization strategies
for DED forming. However, there is still an issue that has not been resolved. According to the
previous description, the appropriate Z-axis lift amount is crucial for improving the quality of
multi-layer DED forming. When determining the initial Z-axis lift amount, DED pre-experiments
should be conducted based on the corresponding process parameters, and then a three-dimensional
profile scanner or manual preparation of metallographic samples should be used to measure the
height of the first layer of the cladding, and finally, the appropriate initial Z-axis lift amount should
be calculated based on this height. This method has low efficiency, low intelligence, and relies on
additional measurement equipment, which is not suitable for practical DED processing. The ideal
working state should be able to directly obtain the height of the cladding layer and calculate the
Z-axis lift amount based on the laser process parameters. Therefore, it is necessary to establish a
mapping between the process parameters and the height of the first layer, and to be able to reverse
inference and obtain a set of corresponding process parameters based on the target deposition height.
This is because when slicing and trajectory filling the model, the geometric dimensions of a single
deposition layer need to be determined in advance, and then the corresponding process parameters
need to be reverse inferred based on the dimensions of the deposition layer.

In addition, there is a strong coupling relationship between the basic process parameters and
the horizontal overlap step size in multi-pass DED overlap. The basic process parameters determine
the forming of a single DED pass, while the horizontal overlap step size determines the surface
quality after overlap. Even though the theoretical optimal overlap step size can be obtained through
the equivalent area method, the actual optimal overlap size is related to the true cross-sectional
profile. Using an approximate function to represent the cross-sectional profile will result in errors,
as the geometric shape of the cross-sectional profile will change with different process parameters,
and there may also be overlap offset phenomena. Therefore, the reliability of the overlap model
established based on simple geometric relationships is poor. In addition, in the absence of a reliable
optimal step size decision-making model, the optimal overlap step size can only be determined
through many DED pre-experiments by enumerating different overlap step sizes under the same
process parameters. When switching to different parameters, the corresponding experimental
operations need to be repeated. Therefore, it is necessary to establish a process decision-making
model to solve the problem of how to match the optimal overlap step size under a certain process
parameter. Finally, to implement the above achievements and improve the intelligence level of DED
manufacturing, this paper developed a software system from prototype design, layered slicing,
initial process parameter decision-making, offline optimization of process parameters, to robot code
generation.
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5.2 Experimental design

To establish process parameter decision-making models and optimal overlap step size matching
models, this paper conducted many DED experiments under different process parameters and
different overlap step sizes. As shown in Figure 5.1, to simultancously obtain the geometric
dimensions of single DED forming and multi-pass overlap forming as well as the overlap amount,
this paper designed a DED horizontal overlap experiment with unequal length cladding paths. In
Figure 5.1(a), Section A is used to measure the forming dimensions of a single pass, Section B is
used to measure the overlap amount, and Section C is used to measure the average height of the
deposited layer after overlap and evaluate the forming effect of the overlap. Figure 5.1(b) shows
some DED experiments under different processing parameters and overlap step sizes.

To establish a reliable process parameter decision-making model, this paper designed DED
experiments under different combinations of process parameters to obtain the forming dimensions.
A total of 576 different parameter combinations of DED overlap experiments were designed and
completed based on different laser power, scanning speed, powder feeding rate, and overlap step
size. Table 5.1 shows the values of each process parameter.

Figure 5.1. The experiment design for overlapping: (a) the schematic diagram; (b) the experimental result. ]

Table 5.1. The processing parameters setting. <1

Level No. 1 2 3 4 5 6
Laser power (W) 300 400 500 600 700 800
Scanning speed (mm/s) 3 4 5 6 - -
Feeding speed (r/min) 0.3 0.4 0.5 0.6 0.7 0.8
Overlapping step (mm) 1.0 1.1 1.2 1.3 - -
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5.3 DED single-layer single-pass process parameter decision model

The purpose of establishing a process parameter decision-making model for single-layer single-pass
DED mainly includes the following aspects. Firstly, it can predict the deposition layer height based
on the process parameters, and further determine the corresponding Z-axis lift amount, which can
avoid the need to measure the deposition height of the first layer through pre-experiments before the
formal experiment. Secondly, by establishing a process parameter decision-making model, in the
case of a known target deposition layer height, it can fix certain parameters and infer the reasonable
values of the remaining process parameters and even output the ideal process parameter combination
without fixing any parameters. In some scenarios, it is necessary to determine the corresponding
process parameters based on the target deposition height. Conducting many pre-experiments to
determine the process parameters through trial and error is time-consuming and laborious. The
basis of the process parameter decision-making model is to establish a reliable deposition height
prediction model. Therefore, this section will first establish a reliable forward height prediction
model and then establish a reverse process parameter decision-making model.

5.3.1 Influence of process parameters on single-pass deposition height

The main factors affecting the height of a single DED pass include laser power, scanning speed,
powder feeding rate, defocus amount, spot size, and shielding gas flow rate. According to the
analysis of the powder jet in Chapter 4, to ensure the focusing of the laser beam and powder jet,
there is an optimal distance between the work surface and the laser nozzle, which is generally
determined to ensure the forming quality. In all experiments in this paper, this distance was set to
12 mm, so the defocus amount and spot size were fixed. Therefore, the variables affecting the
thickness of the DED cladding layer are laser power, scanning speed, and powder feeding rate.

Figure 5.2(a) shows the variation of DED thickness with laser power. The height of the cladding
layer increases nonlinearly with laser power. The heat input of the melt pool is determined by the
laser power, and higher laser power can melt more metal powder, resulting in a thicker cladding
layer. However, as the laser power increases, the melt pool temperature also increases, and the
spreadability of the melt pool becomes stronger. Under the combined action of surface tension and
gravity, the deposition height does not increase linearly with laser power.

Figure 5.2(b) shows the variation of DED cladding layer height with scanning speed. Scanning
speed mainly affects the height of the deposition layer in two ways. Firstly, an increase in scanning
speed reduces the line energy and decreases the heat input of the melt pool, resulting in less metal
being melted. In addition, as the scanning speed increases, less metal powder is applied per unit
length, resulting in less powder entering the melt pool. Therefore, an increase in scanning speed will
decrease the height of the deposition layer. Moreover, as the scanning speed increases, the thickness
of the cladding layer decreases more slowly, and there is also a nonlinear pattern.

Figures 5.2(c) and 5.2(d) show the effect of powder feeding rate on deposition height. The
powder feeding rate directly controls the maximum amount of metal that can be captured by the
melt pool. When the powder feeding rate is relatively low, the change in deposition height is slow
because the amount of powder that can be utilized is limited, and therefore, the contribution to the
height change is not high. However, when the powder feeding rate is fast, the amount of metal that
can be melted by the laser is sufficient, and therefore, the effect on the deposition height is more
significant.

Based on the above analysis, it is found that each process parameter has a significant impact
on the deposition height of a single-layer single-pass DED, and the relationship between them is
almost always nonlinear. Chapter 4 of this paper modeled the single-layer deposition height from
a physical perspective, and the results also showed a nonlinear relationship between the deposition
height and various process parameters. However, many physical parameters in the modeling results
of Chapter 4 are difficult to determine their specific values through experiments, so they are mainly
used for theoretical derivation in the subsequent chapters. To obtain a quantitative mathematical
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Figure 5.2. The effect of processing parameters on the track height. <]

model between the deposition layer and process parameters, other methods need to be selected
for modeling. To describe the complex nonlinear relationship between the deposition height and
process parameters, this paper chooses to use data-driven methods suitable for nonlinear modeling
to model it.

5.3.2 Single-layer DED deposition height prediction model based on XGBoost

After analysis, it is found that there is a complex nonlinear relationship between the deposition
height of a single-layer DED and process parameters. Machine learning algorithms, as powerful
fitting tools, can fit complex mappings. XGBoost, as a tool that can perform parallel gradient
boosting trees, has the advantages of high accuracy, fast training speed, and requiring fewer training
samples in solving regression prediction problems. It is very suitable for manufacturing scenarios
where large-scale training data is difficult to obtain. Therefore, this paper uses XGBoost to establish
a forward prediction model for DED deposition layer height.

XGBoost is a specific engineering implementation of the gradient decision boosting tree
(GBDT) algorithm. GBDT uses gradients to replace residuals in the boosting tree (BDT). BDT
combines the forward stepwise algorithm and additive model and adds the results of multiple
weak learners as the final strong learner. Each weak learner is a decision tree. Starting from the
second decision tree, the input of each decision tree is the residual of the previous one (as shown in
Figure 5.3).
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Figure 5.3. The schematic diagram of BDT. 1

The calculation process of BDT is as follows, enter the training dataset, and initialize the
boosted tree firstly:

Jox)=0 (5.1)

The strong learner is composed of M ascending trees, and the forward stepwise algorithm is to
iterate M steps to solve M weak learners. When iterating to the mth tree, a promoted tree containing
the first m trees can be represented as:

S S 7+ T(x,6,) (52)

In regression analysis, each step of the solution is minimizing the squared error loss function
by updating the parameters:

N
L Y05 (/) +T(x,6,))’
il
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207 fua (8) =T(x,.6,)) (5.3)
il
N
D (= T(x,6,)’
il
Where T(x, 0,,) is the mth decision tree and r is the residual of the predicted result of the

previous m—1 tree, so in fact, the mth tree is fitted to this residual term. Thus, a promotion tree
containing M decision trees can be expressed as:

fu 2T(x6,) (54)

GBDT replaces residuals by employing a negative gradient. Because multiplying by 1/2 before
Eq. 5.3 and then to f,,(x;) gets:

) :{awi,f,,,(x,-))}
o, (x,)
In addition, each weak learner in GBDT has its own parameters and weights. Therefore, the

calculation process of the entire GBDT is as follows: for the m-th decision tree, first calculate the
negative gradient:

(5.5)

5 =_[aL(y,.,f,,,(x,.»
’ o, (x)

},i 1,2,...N (5.6)
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Then optimize the value of the loss function:
Wm arg minwm ZINI j}l:_ hm (xi > Wm ) ’ (5-7)

Unlike the BDT that directly adds each weak learner, the GBDT algorithm introduces the
weights of each base learner and uses the same method to obtain the weights of the base learner

a, argming 37 Ly, [, (o3t a,h, (oiw,) (58)
It is then iterated to the mth decision tree, which can be updated to
fm (x) f;n—l (X%:‘f' am hm (x’ Wm) (59)

XGBoost implements GBDT, through forward step-by-step learning of an additive model
containing M decision trees, because a tree’s learning fitting ability is limited, so multiple trees are
integrated to predict, and the final prediction result is the sum of each tree’s prediction results:

5o 2N ) (5.10)

To learn the corresponding learner, XGBoost defines the objective function, which contains the
loss function and the regular term, and the expression is as follows:

OBj(OF Y L(r,3)+ Y Qf,) (5.11)

where f,, is a decision tree rather than a numerical vector, and the objective function cannot be
optimized directly using gradient descent. However, combined with the previous forward stepwise
algorithm, the objective function can be approximated using the Taylor expansion [1]:

OB Y L3 £, () +(S,.)
" X (5.12)
) O A A T A

where,

LY 5" |, L")
i aj}fm—l) > aZ)f}Fm—l)
Since the inputs to the L function in step m are all numeric values and therefore constant, the

constant term can be removed from the objective function because the purpose is to optimize the
objective function. Therefore, the objective function can be simplified to

(5.13)

N

OB Z(gifm (x,-a=+%h,ﬁ<xi)j+9(fm) (5.14)

il

Now discussing the regular term in the objective function, because each tree is different in
complexity, to prevent the learned decision tree from being too complex and overfitting, the regular
term is used to measure the complexity of the decision tree, and its expression is:

1 T
Q) 7T+5/1_lef- (5.15)
J
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Where T'is the number of leaf nodes, and s; outputs the score for each leaf node. Finally, the objective
function can be expressed as:

Oobj‘™ Z[gf (x§=+ hf (x; )j+7/T+ AZS (5.16)

il

The set I, = {i|q(x;) =} that finally falls on the leaf node j can further process the objective function:
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When optimizing the objective function, it is necessary to obtain the output score of each leaf
node that minimizes the objective function, so the Eq. 5.17 derives the fraction S; and takes the
extreme value of the derivative, and the value of the output fraction of the leaf node can be found:

G,

S. = Y .1
TR (5.18)

Combining the above formulas, the objective function can be derived:

i :__Z[H M] (5.19)

XGBoost achieves the final tree structure by splitting the nodes, splitting one node each time
based on the greedy algorithm that makes the most gain change. According to the expression of the
objective function in Eq. 5.19, XGBoost uses the following equation to calculate the gain of the left
subtree plus the right subtree minus the fraction before splitting after the node splits:

G; G. G, +G,)
Gain l{ L=y £ _ G, +Gy) }— (5.20)

2 HL+A_ Hy+4A H,+G, +1

The greater the gain produced by node splitting, the more the objective function decreases, and
the better the learner works.

We will now model the height of a single-layer single-pass DED using XGBoost. The model
takes basic process parameters as input and outputs the cladding layer height. Based on the
experimental data collected earlier, a total of 144 sets of experimental data for single-layer single-
pass DED were obtained, and the training set and test set were divided in a 9:1 ratio. XGBoost has
many hyperparameters that affect the performance of the model. To obtain the optimal prediction
model, this paper uses grid search to determine the optimal combination of hyperparameters. For
each hyperparameter, we test its values within a certain range and select the value that can achieve
the highest accuracy. The final hyperparameter settings are shown in Table 5.2.

Table 5.3 shows the comparison between the predicted results of the model and the measured
heights. The average error of the model’s predicted results is 0.056 mm, and the maximum error
is —0.139 mm. Therefore, the deposition height prediction model based on the XGBoost algorithm
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Table 5.2. The hyperparameter settings of XGBoost. <]

Hyper-parameters Value Description

learning_rate 0.3 The contraction step during weight updates

n_estimators 144 Number of weak learners

max_depth 3 The depth of XGBoost’s lift tree

min_child weight 1 The weight threshold for the smallest leaf node

subsample 0.7 Controls the proportion of random sampling, the
smaller it is to avoid overfitting

colsample_bytree 1 The proportion of randomly sampled columns

gamma 0 Controls the loss function threshold for node splitting

reg_lamda 40 The weight coefficient of the L2 regularization term

seed 33 Random seeds

Table 5.3. The predicted track height by XGBoost. 1

Power | Scanning speed | Powder feeding rate | Actual height | Predicted height | Deviation
W) (mm/s) (r/min) (mm) (mm) (mm)
400 3 0.4 0.332 0.317 0.015
400 4 0.4 0.246 0.218 0.028
1000 5 0.7 0.476 0.552 —-0.076
900 5 0.8 0.620 0.534 0.086
500 4 0.7 0.526 0.484 0.042
300 5 0.8 0.235 0.283 0.048
1000 5 0.8 0.473 0.560 0.087
700 4 0.8 0.509 0.600 0.091
600 5 0.7 0.347 0.323 0.024
900 5 0.5 0.392 0.379 0.013
300 3 0.7 0.458 0.597 —-0.139
400 6 0.7 0.145 0.130 0.015
500 3 0.7 0.640 0.772 —-0.132
800 4 0.6 0.455 0.494 —-0.039
700 5 0.7 0.421 0.443 —-0.022
500 6 0.6 0.164 0.121 0.043

established in this paper can accurately predict the height based on process parameters, which lays
the foundation for the establishment of the reverse inference model of process parameters.

This paper analyzed the importance of the input features of the model. XGBoost selects the
feature that maximizes the gain represented by Eq. 5.20 as the node to perform the split. The result
of feature importance is the result of statistics on the features corresponding to the nodes of each
tree, which reflects the importance of each feature in the process of constructing the decision
tree. As shown in Figure 5.4, the laser power has the greatest impact on the deposition height of
single-layer single-pass DED compared to the powder feeding rate and scanning speed.

XGBoost is essentially a decision tree algorithm. To comprehensively evaluate the performance
of the model, this paper compared the XGBoost-based model with models based on other different
types of algorithms. First, neural network algorithms were used. FCNN is widely used because
of its simple structure and relatively small computational complexity. In addition, support vector
regression (SVR) is also a machine learning algorithm suitable for a small number of samples. It
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Figure 5.4. The importance of the features. <J]

Table 5.4. The performance of the three models. ]

Models MSE (mmxmm) RMSE (mm) MAE (mm) MRE R2

XGBoost 0.0047 0.0686 0.0561 0.1384 0.7722
FCNN 0.0167 0.1292 0.0772 0.1815 0.1925
SVR 0.0174 0.1317 0.1054 0.3068 0.6682

Figure 5.5. The track height comparison for the predicted and the measured. <]

has strong generalization ability, can suppress overfitting, and can achieve high accuracy with less
training data. The three models were trained and evaluated based on the same training and test
sets. Table 5.4 shows the comparison of the performance of the three models. When the number of
training data samples is small, XGBoost has the highest accuracy, and the correlation between the
predicted values and the true values is the strongest. Figure 5.5 shows the comparison between the
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true height and the predicted height. The predicted height of the XGBoost algorithm is very close
to the true height, while the predicted results of FCNN are generally highly correlated with the true
height, but some individual predicted results differ greatly, which lowers the overall correlation
coefficient. The prediction deviation of SVR is also larger than that of XGBoost. Therefore, in terms
of prediction accuracy and model regression correlation, XGBoost performs better and is more
suitable for modeling the relationship between process parameters and DED deposition layer height.

5.3.3 The process parameters inverse inference model

With areliable forward inference model for height, this paper established a process parameter reverse
inference model based on a greedy iterative algorithm, which can infer the corresponding process
parameters based on the target DED deposition layer height. The algorithm’s process is shown
in Figure 5.6. The core of this model is based on the XGBoost-based deposition height forward
inference model. By continuously iterating and updating each process parameter, the difference
between the predicted height and the target height is reduced, and a set of process parameters

Figure 5.6. The algorithm of processing parameters inversely inferring for the target track height. </l



110  Laser Direct Energy Deposition 3D Printing of Superalloys

corresponding to the target deposition height is obtained, which assists in decision-making for DED
process parameters. There are three main modes in practical application scenarios: (1) no fixed
parameters, that is, laser power, scanning speed, and powder feeding rate are all unknown, and a set
of process parameters needs to be inferred based on the target deposition height; (2) fix a certain
process parameter, for example, some materials have certain requirements for laser power, so the
laser power needs to be fixed, and the other two parameters are iteratively updated; (3) known two
parameters, only one parameter is updated.

For the reverse inference model without fixed process parameters, there are three degrees of
freedom for parameter updates. First, to quickly find the process parameters corresponding to the
target deposition height, the most efficient binary search method is used to match the corresponding
process parameters of the nearest target height from the database based on the target height, and
then this set of parameters is used as the starting point for the reverse iterative search. After each
parameter update, the forward single-layer height prediction model is used to calculate the inferred
height and then compared with the target height. If the inferred height is greater than the target
height, the laser power will be reduced, the scanning speed will be increased, or the powder feeding
rate will be reduced to update the parameters. Conversely, if the inferred height is less than the target
height, the laser power will be increased, the scanning speed will be slowed down, or the powder
feeding rate will be increased to update the parameters, and then the next loop will be performed.
When updating parameters, it is necessary to determine whether the current parameter has reached
the set upper and lower thresholds. For example, when increasing the laser power p, if p has reached
the threshold, the scanning speed v will be updated. If v has reached the threshold, the powder
feeding rate f'will be updated.

During reverse inference, the target height may correspond to multiple different combinations
of process parameters. In order to prevent only increasing or decreasing a certain parameter and
make the parameter adjustment more uniform, so as not to move towards extreme values and make
the iteratively obtained parameters more valuable, this paper adopts a cyclic parameter update
method. Specifically, the preferred updated parameter is constantly changed. If the laser power is
updated first in the first iteration, then the speed will be updated first in the next iteration, and the
powder feeding rate will be updated first in the next iteration, so that each parameter can be updated
synchronously.

To verify the reliability of the reverse inference model without fixing any parameters, this paper
obtained the process parameters of 10 target heights through the reverse inference model and then
conducted DED experiments based on the inferred process parameters. The height of the deposition
layer was measured, and the true height was compared with the target height, as shown in Table 5.5.

By analyzing the results in Table 5.5, the average absolute error of the process parameter
reverse inference model is 0.039 mm, and the maximum error is 0.058 mm. The model can reliably
infer the process parameter combination based on the target height, providing guidance for process
decision-making.

Table 5.6 shows the inference results of the reverse iterative inference model with a single fixed
process parameter (taking fixed laser power as an example). In order to obtain the cladding layer of
the target height, the scanning speed and powder feeding rate are inferred based on the fixed laser
power. After experimental verification, the maximum absolute error of inferring process parameters
with fixed laser power is 0.029 mm, and the average absolute error is 0.017 mm.

Table 5.7 shows the results of inferring the powder feeding rate in reverse when setting the laser
power and scanning speed. After fixing two parameters, the degree of freedom for reverse inference
becomes 1, and only the powder feeding rate needs to be adjusted to achieve the target DED
deposition height. The experimental results show that when the laser power and scanning speed are
fixed, the average error between the actual deposition height and the target deposition height of the
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Table 5.5. The result of processing parameters inversely inferring without any fixed parameters. <

Cases Target Inferred Inferred Inferred Inferred Actual height Error
height laser power scanning powder feeding height (mm) (mm)
(mm) W) speed (mm/s) rate (r/min) (mm)
1 0.100 300 6.0 0.50 0.158 0.158 0.058
2 0.200 560 5.3 0.33 0.229 0.193 —0.007
3 0.300 539 5.7 0.69 0.293 0.337 0.037
4 0.400 874 52 0.38 0.403 0.371 -0.029
5 0.500 740 33 0.34 0.451 0.534 0.034
6 0.600 740 33 0.44 0.592 0.625 0.025
7 0.700 540 3.4 0.67 0.683 0.727 0.027
8 0.800 660 3.4 0.69 0.772 0.804 0.004
9 0.900 720 3.0 0.51 0.907 0.891 —0.009
10 1.000 800 3.0 0.80 0.983 1.058 0.058
Table 5.6. The result of processing parameter inversely inferring with the known laser power. /]
Cases Target Set laser Inferred Inferred Inferred Actual Error (mm)
height | power (W) scanning powder feeding height height
(mm) speed (mm/s) rate (r/min) (mm) (mm)
1 0.400 500 3.0 0.40 0.421 0.427 —0.027
2 0.500 400 4.7 0.70 0.477 0.503 0.003
3 0.500 500 5.4 0.74 0.486 0.482 —0.018
4 0.500 600 5.4 0.76 0.503 0.487 —-0.013
5 0.600 700 4.0 0.54 0.587 0.629 0.029
6 0.700 600 4.0 0.74 0.688 0.709 0.009
7 0.700 700 3.0 0.44 0.692 0.678 —-0.022
Table 5.7. The inversely inferring result with fixed laser power and scanning speed. ]
Cases | Expected Set laser Set scanning Inferred powder Inferred Actual Error (mm)
height power (W) | speed (mm/s) | feeding rate (r/min) height height
(mm) (mm) (mm)
1 0.100 300 6.0 0.50 0.128 0.128 0.028
2 0.200 400 5.0 0.33 0.195 0.199 —0.001
3 0.300 500 4.0 0.44 0.277 0.299 —0.001
4 0.400 600 4.0 0.54 0.388 0.430 0.030
5 0.500 700 4.0 0.60 0.509 0.513 0.013
6 0.600 500 3.0 0.66 0.572 0.594 —0.006
7 0.700 600 4.0 0.72 0.672 0.725 0.025
8 0.800 800 5.0 0.76 0.801 0.785 —-0.015
9 0.900 700 3.0 0.70 0.926 0.884 —-0.016
10 1.000 600 3.0 0.80 1.007 0.983 —0.007
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inferred process parameters is 0.014 mm, and the maximum error is 0.028 mm. This indicates that
the process decision-making model can achieve higher accuracy, and fixing two process parameters
results in lower errors compared to no fixed parameters and fixed single parameters.

5.4 DED single-layer multi-channel optimal lap step matching model

The essence of DED three-dimensional stereoscopic forming is the overlap of a single cladding
track in the horizontal direction and the stacking in the vertical direction. The previous section
studied the influence of process parameters on the height of a single DED track and proposed a
process parameter decision-making model for a single track. In addition, Chapter 4 conducted offline
optimization of process parameters for vertical multi-layer DED forming. Therefore, the forming
law in the horizontal direction still needs further study. This section will establish a horizontal
overlap average height prediction model and establish an optimal overlap step size reverse iterative
inference model based on the forward prediction model.

5.4.1 Effect of horizontal lap step on forming quality

In the horizontal overlap DED process, there is a strong coupling between process parameters and
the overlapping offset distance. As shown in Figure 5.7(a) and (b), if the overlapping offset distance
is too large, there will be problems such as poor overlap, uneven surface, and the average height
of the formed layer being smaller than the height of a single track, which will affect the next layer
of DED. If the overlapping offset distance is too small (Figure 5.7(e) and (f)), most of the metal
in the overlapping track will fall on the previous track, and the deposition height will gradually
accumulate, causing the distance between the work surface and the nozzle to deviate from the optimal
working distance. This tilted forming is also not conducive to the next layer of DED processing.
The ideal horizontal overlap forming should be that the material in the overlapping area between
the overlapping tracks can just compensate for the grooves between the adjacent overlapping tracks,
making the final overlapping forming surface approximately flat (Figure 5.7(c) and (d)). Therefore,
the optimal horizontal overlap step size depends on the geometric dimensions of a single track.
The smaller the geometric dimensions of a single track, the smaller the overlapping offset distance
should be set, and vice versa. The geometric dimensions of a single track are determined by the

Figure 5.7. The effect of the horizontal overlapping offset on the DED formation. «1
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process parameters, so there is a close relationship between the optimal overlapping offset distance
and the process parameters.

For the theoretical overlapping offset distance, reference [2] derived an empirical calculation
formula through geometric derivation, but this model requires knowledge of the geometric
characteristics of a single track, which means that pre-experiments are still needed to measure the
geometric characteristics of a single track before calculating the overlapping offset distance. This is
not efficient. The ideal way is to obtain the optimal overlapping offset distance based on the process
parameter decision-making after determining the process parameters.

5.4.2 Multi-channel horizontal lap average height prediction model

Before establishing the optimal horizontal overlap decision-making model for a single-layer multi-
track, it is necessary to establish a forward prediction model for the average overlap height. The
deviation between the average height and the height of the first track can be used as a reference
for measuring the quality of the overlap forming. As shown in Figure 5.8, this paper samples the
contour height at a certain interval and then takes the average value of the heights of each sampled
point as the average height of the overlapping cladding layer.

Through the process experiments in Section 5.2 of this chapter, a total of 576 sets of horizontal
overlap experimental data under different parameters were obtained, and a multi-track horizontal
overlap average height prediction model based on XGBoost was constructed. The model takes laser
power, scanning speed, powder feeding rate, and overlapping offset distance as inputs and average
height as output. The ratio of the training set to the test set is 9:1. The test set is used to evaluate
the prediction accuracy of the model. As shown in Table 5.8, the average absolute error of the
XGBoost-based average height prediction model is 0.065 mm, and the accuracy is higher than
the other two models. Figure 5.9 shows the comparison between the predicted values and the true
values of the three models. The deviation of XGBoost is smaller and more suitable for the prediction
modeling of the average height of single-layer multi-track horizontal overlap in this study.

[
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Figure 5.8. The profile of the overlapped tracks. ]

Table 5.8. The performance of the mean height of the overlapped tracks. <]

Models MSE (mmxmm) RMSE (mm) | MAE (mm) MRE R2
XGBoost 0.0228 0.1509 0.0451 0.2118 0.9291
FCNN 0.0288 0.1696 0.0872 0.2677 0.9104
SVR 0.0710 0.2664 0.1579 0.4757 0.7789
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Figure 5.9. The comparison of the predicted and the measured mean height using the three models. <1

5.4.3 Horizontal lap step reverse iterative optimization

The purpose of the reverse inference model for the optimal overlapping offset distance is to be able
to obtain the suggested horizontal overlapping offset distance through iterative inference based on
the input process parameters (laser power, scanning speed). Figure 5.10 shows the influence of the
overlapping offset distance on the average height under different process parameters. Using the
same overlapping offset distance under different process parameters will change the relationship
between the average height and the height of the first track. After determining the process parameters,
the size of the first track can be determined, and the ideal overlapping forming should have an
average height close to the height of the first track. If the overlapping offset distance is too large,
the adjacent cladding tracks will not be in contact or in contact too little, and grooves will appear in
the overlapping forming, so the average height will be smaller than the deposition height of the first
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Figure 5.10. The mean height of the clad layer and the height of the first track under different processing parameters. <

track; conversely, it will be greater than the deposition height of the first track. Therefore, this basic
relationship can be used to establish the optimal overlapping offset distance decision-making model.

This paper establishes the optimal horizontal overlapping offset distance inference model based
on the method of forward and reverse synchronous iteration, and the algorithm process is shown
in Figure 5.11. First, input the basic process parameters (laser power p, scanning speed v, powder
feeding rate f), call the single-layer single-track height prediction model established in Section 5.3
of this chapter to obtain the predicted height 4, of the first track; then call the multi-track horizontal
overlap average height prediction model, use the process parameters and the initial overlapping
offset distance d as inputs to obtain the predicted average height #,, of the overlap. Then, calculate
the deviation e between the average height and the deposition height of the first track, and gradually
update the overlapping offset distance d through iterative updates to reduce the deviation between
hm and 4 When hm is less than /4 it means that the overlapping offset distance d is too large and
should be reduced, and vice versa. Then, input the process parameters (p, v, f) and the updated
overlapping offset distance d into the average height prediction model to obtain the predicted
average height #,,, and then calculate the deviation between 4,, and 4, until the absolute value of the
deviation e is less than the set threshold, and then output the optimal horizontal overlapping offset
distance d. According to the analysis of the iterative process, the inference model needs to call
the single-layer single-track height prediction model once and call the overlapping average height
prediction model multiple times, so the accuracy of the inference depends on the accuracy of the
previous two forward prediction models.

In order to verify the reliability of the proposed reverse iterative inference model for the
horizontal overlapping offset distance, this paper designed multiple sets of horizontal overlapping
control experiments (Table 5.9). The design idea of the experiment is as follows: first, input the
process parameters and the initial overlapping offset distance into the decision-making model to
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Figure 5.11. The inversely inferring model for the optimal overlapping offset. 1

Table 5.9. The validation experiment setting. <1l

Cases Laser Scanning speed | Powder feeding | Horizontal deviation
power (W) (mm/s) rate (r/min) distance (mm)
Case 1 Without optimization 800 6 0.3 1.3
With optimization 800 6 0.3 1.14
Case 2 Without optimization 800 5 0.4 1.00
With optimization 800 5 0.4 1.16
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Figure 5.12. The comparison of the contour without/with the overlapping offset optimization: (a) case 1; (b) case 2. <]

obtain the iteratively optimized offset distance, and then perform DED experiments based on the set
process parameters and optimized overlapping offset distance; finally, compare the DED forming
before and after optimization.

Figure 5.12 shows the comparison of the cross-sectional profiles of the horizontal overlapping
obtained through DED experiments under two different situations shown in Table 5.9. Figure 5.12(a)
represents the case where the overlapping offset distance is too large. When the initial overlapping
offset distance is 1.3 mm, the profile of the overlapping forming has high and low undulations
due to too little overlapping between the cladding tracks. However, after optimization through the
optimal overlapping offset distance matching model, a reference overlapping offset distance of
1.14 mm is obtained. Then, the optimized parameters are used for DED experiments, and the profile
is extracted using a point cloud contour scanner. It can be seen from the figure that the optimized
surface is smoother and eliminates the previous surface undulations. Figure 5.12(b) represents the
case where the overlapping offset distance is too small. In this case, the height of the deposition
layer of adjacent cladding tracks first increases and then gradually becomes constant due to the
excessive overlap, and the average height of the deposition layer is greater than the height of the first
track, which is not conducive to the subsequent deposition of cladding layers. After optimization
through the proposed optimal overlapping offset distance matching model, the overlapping offset
distance is optimized from 1.00 mm to 1.16 mm. Then, a DED comparison experiment is performed,
and the cross-sectional profile is measured. The results show that the optimized forming is smoother
and the average height is closer to the height of the first cladding track.

In summary, based on the single-layer single-track height prediction model and the
multi-track horizontal overlapping average height prediction model, combined with the forward and
reverse synchronous iterative algorithm, the optimal overlapping offset distance matching model is
established, and its reliability is verified through DED experiments, thereby avoiding the use of a
large number of trial-and-error experiments to determine the optimal overlapping offset distance.
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5.5 Summary

This chapter focuses on improving the efficiency and intelligence level of practical DED
manufacturing. Based on the research needs of the entire text, a single-layer single-path height
prediction model, DED process parameter decision model, single-layer multi-path average height
prediction model, and optimal overlay step matching model were established. The main conclusions
are summarized as follows:

)]

2)

3)

4)

A horizontal overlay DED experimental scheme was designed that can simultaneously obtain
the key geometric dimensions of single-path and multi-path overlays. A total of 576 sets of
experimental data were obtained through DED experiments and 3D point cloud scanners.
Based on these data, the impact of process parameters on single-path DED forming and the
strong coupling relationship between process parameters and overlay step were analyzed.

A forward prediction model of single-layer single-path height based on XGBoost was established.
After testing, its average absolute error was 0.056 mm. Compared with the other two types of
algorithms, the prediction results of the XGBoost-based model are the most accurate and have
the best correlation.

A process decision model was established to reverse-engineer process parameters based on
single-layer single-path height. The reverse iteration algorithm is based on the XGBoost
height prediction model and introduces optimization methods such as database matching based
on binary search and cyclic updates of each parameter. It can reliably reverse-engineer the
corresponding process parameters based on the height of the cladding layer. Experimental
verification results show that without giving any process parameters, the maximum forming
error of the inferred process parameters is 0.058 mm, and the average absolute error is
0.039 mm; given a single process parameter, the maximum forming error of the inference result
is 0.029 mm, and the average absolute error is 0.017 mm; given two process parameters, the
maximum forming error of the inference result is 0.028 mm, and the average absolute error is
0.014 mm.

The influence of horizontal overlay step on overlay forming was analyzed, and a horizontal
overlay average height prediction model was established based on XGBoost. The average
absolute error of the model is 0.065 mm.
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Chapter 6

Tailoring Laves Phase and Mechanical
Properties of Directed Energy
Deposited Inconel 718 Thin-Wall via a
Gradient Laser Power Method

6.1 Introduction

Inconel 718, a precipitation-strengthened nickel-based superalloy, has found extensive applications
in the aerospace industry. Its exceptional combination of high tensile strength, resistance to creep,
oxidation, and corrosion at high temperatures makes it a preferred material for manufacturing
high-precision aviation components, particularly turbine blades [1]. However, turbine blades often
experience severe damage, such as breakages and dimensional deformations, after prolonged
exposure to harsh operating conditions involving high temperatures, pressures, and vibrations [2].
Instead of completely replacing the damaged blades, repairing them offers a more economical,
time-saving, and resource-efficient solution, which is highly advocated in the maintenance, repair,
and overhaul (MRO) industry. The advent of laser additive manufacturing has made it possible to
reconstruct and repair damaged turbine blades through layer-by-layer material deposition. Among
various laser additive manufacturing methods, directed energy deposition (DED) has emerged as a
particularly promising technique for rebuilding damaged aviation components.

It is worth noting that turbine blades have a thin-wall structure with thicknesses of only
a few millimeters. As the laser deposits material layer by layer, the thin walls are subjected to
repetitive vertical thermal cycles in a small area (mm?), leading to complex microstructural
transformations involving primary solidification, remelting, and solid-state precipitation induced
by multiple thermal cycles [3]. Thus, gaining a comprehensive understanding of the thermal
cycles during DED is crucial for effectively tailoring the microstructure and mechanical properties
of the deposited components. Infrared thermal cameras (IR) have become invaluable tools for
non-contact temperature measurement, as they can convert the invisible infrared energy emitted by
an object into visualized thermal images and collect thermal information during the layer-by-layer
additive manufacturing process without disturbing the temperature field. In recent years, IR has
been widely utilized in welding and additive manufacturing fields to investigate thermal cycles
[4-6]. By analyzing parameters such as cooling rate, average temperature, and temperature
gradient obtained from IR measurements, researchers can gain insights into the thermal behavior of
as-deposited samples, enabling them to optimize process parameters and enhance the quality of the
deposited components [7-9]. The integration of IR technology with laser additive manufacturing
offers valuable opportunities for real-time monitoring and control of thermal cycles, facilitating
the production of high-quality repaired turbine blades with tailored microstructures and enhanced
mechanical performance.
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Extensive research has been conducted on laser additive manufacturing of Inconel 718 alloy,
as evidenced by numerous studies [10—12]. The process of depositing Inconel 718 superalloys
through laser additive manufacturing involves intricate thermal cycles characterized by rapid
heating, rapid cooling, directional heat extraction, and repeated melting. These thermal cycles
give rise to a distinct microstructure that sets it apart from the microstructure obtained through
traditional casting and wrought processes. The as-deposited structures exhibit several noteworthy
microstructural characteristics, including micro-segregation, inter-dendritic Laves phases, restrained
nano-strengthening precipitates, and highly oriented columnar structures. These characteristics
collectively contribute to the unique properties of the as-deposited Inconel 718 superalloys. In
order to meet the stringent service requirements of superalloy aerospace parts, mitigating the
micro-segregation of alloying elements and tailoring the formation and distribution of Laves phase
are key to improving the performance of repaired Inconel 718 parts.

In this chapter, we detail the microstructural features of laser direct energy deposited Inconel
718 thin-wall. To simulate the real restoration of the turbine blade tip, we examine the effects of
laser power and thermal cycles on as-repaired Inconel 718 thin-wall. By gradually lowering the laser
power within the processing window available, the gradient laser power deposition (GLP) method
is firstly proposed to optimize the Laves phase. In-depth research has been done on the thermal data
from the infrared thermal camera, the microstructure, texture, and mechanical characteristics of the
as-repaired Inconel 718 samples after restoration.

6.2 Microstructural characteristics of as-deposited Inconel 718
6.2.1 Micro-segregation

During the laser deposition process of Inconel 718, the rapid heating and cooling conditions induce
a phenomenon where chemical elements with a distribution coefficient (k) less than 1, such as
niobium (Nb), molybdenum (Mo), and silicon (Si), have a pronounced propensity to segregate
towards the remaining liquid phase during solidification. This segregation phenomenon leads to the
accumulation of solute elements in the final solidified structure, thus influencing its composition
and properties. The fast solidification rate in laser deposition restricts the diffusion of these
elements, exacerbating their tendency to concentrate in certain regions. Consequently, the resulting
microstructure of the Inconel 718 alloy exhibits variations in solute content, which can have a
significant impact on its mechanical and thermal behavior.

The as-deposited Inconel 718 sample showcases prominent micro-segregation characteristics,
particularly evident through the findings obtained from Energy-Dispersive X-ray Spectroscopy
(EDS) mappings (refer to Figure 6.1). The regions where Laves phases precipitate between dendritic
structures exhibit a notable enrichment of Nb and Mo elements, accompanied by a deficiency in
chromium (Cr) and iron (Fe) elements. This severe micro-segregation of Nb during the laser powder
deposition process gives rise to the formation of numerous elongated and brittle Laves phases.

In a study by Mantri et al. [13], the precipitation process in a compositionally inhomogeneous
Inconel 718, deposited using laser additive manufacturing, was investigated. The utilization of 3D
atom probe tomography (APT) confirmed an increase in niobium (Nb) content from the dendrite
core to the periphery of dendrites and further to the inter-dendritic channels. This observation
provided valuable insights into the spatial distribution of Nb within the deposited material.

In a different approach, Kumara et al. [14] employed a multi-component and multi-phase-
field modeling approach to study the microstructure evolution during directed energy deposition
(DED) of Inconel 718. The research highlighted that significant micro-segregation can alter the
local thermodynamics of Inconel 718, consequently affecting the driving forces for the formation
of different phases. This modeling approach provided valuable insights into the complex phase
transformations occurring during the laser deposition process.
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Figure 6.1. EDS mappings of severe micro-segregation in as-deposited Inconel 718 thin-wall. ]

Furthermore, Zhang et al. [15] conducted an analysis of the as-deposited Inconel 718 samples
using differential thermal analysis (DTA) curves. Their findings indicated that the rapid cooling
experienced during the laser deposition process caused compositional changes in the deposited
material, which, in turn, affected the phase transition temperatures. This observation emphasized
the influence of the deposition process on the thermal behavior and phase transformations of
Inconel 718.

6.2.2 Inter-dendritic laves phases

The presence of severe micro-segregation in laser-deposited Inconel 718 alloys gives rise to
the formation of eutectic products, such as y + NbC and y + Laves phases, in the inter-dendritic
regions [16]. Laves phases ((Ni,Fe,Cr),(Nb,Mo,T1)), known for their hardness and brittleness, can
significantly diminish the mechanical properties of the as-deposited Inconel 718. The hexagonal
Laves phase, particularly when it forms coarse and continuous long-chain structures, promotes
crack initiation and propagation, leading to premature failure. These phases detrimentally affect
the strength, ductility, stress rupture, fatigue, and creep rupture properties of the material. When
the Laves phase content exceeds 2 ~ 3 wt%, the room-temperature strength and ductility of the
material can be significantly compromised, resulting in approximately 20% and 60% losses,
respectively [17].

Figure 6.2 shows the microstructure of as-deposited Inconel 718, as observed under scanning
electron microscopy (SEM) in both the normal secondary electron mode and backscattered electron
(BSE) mode. The as-deposited state of Inconel 718 primarily comprises the solid solution y matrix,
hexagonal Laves phases, and cubic MX ((Nb, Ti)(C, N)) particles, which are commonly referred to
as MC particles.

Laves phases are brittle intermetallic compounds, belonging to the topologically
close-packed (TCP) phase family, that typically form during the rapid solidification process of
Inconel 718. Towards the final stages of solidification, elements with distribution coefficients less
than 1 accumulate in the remaining liquid phase, leading to the precipitation of Laves phases within
the inter-dendritic regions of columnar dendrites through eutectic reactions. These Laves phases,
indicated by yellow arrows (Figure 6.2), exhibit elongated chain-like morphologies aligned parallel
to the direction of columnar dendrites. Furthermore, the microstructure of as-deposited Inconel 718
contains MX particles, which predominantly consist of carbides and nitrides. These MX particles,
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Figure 6.2. Distribution of Laves phases in the inter-dendritic region and random MX particles: (a, b) SEM images and
(c, d) BSE images. (1]

marked by green arrows, exhibit a mixture of block-shaped and spherical morphologies. They are
non-uniformly distributed within the grains as well as along the grain boundaries.

Note that the formation of these long-chain Laves phases not only alters the microstructure
of the Inconel 718 alloy but also negatively impacts its mechanical behavior and overall
performance. The resultant weakened material properties highlight the significance of mitigating Nb
micro-segregation during the laser powder deposition process in order to enhance the alloy’s
structural integrity and improve its resistance to crack formation and propagation.

6.2.3 Restrained strengthening precipitates

The strengthening mechanisms of Inconel 718 alloy primarily involve solid-solution strengthening
with refractory metal elements, primarily Nb and Mo, as well as precipitation strengthening with
nano-scale y” and y’ strengthening phases within the face-centered cubic (fcc) austenite y matrix. In
Inconel 718, the primary strengthening phases are the y” phases Ni;Nb) with a disc morphology.
These phases contribute to the overall strengthening of the alloy due to their comparatively large
crystal misfit. Additionally, the y’ phases Ni;(ALTi)) with a circular morphology act as auxiliary
strengthening phases. The formation of massive nano-scale y" and y' strengthening phases occurs
within the temperature range of 600-900°C, with the corresponding peak-aged volumes reaching up
to 15% and 4%, respectively [18].

These strengthening phases play a crucial role in enhancing the mechanical properties of Inconel
718. They contribute to increased strength, improved resistance to deformation, and enhanced
high-temperature performance. The control and optimization of the precipitation of these
strengthening phases are essential for tailoring the material’s properties and ensuring its suitability
for specific applications.

Figure 6.3 depicts the distribution of dislocations within the as-deposited y matrix of Inconel
718. The microstructure reveals the presence of Laves phases and MX particles dispersed within
the y matrix. Transmission electron microscopy (TEM) investigations indicate that no nano-scale
v and vy’ strengthening phases are observed. The rapid cooling rates during the laser powder
deposition (LPD) process effectively suppress the precipitation of these nano-strengthening phases.
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Figure 6.3. TEM analysis showing a lot of dislocations in the as-deposited y matrix: (a, c) the dislocation distribution close
to the intragranular region, (b) the dislocation distribution close to the intergranular region, and (c) corresponding SAED
pattern of the y matrix. 1

Furthermore, the severe micro-segregation and formation of Laves phases contribute to the depletion
of crucial alloying elements like Nb, Mo, and Ti, which are primarily responsible for strengthening
the Inconel 718 alloy. Consequently, the y matrix becomes devoid of these strengthening elements,
leading to weakened solid-solution strengthening and precipitation strengthening [19]. Additionally,
the precipitation of y" and y’ strengthening phase particles during subsequent aging heat treatment
is adversely affected [20].

Significantly, a considerable number of dense dislocations are observed in the vicinity of
the secondary phases and throughout the y matrix, as demonstrated in Figure 6.3(a—c). The high
mechanical constraints and rapid cooling rates experienced during the thermal cycles of the
LPD process generate substantial residual stresses, thereby inducing the formation of numerous
dislocations. Tucho et al. [21] noted that rapid solidification shrinkage, which occurs during additive
manufacturing processes, leads to increased residual stress. The presence of clustered dislocations
indicates the extent of plastic deformation resulting from the extreme thermal cycles and enables
accommodation of the large residual thermal strain generated by the fast cooling process of LPD.
Furthermore, Figure 6.3(d) presents the corresponding selective area electron diffraction (SAED)
pattern of the y matrix. The solid solution y matrix possesses a fcc crystal structure with lattice
parameters of a = 0.372 nm, conforming to the Fm-3m space group.

6.2.4 Strongly-orientated columnar structures

The morphology and crystallographic texture of grains are known to have a significant impact on
the mechanical properties of Inconel 718 samples. Understanding the crystallographic orientations
and grain growth patterns is essential for evaluating the anisotropic properties and mechanical
performance of laser-deposited Inconel 718 alloys. The growth direction of columnar grains is
determined by a combination of factors including heat flow, epitaxial/preferred growth, nucleation,
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and competitive growth [22]. Studies conducted by Yang et al. [23] and Wang et al. [24] have
shed light on the growth behavior of columnar grains in laser additive manufacturing. It has been
observed that the growth direction of columnar grains is primarily influenced by the competitive
growth characteristics of epitaxial growth, which can be characterized by the angle between the
local heat flow and the preferred growth direction (<001> direction). A smaller angle between the
local heat flow and the preferred growth direction accelerates grain growth and promotes epitaxial
growth, leading to a more pronounced preferred texture. On the other hand, a larger angle hinders
epitaxial growth, resulting in a more random texture. The competition between epitaxial growth and
random growth determines the final crystallographic texture of the Inconel 718 sample.

Figure 6.4 depicts the electron backscatter diffraction (EBSD) crystallographic orientation
results obtained from two different directions of the as-deposited Inconel 718 sample. In the
longitudinal cross-section (Figure 6.4(a)), which is parallel to the scanning direction, the growth
of the coarse columnar grains primarily aligns along the deposition direction (Z direction) and
extends across multiple deposited layers. The dominant crystallographic orientation in this direction
is <001>. As the deposition process proceeds, heat accumulation becomes more severe. The heat
dissipation within the plane diminishes gradually, resulting in the highest thermal gradient aligning
along the deposition direction towards the substrate. Remarkably, this thermal gradient direction
closely aligns with the preferred growth direction of fcc structure materials. As a result, epitaxial
growth is facilitated, promoting the nearly vertical growth orientation of the coarse columnar grains
exhibiting the <001> texture. It demonstrates that this alignment between the thermal gradient and
the favored growth direction plays a pivotal role in directing the growth behavior of the grains
during the laser additive manufacturing process of Inconel 718.

In the transverse cross-section (Figure 6.4(b)), which is perpendicular to the scanning direction,
the grain growth still exhibits epitaxial growth characteristics. The grains near the center of the
Inconel 718 thin-wall parts appear coarse and grow predominantly along the Z direction. Conversely,
the grains near the surface of the Inconel 718 thin-wall parts are finer and exhibit growth closer
to the center. In terms of crystallographic orientation, the Inconel 718 deposited layers primarily
exhibit the <101> and <111> texture features in this transverse direction.

111

Figure 6.4. EBSD inverse pole figures of as-deposited thin-wall Inconel 718 samples along (a) longitudinal cross-section
and (b) transverse cross-section. <l
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6.3 A novel gradient laser power deposition method proposed and thermal
cycle regulation

6.3.1 Gradient laser power deposition method

Based on the analysis of the microstructural characteristics of as-deposited Inconel 718, it has been
observed that modifying the energy input during the deposition process can effectively influence
the microstructure and mechanical properties of the Inconel 718 thin-wall samples. Specifically,
by reducing the heat accumulation and adjusting the local solidification conditions, it is possible to
achieve desired modifications. Among the various process parameters, regulating the laser power
during deposition proves to be a favorable choice due to its convenience and efficiency compared
to adjusting the scanning speed.

In this chapter, we propose a novel deposition method called the gradient laser power (GLP)
method, which aims to precisely control the local solidification conditions by gradually decreasing
the laser powers within the available processing window. The GLP method involves a uniform
reduction of laser power layer by layer, starting from 410 W for the first layer and gradually
decreasing to 220 W for the final layer (71st layer) as the deposition height increases. As a point of
reference, we also employ the conventional constant laser power (CLP) deposition method, where
the laser power remains constant throughout the deposition process. All other process parameters,
except for the laser power, are kept identical for both the GLP and CLP methods.

By implementing the GLP and CLP methods and comparing their outcomes, we aim to
evaluate the influence of laser power modulation on the microstructure and mechanical properties
of the Inconel 718 thin-wall samples. Through systematic analysis and characterization, we can
gain insights into the effectiveness of the GLP method in tailoring the solidification behavior and
subsequently optimizing the material properties of the deposited components.

6.3.2 Thermal cycle regulation

The typical temperature distribution obtained by the IR camera is described in Figure 6.5(a),
which reveals clear distinctions between the as-deposited part and the substrate. Cooling rates are
measured by tracking the temperature decrease within the first second after reaching the highest
temperature at each measurement point. Cooling rates from the 12th, 36th, and 60th layers, located
in the middle of the deposited length, are shown in Figure 6.5(b). Notably, the cooling rate exhibits
a negative correlation with both laser powers and deposition heights for samples fabricated using
the conventional CLP method, consistent with findings reported by Bennett et al. [8]. In contrast, the
gradient laser power (GLP) sample demonstrates an increasing cooling rate as the deposition height
increases, indicating a rapid cooling process.

The estimation of average temperatures is based on the average surface temperature of each
deposited layer and the as-deposited parts (excluding the substrate) at the completion of every two
deposited layers. These two types of average temperature coverage areas are depicted by yellow
strips in Figure 6.6. For all samples, the average temperatures of each layer exhibit a sharp increase
in the initial 10 layers. A higher laser power results in a steeper and higher average temperature. In the
case of samples prepared using the CLP method, the average temperature of each layer demonstrates
an increasing trend during the middle and late stages of deposition. Conversely, for the GLP sample,
the average temperature of each layer shows a relatively slow rise and rapid decline in the early
and late stages of deposition, remaining relatively constant between the 12th and 44th layers. The
average temperature of the as-deposited parts follows similar trends to the average temperature of
each layer in the early stage of deposition. As the volume of as-deposited parts gradually increases,
the average temperature of these parts decreases after reaching its maximum value as shown in
Figure 6.6(b). Compared to the CLP method, the GLP method mitigates heat accumulation, elevates
the layer reaching the maximum average temperature of as-deposited parts, and accelerates the
overall cooling process.
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Figure 6.5. Thermal information of as-deposited samples: (a) the typical temperature distribution of the as-repaired thin-
wall sample by IR camera, and (b) cooling rates under various laser powers and deposition heights. 1
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Figure 6.6. The average temperatures of (a) each layer, and (b) as-deposited parts. <

Figure 6.7(a) and (b) respectively depict the typical isothermal diagrams of the middle length
of the 36th deposited layer under different laser powers and different deposition heights under the
220 W laser power. The temperature gradient along the horizontal direction (laser scanning direction)
is relatively small, while it is larger along the vertical direction (building direction). Increasing the
laser power results in a decrease in the temperature gradient at the same as-deposited position.
Similarly, under the same laser power, the temperature gradient gradually decreases as the distance
from the substrate increases. The presence of small irregularly shaped isotherms in the isothermal
maps indicates an uneven surface caused by powder adherence to the high-temperature as-deposited
layers.

The average temperature gradients between 1200 and 800°C were determined based on the
measured data, as depicted in Figure 6.7(c) and (d). This temperature range encompasses the solvus
temperatures of Laves phase, y’, and y’ in Inconel 718 [25]. It is observed that increasing the
laser power results in a decrease in both the horizontal and vertical temperature gradients. As the
height of the deposited part increases, both the vertical and horizontal temperature gradients initially
decrease and then moderately increase at the top of the deposited region. This can be attributed
to the substantial cooling effect of the substrate, acting as a heat sink, which causes a significant
temperature gradient at the beginning of the deposition [26]. However, as heat accumulates layer
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Figure 6.7. Temperature gradient distribution of as-deposited samples: isothermal diagrams of (a) the 36th deposited layer
with various laser powers and (b) various deposition heights at 220 W, the average temperature gradients in (c) vertical
direction and (d) horizontal direction with various laser powers and deposition heights. ]

by layer, the temperature gradient gradually decreases during the deposition process. In the later
stages, heat dissipation at the top is enhanced due to a balanced effect between increased heat
rejection by the already thick deposited layers and heat accumulation by the newly added layer.
Furthermore, it has been observed that temperature gradients for high laser powers remain stable
and are less influenced by the height of the deposited parts [27]. In the case of GLP samples, the
temperature gradient tends to increase with the deposition height, particularly in the horizontal
direction. This suggests that gradually reducing the laser powers weakens heat accumulation in the
vertical direction while strengthening lateral heat dissipation, resulting in an amplified horizontal
temperature gradient.

6.4 Microstructural regulation by a gradient laser power deposition method

6.4.1 Typical features of the microstructure

Figure 6.8 illustrates the typical microstructure of the as-deposited Inconel 718 thin-wall component
in the Y-Z plane at different laser powers. Based on the microstructural characteristics, the specimen
can be clearly divided into three distinct zones: the substrate zone (SZ), bonding zone (BZ), and
deposited zone (DZ), as depicted in Figure 6.8(a). Since the polycrystalline base materials and
the deposited materials have the same composition, the deposited parts nucleate directly on the
un-melted substrate. Initially, columnar dendrites form at the edge of the BZ and subsequently
undergo epitaxial growth during the deposition process.
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Figure 6.8. Optical metallography of as-deposited Inconel 718 thin-wall: (a) the typical microstructure of 220 W and DZ
under (b) 220 W, (c¢) 320 W, (d) 410 W, and (e) GLP. 1

The CLP method produces samples with distinct columnar dendritic structures. When the laser
power is low (Figure 6.8(b)), the columnar dendrites in adjacent layers form an approximate 90°
angle due to bidirectional scanning. The layer interfaces, indicated by yellow arrows, are clearly
visible. The growth direction of the columnar dendrites is always perpendicular to the trailing edge
of the molten pool and parallel to the opposite direction of local heat flow. The secondary dendrites
from the previously deposited layer, which are mostly oriented perpendicularly to the primary

Figure 6.9. XRD results of the as-deposited samples under various laser powers. ]
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dendrites in fcc crystals, serve as growth sites for the primary dendrites of the next deposited layer
under low laser powers [28]. As the laser power increases, grain growth predominantly occurs
in an epitaxial manner from the previous layer, rather than through re-nucleation across layers.
The columnar dendrites grow epitaxially along the deposition direction, extending even across
several deposited layers (refer to Figure 6.8(c) and (d)). In Figure 6.8(e), the microstructure of GLP
samples primarily consists of columnar dendrites exhibiting random growth directions, with the
layer interface being nearly imperceptible. This unique microstructure is a result of the continuous
variation in thermal cycles employed in the GLP method.

Figure 6.9 displays the X-ray diffraction (XRD) outcomes for the Inconel 718 samples in their
as-deposited state, subjected to varying laser powers. The diffraction patterns exhibit distinct peaks
corresponding to the Ni-Cr-Fe y matrix. Additionally, peaks associated with the Laves phase and MC
carbide are observed. Notably, the intensity of the MC carbides peak is significantly lower compared
to other phases. This is related to their lower content. Remarkably, as the laser power increases in
the case of the CLP method, the (200) peak becomes more pronounced. This phenomenon aligns
with the observation that columnar grains tend to grow along the <001> crystallographic orientation
under conditions of high heat input.

6.4.2 The morphology and distribution of the Laves phase

Figure 6.10 illustrates two typical morphologies observed in Laves phases, namely the long-chain
and discrete Laves phases corresponding to the CLP and GLP methods, respectively. EDS analysis
was conducted to determine the chemical compositions of different phases in the as-deposited
samples. Table 6.1 presents the composition results for the as-deposited Inconel 718, revealing
that it primarily consists of the y matrix (A and D), Laves phases (B and E), and MC particles such
as Ti-rich nitride (C) and Nb-rich carbide (F). In CLP samples, long-chain interconnected Laves
phases are typically formed in the inter-dendritic regions. Conversely, GLP samples exhibit fine
and discrete Laves phases as the dominant morphology. Figure 6.10(b) and (d) provide a magnified
view of the two types of Laves phases. The darker-colored regions surrounding the Laves phases
indicate areas rich in elements. Figure 6.10(e) shows the presence of nano-scale strengthening phase
particles (y”” or y’) around the discrete Laves phases, whereas the region around the long-chain

Figure 6.10. The different morphologies of the Laves phases in the Inconel 718 thin-wall: (a, b) long-chain Laves phases
in the CLP sample, (c, d) fine and discrete Laves phases in the GLP sample, and (e) distribution of y** or y’ particles around
the Laves phase shown in (d). ]
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Table 6.1. EDS analysis results of the chemical compositions of different phases in the as-deposited samples (in wt%). <1

Position Ni Nb Ti Al Cr Fe Co | Mo Ta C

A(Matrix) | 50.01 | 2.13 | 0.58 | 0.58 | 19.09 | 19.48 | 0.12 | 2.45 | 0.63 | 4.93
B(Laves) | 32.52 | 25.60 | 0.88 | 0.23 | 12.74 | 12.09 | 0.01 | 6.48 | 0.61 | 8.83
C(MC) 4597 | 894 | 6.06 | 3.76 | 16.67 | 14.07 | 0.00 | 3.70 | 0.84 | 0.00
D(Matrix) | 48.98 | 4.60 | 1.01 | 0.57 | 18.63 | 17.50 | 0.17 | 2.84 | 0.80 | 4.89
E(Laves) | 35.95| 20.30 | 1.32 | 0.35 | 12.30 | 11.24 | 0.10 | 4.06 | 0.70 | 13.68
F(MC) 29.30 | 22.29 [ 2.65| 0.51 | 1094 | 9.82 | 0.12 | 1.93 | 0.38 | 22.06

Laves phases contains almost no strengthening phase particles. The high cooling rates during the
DED process are believed to inhibit the in-situ precipitation of strengthening phases, resulting in
very limited amounts of y”” and y’.

Varying thermal conditions during the DED process can result in significant disparities in
micro-segregation and in-process precipitation [29]. In order to examine micro-segregation and
its correlation with the morphology of Laves phases, the distribution of elements in y matrices
(Al and A2), Nb- and Mo-rich regions (B1 and B2), and Laves phases (C1 and C2) was analyzed.
Figure 6.11 illustrates the measurement locations and results for long-chain Laves phases and discrete
Laves phases. EDS mapping conducted in these regions (Figure 6.11(c) and (d)) reveals distinct
micro-segregation of Nb and Mo alloying elements within the Laves phases formed during the
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Figure 6.11. Element distributions of the two kinds of Laves phases and their surrounding regions: (a, b) EDS mapping
results, and (c) Nb content and (d) Mo content in the y matrix, Nb- and Mo-rich regions and Laves phases. <
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solidification process. While the concentration of Nb in the y matrix is only 2—5 wt%, the concentration
of Nb in Laves phases reaches 1625 wt%, surpassing the nominal chemical composition of Inconel
718 (~ 5 wt%). In comparison, the micro-segregation level of Mo is less pronounced, which can be
attributed to its low diffusivity and high density [30]. Contrasting with the CLP sample characterized
by long-chain Laves phases, the GLP sample exhibits a higher dissolution of Nb and Mo in the y
matrix and the element-rich regions surrounding the discrete Laves phases. Consequently, the Nb
and Mo contents in discrete Laves phases are significantly lower than those in the long-chain Laves
phases.

The size and shape of dendrites are greatly influenced by the cooling rates. The primary dendrite
arm spacing (PDAS) was determined by analyzing more than five SEM images for each deposition
condition. The average PDAS can be used to estimate the cooling rate using the equation [31]:

)= 8003 6.1)

where, A represents the PDAS in um, and ¢ denotes the cooling rate in °C/s. The measured average
PDAS and calculated cooling rates for different laser powers in the bottom, middle, and top regions
are presented in Figure 6.12. In the case of the CLP sample, the PDAS increases with the deposition
height and laser power. Conversely, for the GLP sample, the PDAS decreases with the deposition
height, reaching only 7.55 um in the top region. The calculated cooling rate exhibits a negative
correlation with the PDAS and aligns with the trend of cooling rates measured by the IR camera.

Figure 6.13 illustrates the distribution of Laves phases in the DZ of Inconel 718 thin-wall
structures fabricated using various laser powers and deposition heights. Noticeable variations in
Laves phases are observed from the bottom to the top regions in samples deposited at 220 W,
320 W, and 410 W. Coarse and interconnected Laves phases tend to form in the middle and top
regions of the fabricated parts. The bottom region of the DZ undergoes repeated thermal cycles due
to subsequent layer deposition, resulting in partial dissolution of Laves phases and diffusion of Nb
atoms into the y matrix [32]. In the GLP sample, the distribution of Laves phases is more uniform
and discrete, with the Laves particles becoming finer at higher deposition heights. Additionally, the
area fraction of Laves phases was quantified using Image Pro Plus software. The average volume
fractions of Laves phases are summarized in Table 6.2. For samples deposited at 220 W, 320 W,
and 410 W, the volume fraction of Laves phases gradually increases with the laser powers, with
a noticeable increase towards the top region. The volume fraction of Laves phases in all samples
exceeds 3%, and the Inconel 718 sample deposited at 410 W exhibits the highest volume fraction
of Laves phases near the top region at 4.95%. However, in the GLP sample, the volume fraction
decreases with the deposition height, reaching a minimum of 3.14% in the top region.
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Figure 6.12. The relationship between the dendrite size and cooling rate: (a) measured average PDAS, and (b) calculated

cooling rates for various laser powers in various regions. ]
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Figure 6.13. The SEM images of DZ obtained at various laser powers and deposition heights. ]

Table 6.2. The average volume fractions of Laves phases with various laser powers and deposition heights. <«

Laser power (W) | Bottom region (%) | Middle region (%) | Top region (%)
220 3.22 3.51 3.87
320 3.55 4.17 428
410 4.18 4.71 4.95
GLP 3.59 3.36 3.14

Both micro-segregation and the formation of harmful Laves phases in deposited Inconel 718
are influenced by the cooling rate, which is closely tied to thermal cycles. The morphology and size
of Laves phase particles are rationalized based on the solidification rate (R) and the temperature
gradient (G), considering the local thermal conditions. The cooling rate (dT/dt), represented by
GxR, determines the size of the solidified structure, while the G/R ratio determines the morphology
of the solidified structures. These parameters can be described as follows [33, 34]:

dT 14
o —Zkﬂ(FJATZ (6.2)
G 2HT-T,)" (6.3)
R &PVcosl

In these equations, k represents thermal conductivity, V'is the laser scanning speed, P is the laser
power, AT is the temperature change during cooling, T is the liquid temperature of the alloy, Tj is
the initial temperature of the substrate, ¢ is the absorption coefficient of the laser, and 4 is the angle
between V and R.

It has been demonstrated that the fraction of Laves phases is inversely related to the cooling rate.
Under low cooling rates and relatively high G/R ratios, continuous long-chain Laves phase particles
are formed, while under high cooling rates, high GxR, and low G/R ratios, discrete and fine Laves
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phase particles are formed [20]. Low cooling rates, associated with high laser powers and increased
deposition heights, not only lead to dendrite coarsening but also worsen the micro-segregation of Nb
[35]. The cooling rates during DED have a significant impact on the inter-miscibility of Nb and Mo.
Low cooling rates reduce the ability of the y matrix to trap solute atoms and provide sufficient time
for Nb, Mo, and Ti atoms to diffuse into the residual liquid phase between dendrites. The enrichment
of these atomic groups increases nucleation sites for Laves phases. Increasing laser powers in the
CLP method decreases GxR, resulting in the formation of coarse dendrites and numerous long-chain
Laves phases.

In the GLP method, reducing the laser power layer by layer promotes uniform heat dissipation,
alleviates heat accumulation, and accelerates the cooling process. The incremental GXR and
reduced G/R ratio in the GLP method promote the formation of fine dendrites and mitigate the
micro-segregation of Nb. Wang et al. [36] confirmed that long-chain Laves phases tend to form
in inter-columnar dendrites, while discrete or block Laves phases are more likely to precipitate in
equiaxed dendrites. Furthermore, the GLP method enhances lateral heat dissipation in the scanning
direction, strengthens the horizontal temperature gradient, and suppresses the epitaxial growth
of dendrites. This promotes interconnection among dendrites and the formation of misoriented
grains. In the final stage of solidification, the remaining Nb-rich liquid is interrupted and divided
by randomly grown dendrites, resulting in the formation of evenly dispersed and fine Laves phase
particles.

6.4.3 Crystallographic orientation

The inverse pole figures of the y matrix at the same height in the central region of as-deposited
Inconel 718 samples with different laser powers are displayed in Figure 6.14. It can be observed that
the sample deposited with 220 W laser power exhibits fine grains with distinct layer interfaces. On
the other hand, the samples deposited with 320 W and 410 W laser powers predominantly consist of
coarse and elongated columnar grains, many of which grow epitaxially across the deposited layer
without being interrupted by the re-melting process, resulting in blurred layer interfaces. In the
case of the GLP sample, fine equiaxed grains are present at the layer interface, along with irregular
misoriented grains within the layer. The size and shape of the grains are evaluated using the mean
fitted ellipse major diameter and grain aspect ratio (AR), as shown in Figure 6.14(e). An increase in
the mean fitted ellipse major diameter from 49.66 pm to 77.76 um is observed with the increment
of laser powers for CLP deposition. The GLP sample exhibits a mixture of fine equiaxed grains and
irregular misoriented grains, with a mean fitted ellipse major diameter of 57.10 um. The AR, which
represents the ratio of the long to the short diameters of a fitted ellipse, can indicate the extent of
equiaxed grains. The presence of coarse columnar grains across the deposited layers in the 410 W
sample results in a maximum AR of 2.51, while the GLP sample has the smallest AR of 2.01, similar
to the substrate’s AR (2.08).

The crystallographic texture is clearly revealed in the EBSD pole figures (Figure 6.15). As
the laser power increases from 220 W to 410 W, the microstructure transitions from fine columnar
grains with weak texture to coarse and elongated columnar grains with a strong <001> texture along
the build direction, consistent with previous research [37-39]. The <001> direction becomes more
pronounced with higher laser power, and the maximum polar density reaches 8.27 in the 410 W
sample. This enhancement of the <001> direction is also confirmed by XRD analysis. Nevertheless,
the GLP sample exhibits a weak texture, with a maximum polar density of 3.98. For GLP sample,
the increased cooling rate due to the gradual laser power reduction enhances the stirring effect in the
molten pool, and the remelted broken dendrites provide additional nucleation sites. The combination
of high constitutional supercooling and heterogencous nucleation promotes the transition from
columnar to equiaxed growth. The microstructure tends to form dendrites with multiple growth
directions, increasing the presence of equiaxed dendritic structures. For GLP process, besides the
heat flow that occurs parallel to the deposition direction, there is an intensified heat flow in other
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directions. This is primarily caused by variations in laser power between layers. Consequently,
the direction of grain growth deviates from the typical <001> orientation. GLP also exhibits
reduced dilution rate and re-melting of each layer. The unique characteristics of GLP lead to the
formation of columnar dendrites with multiple growth directions. This is attributed to the process
of heterogeneous nucleation and subsequent growth, which is primarily based on the un-melted
portions of the previous layer. As a result, the relationship between the grain growth direction and
the deposition direction for GLP is not clearly defined. Therefore, the GLP sample contains more
fine equiaxed grains and exhibits no obvious texture.

6.5 Mechanical property improvement
6.5.1 Residual stress

During laser additive manufacturing, thermal strain and residual stress often occur in the as-deposited
samples due to high thermal gradients and repeated local heat transfer. The presence of severe
residual tensile stress negatively affects the performance of the repaired samples. Residual stresses
in crystalline metals or alloys can be categorized into three types based on different analyzed scales:
Type I stress on the macro-scale (macro-stress), Type 1I stress on the micro-scale (micro-stress) at
the grain level, and Type III stress on the nano-scale [40]. To evaluate the level of residual stress, we
analyzed and discussed the results from both macro and micro scales.

The Grain Orientation Spread (GOS) obtained from EBSD analysis reflects the magnitude of
plastic strains and residual stress. GOS indicates the distribution of micro-strain (micro-stress) at
the grain-size level, which corresponds to Type II stress distribution. The mean GOS values are
calculated based on the degree of orientation changes between each pixel within the grain and the
mean grain orientation. The mean GOS value of a grain i is defined as follows [41]:

GOS(i) %ij” (6.4)

where J(i) represents the numbers of pixel in grain 7, and ;; is the misorientation angle between the
orientation of pixel j and the mean orientation of grain i.

Based on the GOS distribution shown in Figure 6.16, the sample deposited with high laser
power exhibits a higher mean GOS value, while the sample from the GLP method has the lowest
mean GOS value. The GOS map highlights grain-scale differences in geometrically necessary
dislocations, residual plastic strain, and the degree of grain distortion. Due to significant thermal
expansion and contraction caused by localized heating and cooling, the sample deposited with
410 W laser power shows a high mean GOS value, indicating an uneven distribution of plastic strains
and residual stresses. The increase in texture contributes to higher mean GOS values in samples
deposited with high laser power [42]. The GLP method, with its continuously reducing laser powers,
alleviates micro-scale plastic strain and residual stress in the deposited parts by ensuring uniform
heat dissipation, resulting in the lowest GOS value of 1.24°.

Type I residual stress, which is on the macro-level, can be measured using XRD. Figure 6.17
displays the residual stress results of Inconel 718 samples deposited with various laser powers in
the longitudinal (Y) and normal (Z) directions. For samples deposited using the CLP method, as the
laser power increases, the longitudinal stress (6,) undergoes a transition from tensile to compressive,
while the normal stress (c,) follows the opposite trend. Interestingly, the GLP sample exhibits
compressive residual stresses in both directions, particularly with o, reaching up to —250 MPa.
It is well-known that rapid heating and cooling in DED processes induce residual stresses. These
stresses primarily arise due to the non-uniform deformation of materials during thermal cycles. The
tensile residual stresses observed in most CLP deposited samples align with the general situation
of residual stresses in the DED process. During DED, the previously deposited layer constrains
the free expansion of the newly deposited layer, leading to compressive plastic deformation of the
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Figure 6.16. GOS maps of the as-deposited Inconel 718 samples with different laser powers: (a) 220 W, (b) 320 W,
(c) 410 W, and (d) GLP.
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Figure 6.17. Normal and longitudinal residual stress results of the as-deposited Inconel 718 samples with various laser
powers. ]

newly deposited layer at high temperatures. Upon subsequent solidification and cooling, the newly
deposited layer undergoes contraction, which is restricted by the pre-deposited layer and results in
tensile residual stress within the newly deposited layer [43].

The sign of residual stresses is primarily determined by the thermal expansion coefficients and
the effects of thermal contraction. Meanwhile, the magnitude of residual stresses is mainly influenced
by plastification effects, thermal gradients, and cooling rates [44, 45]. Additionally, the distribution
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of temperature fields plays a crucial role in the cyclic deformation behavior and relaxation of residual
stresses. In the case of GLP samples, the gradual reduction of laser power layer by layer leads to a
decrease in the size of the molten pool. This reduction weakens the shrinkage effect and promotes
the formation of compressive stresses. Furthermore, the GLP method enhances cooling rates,
creates a more uniform heat distribution field, and facilitates heat dissipation in the longitudinal
direction. As a result, the GLP process contributes to a significant increase in compressive stress
(oy)- Studies have shown that the presence of compressive residual stress can improve the fatigue
resistance of materials and extend their service life [46]. Therefore, it is reasonable to expect that the
presence of compressive stresses in GLP-deposited samples would be advantageous for enhancing
their mechanical properties.

6.5.2 Microhardness

Figure 6.18 illustrates the distribution of average hardness along the longitudinal cross-section,
specifically focusing on the bottom, middle, and top regions. As the laser power is increased, the
hardness initially rises and then declines. Moreover, as the distance from the substrate increases,
there is a noticeable decrease in hardness across all samples. The presence of coarse microstructures
with lower hardness in the top region can be attributed to the lower cooling rates associated with
greater deposition height, in accordance with the Hall-Petch relation [47]. The higher hardness
observed at the bottom of the deposited zone can be attributed to the enhanced precipitation
hardening resulting from repeated thermal cycles. In the bottom region, the partial dissolution of
Laves phases releases free Nb atoms that diffuse into the matrix, accelerating y”” precipitation in
the inter-dendritic region. Conversely, the GLP sample demonstrates a different behavior compared
to the previously mentioned CLP samples. The hardness of the GLP sample remains high and
exhibits uniformity, although there is a slight reduction with increasing deposition height. The high
cooling rate associated with the GLP process suppresses Nb micro-segregation and increases the
amount of Nb in the y matrix. The incorporation of Nb within the y matrix induces a distorted
elastic stress field due to the atomic size difference and the short-range internal stress resulting
from the difference in elasticity modulus between the y matrix and solute atoms [15]. This enhanced
solid solution strengthening contributes to the overall increase in microhardness. Additionally, the
uniformly dispersed discrete Laves phases act as dispersion strengthening agents, further improving
the hardness to some extent.
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Figure 6.18. Average hardness of DZs from the bottom to the top region. ]
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6.5.3 Tensile properties

Tensile specimens comprising a 50% deposition and 50% substrate were meticulously fabricated to
assess both the repair effectiveness and the strength of the repaired interfaces. Notably, the fracture
occurrence in all specimens took place within the deposited zone, indicating the structural integrity of
the deposition-substrate combination and the robust strength of the bonding zone. The representative
tensile curves of different samples are illustrated in Figure 6.19(a), while a comprehensive summary
of the yield strength (YS), ultimate strength (UTS), and elongation is presented in Figure 6.19(b).
Observing the 220 W, 320 W, and 410 W deposited samples, it can be found that the YS initially
increases and subsequently decreases, with no significant discrepancy in UTS. Notably, the Y'S and
UTS of'the 320 W deposited sample exhibit a slightly higher value. Comparatively, the GLP samples
demonstrate similar YS and UTS values to those of the conventionally CLP samples. However, a
notable disparity arises in terms of elongation when comparing samples deposited under different
parameters. As the laser power increases, the elongation displays a gradual increase after a marginal
decline. In the case of the CLP method, the 320 W deposited samples yield the lowest elongation,
averaging at 18.50%. Conversely, the GLP sample showcases remarkably high elongation, with an
average value of 30.09% and a maximum elongation of 35.79%.

The variation in ductility can be primarily attributed to two factors: Laves phases and texture.
It is reported that the ductility of the material is closely associated with the relative strength of the
inter-dendritic phases and the matrix phases [48]. The Laves phase is characterized as brittle and
hard, exhibiting poor plastic deformation capability. The interface between Laves phase and the y
matrix is weak due to the incoherent relationship. Within the inter-dendritic zone, numerous Laves
phases precipitate, acting as obstacles that hinder the movement and multiplication of dislocations,
thereby causing stress concentration. In comparison to the CLP sample, which contains a large
amount of long-chain Laves phase, the GLP sample with a smaller amount of discrete Laves phase
demonstrates better ductility.

Apart from the Laves phases, the formation of MC particles along the grain boundaries can also
serve as strengthening phases by impeding the migration of grain boundaries. This phenomenon
reduces ductility but may improve creep resistance [36]. However, considering the small number of
MC particles and their similar distribution in both the CLP and GLP deposited samples, MC particles
are not the main factor contributing to significant differences in the ductility of these samples.

Moreover, the tensile properties of the material are influenced by the angle between the tensile
axis and the texture direction. When samples are deposited using a higher laser power (410 W),
they exhibit improved ductility but lower strength. This can be attributed to the presence of a
strong <001> texture and a coarse columnar grain morphology. The columnar grain boundaries
provide a pathway for preferential accumulation of damage, leading to failure when a tensile load
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Figure 6.19. Results of tensile tests at room temperatures: (a) tensile stress-strain curves, and (b) the statistic results. <



Tailoring Laves Phase and Mechanical Properties of Directed Energy Deposited ... 139

is applied perpendicular to these boundaries. Conversely, when a tensile load is applied parallel
to the columnar grain with the strong <001> texture, failure is delayed due to fewer short axes of
the grains experiencing dislocation pile-up [49]. For GLP sample, a favorable balance between
strength and ductility is observed. This is attributed to a combination of relatively fine columnar
grains and equiaxed grains. The morphology of the grains prepared using the GLP method tends to
be equiaxed, with a low aspect ratio. This characteristic facilitates the adjustment to applied loads
through appropriate movement and deformation, resulting in enhanced mechanical properties with
high ductility [50].

6.5.4 Fracture morphology

According to the microstructural analysis above, the CLP method primarily produces Laves phases
in the form of long-chain configurations. In contrast, the GLP sample exhibits discrete, fine, and
uniformly dispersed Laves phases. When a sample is exposed to tensile load, the presence of Laves
phases makes it susceptible to the initiation of micro-voids and microcracks. These initial defects
gradually propagate and interconnect with each other, ultimately leading to the final failure of the
material.

Figure 6.20 depicts the fracture morphologies of these two types of Laves phases near the
fracture zone, specifically at the Y-Z plane. The yellow arrows indicate the fragmentation of Laves
phases, while the red arrows represent the debonding of Laves phases from the y matrix. The
long-chain Laves phases are observed to break into smaller parts along a specific direction, leaving
behind micro-voids as they separate from the y matrix. On the other hand, the small granular Laves
phases show minimal fractures and can be directly separated from the matrix without fragmentation
(Figure 6.20(d)). When magnified (Figure 6.20(e) and (f)), slip bands can be observed surrounding
the micro-voids caused by the debonding of small Laves phases and MC carbides. This confirms the
high plastic deformation ability of granular Laves phases.

Based on the fractural characteristics of two types of Laves phases observed in Figure 6.20,
the long chain Laves phase and the granular Laves phase exhibit distinct failure mechanisms. The
long-chain Laves phase typically experiences internal fractures, whereas the granular Laves phase
tends to undergo interfacial decohesion. These findings align with the conclusions drawn by Sui

F4

Figure 6.20. Fracture morphologies of Laves phases: (a, b, ¢) long-chain Laves phases in the CLP sample, and (d, e, f)
discrete Laves phases in the GLP sample. ]
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Figure 6.21. Fracture morphologies of Inconel 718 samples deposited under various laser powers: (a, b) 220 W, (c, d) 320
W, (e, f) 410 W, and (g, h) GLP. ]

et al. [20, 51]. The large size of the long-chain Laves phases hinders their movement within the y
matrix during plastic deformation. Consequently, these phases are prone to slipping and breaking
into smaller fragments, which facilitates deformation with the y matrix. However, this process
carries a high risk of crack propagation [52]. The fragmentation of long-chain Laves phases and
their separation from the y matrix contribute to the presence of numerous fractured Laves phases
and cavities within the dimples. In contrast, fine, discrete, and granular Laves phases have a positive
impact on enhancing ductility. They possess a strong affinity for the y matrix and can maintain their
original morphologies or debond from the y matrix without fracturing. The critical stress required
for fracture in the discrete Laves phase surpasses that of its long-chain counterpart.

Figure 6.21 illustrates the typical fracture surface morphologies of the Inconel 718 samples. In all
samples, a distinct dendritic morphology is evident, accompanied by characteristic dimpled surfaces
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indicative of ductile fracture. In the sample deposited using low laser power (Figure 6.21(a)), numerous
pores are observed due to insufficient fusion. Additionally, Figure 6.21(c) reveals the presence of
un-melted powder particles, which are well-known inherent defects in the DED process. These
defects can act as stress concentrators, contributing to the occurrence of final failures.

The presence of residual fractured Laves phases can be identified by yellow arrows in
Figure 6.21(b), (d), (f), and (h), where they appear at dimple nucleation points. Inside the dimples
(Figure 6.21(b)), microcracks are observed as a result of the fragmentation of Laves phases. In the
320 W sample, deep cavities caused by the separation of large-sized Laves phases from the y matrix
during the tensile process are depicted by the red arrows. These cavities are particularly prominent
in the 320 W sample. As the laser power increases, the size of the dimples gradually increases. In
the 410 W sample, the dimples are arranged in a regular pattern along columnar dendrites, indicating
excellent ductility at high laser powers.

Conversely, for the GLP sample, the fracture surface exhibits distinct columnar dendrites with
random directions, and no obvious defects such as holes are observed. The fracture surface of the
GLP sample reveals an abundance of fine dimples, indicating micro-void coalescence during the
ductile fracture process. Among the dimples, residual Laves phases within the y matrix and cavities
resulting from the debonding of granular Laves phases and MC carbides from the y matrix can be
found. It is worth noting that these cavities are smaller in size and more dispersed compared to those
caused by long-chain Laves phases.

6.6 Summary

The as-deposited microstructures of Inconel 718 superalloys possess several remarkable
microstructural features, encompassing micro-segregation, inter-dendritic Laves phases, restrained
nano-strengthening precipitates, and highly oriented columnar structures. These factors collectively
underscore the critical role of mitigating micro-segregation and controlling the formation of Laves
phases in order to enhance the overall mechanical performance and reliability of laser-deposited
Inconel 718 alloys. Based on the deep investigation of microstructural characteristics, a novel
GLP method is proposed to optimize the Laves phases and enhance the mechanical properties of
as-repaired Inconel 718 thin-wall parts during the DED process.

The traditional CLP method produces interconnected long-chain Laves phases among coarse
dendrites. As the laser power increases, the size and aspect ratio of the columnar grains increase,
and the <001> texture is strengthened. However, the GLP method employs decreasing laser
power layer by layer, which alleviates heat accumulation, increases cooling rates and promotes
horizontal heat dissipation. This results in the formation of fine columnar dendrites with disordered
growth directions. The GLP samples exhibit more equiaxed grains and no obvious texture. The
micro-segregation is reduced, and the fine Laves phase particles are discrete and uniformly
distributed in the y matrix.

The comprehensive mechanical properties of the GLP samples are superior. In comparison to
the CLP samples, the GLP-deposited samples exhibit high and uniform hardness. The GLP method
also enables the attainment of excellent ductility while maintaining good strength. The presence of
compressive residual stresses in the longitudinal and normal directions of GLP samples is expected
to improve their overall service performance. The failure modes of the long-chain Laves phases
primarily involve fragmentation and debonding, whereas the granular Laves phases demonstrate
strong coordination and can be retained or separated from the y matrix during the tensile process.
The granular Laves phases exhibit a higher ability for plastic deformation compared to the
long-chain counterparts.

The GLP method demonstrates the feasibility of optimizing the Laves phases and enhancing the
repair performance of Inconel 718 components by reducing the laser powers. This makes it possible
to adjust the processing parameters layer by layer or even track by track during the deposition
process. In the future, there is a need for further exploration and development of in-depth theories
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and principles regarding the flexible in-situ regulation of processing parameters. Ultimately, the
goal is to establish a comprehensive framework that elucidates the intricate relationship between
processing parameters, thermal cycles, microstructure, and mechanical properties. This framework
will provide a solid foundation for the development of advanced laser deposition techniques that
offer unprecedented flexibility in adjusting microstructure and material properties of additively
manufactured components.
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Chapter 7

Achieving Superior Mechanical
Property of Inconel 718 Thin-Wall using
Gradient-Laser-Power Deposition

7.1 Introduction

The maintenance, repair, and overhaul (MRO) industry in the aviation sector plays a critical role in
resource conservation and enhancing the sustainability of manufacturing processes. Laser powder
deposition (LPD), a form of laser-based additive manufacturing, has emerged as a highly promising
and practical method for rebuilding damaged aviation components like turbine blades. LPD enables
the rapid fabrication of near-net-shape products and offers flexible repair capabilities through
coaxial powder feeding and layer-by-layer material deposition.

Inconel 718, a precipitation-hardening superalloy based on nickel, has extensive application
in the production of aerospace turbine blades, nuclear reactors, rocket motors, and spacecraft. This
alloy is chosen for its excellent weldability, high-temperature strength, and exceptional resistance
to creep, corrosion, and oxidation at elevated temperatures. However, during LPD, a characteristic
microscopic feature of as-deposited Inconel 718 samples is the formation of brittle and hard phases
called the Laves phases. This phenomenon occurs due to pronounced micro-segregation of niobium
(Nb) in the inter-dendritic regions. The presence of the Laves phase is undesirable as it depletes
the strengthening elements and promotes the initiation and propagation of cracks [1]. It is widely
acknowledged that the formation of Laves phase, particularly in the form of coarse and continuous
long-chain structures, leads to premature failure and has a detrimental effect on mechanical
properties such as tensile ductility, tensile strength, stress rupture life, and fatigue life [2].

In as-deposited Inconel 718, the occurrence of micro-segregation and the formation of Laves
phase are inevitable due to non-equilibrium solidification. However, it is possible to reduce the
amount and size, as well as modify the morphology of the Laves phase in order to mitigate its
negative impact and potentially enhance the mechanical properties. Previous studies have shown that
as-deposited Inconel 718, which contains discrete and fine Laves phase particles, exhibits superior
mechanical properties compared to samples with coarse and elongated Laves phases [3]. Hence,
it is crucial to precisely control the content, size, and morphology of Laves phases to improve the
performance of laser additive manufactured Inconel 718.

Currently, there are two primary methods to regulate the formation of Laves phases during
Directed Energy Deposition (DED) processes. One approach involves post-heat treatment,
while the other focuses on controlling the conditions of solidification. Regarding the restoration
process, the components requiring repair through material deposition are joined to the substrate.
Performing high-temperature heat treatment, which eliminate Laves phases, can lead to significant
recrystallization and grain coarsening of the substrate. As a result, the performance of the repaired
components may be compromised. Currently, the selection of heat treatment for repairing samples
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primarily revolves around aging heat treatment, which does not effectively dissolve Laves phases.
Given the limitations of heat treatment in all repair scenarios, effective control of solidification
conditions during the material deposition process represents a viable approach for modifying the
microstructure and mechanical properties.

In the previous chapter, the feasibility of enhancing the performance of Inconel 718 repair
specimens was demonstrated through the gradient laser power (GLP) deposition method. This method
involves reducing the laser power layer by layer. Unlike traditional laser additive manufacturing,
the GLP method achieves the formation of fine and discrete Laves particles instead of coarse
long-chain Laves phase. The findings indicate that by optimizing the microstructures in a synergistic
manner, the desired mechanical properties can be attained. However, these results also highlight
the need for further comprehensive investigations into the influence of the laser power change rate
on dendrite and Laves phase regulation, as well as the impact of solidification conditions on the
resulting microstructure and mechanical properties.

In this chapter, we summarize methods for manipulating the Laves phases by controlling
the solidification conditions during deposition. We further investigated the GLP deposition
method proposed in the previous chapter. We utilized Inconel 718 thin-walls as the substrates to
accurately simulate real repair scenarios. Our focus was on investigating the impact of varying laser
power change rates on the modification of Laves phase, with the ultimate goal of optimizing the
microstructure to enhance mechanical properties. We conducted a systematic analysis by comparing
Inconel 718 samples deposited using the GLP method, which involved different laser power change
rates, with samples deposited using the conventional constant laser power (CLP) deposition method.
Our study encompassed the examination of macroscopic features, geometrical characteristics (such
as layer widths and layer heights), and porosity of the repaired thin-wall samples. We also conducted
a comprehensive investigation into the formation of the distinct Laves phase and its relationship
with microstructure and performance. Based on our findings, we can confidently conclude that
the GLP method enables the customization of the unfavorable Laves phase and facilitates the
improvement of mechanical properties in repaired components by strategically adjusting the laser
power throughout the LPD process.

7.2 Tuning Laves phases in laser additive manufactured Inconel 718 alloy

Figure 7.1 presents a summary of the morphological distribution of Laves phases under different
solidification conditions, based on the research conducted by Sui et al. [2]. In the context of local
solidification conditions, the temperature gradient (G) and solidification rate (R) emerge as the
most crucial parameters that influence the morphology and size of Laves phases. The cooling
rate, represented by GxR, and the shape of the solidified microstructure, determined by G/R, play
significant roles in determining the size and shape of the Laves phases.

As illustrated in Figure 7.1, the green and blue areas correspond to the primary laser additive
manufacturing methods, namely Selective Laser Melting (SLM) and Laser Solidification Processing
(LSP), respectively. The orange area represents the specific solidification parameter used to obtain
discrete and fine Laves phases. These discrete and fine Laves phases can be achieved during the
blown powder laser power deposition process when the GXR exceeds 10* K/s, while keeping the
G/R below 107 K s/m? This finding confirms the existence of a theoretical basis for controlling
the formation of Laves phases by modifying the local solidification conditions and increasing the
cooling rates.

Numerous researchers have conducted investigations into controlling the formation of the
Laves phase by modifying the solidification conditions in various ways. Among these approaches,
some scholars have focused on adjusting the local solidification conditions by altering the laser
mode to regulate the Laves phase. In the study conducted by Xiao et al. [4], it was observed that the
quasi-continuous wave (QCW) mode exhibited a lower average energy input, better heat dissipation
conditions, and consequently higher cooling rates compared to the continuous wave (CW) mode.
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Figure 7.1. Morphology distribution map of Laves phases with different solidification conditions [2]. ]

Figure 7.2 illustrates the stark contrast between the CW and QCW samples. The CW sample
displayed coarse and interconnected Laves phase particles, whereas the QCW sample showcased
fine and discrete Laves phase particles. The periodic energy input associated with the QCW mode
resulted in periodic temperature fluctuations, thereby intensifying the disturbance in heat flow
within the molten pool. As a result, the deposited samples exhibited a microstructure characterized
by fine equiaxed dendrites and discrete Laves phase particles.

Imbrogno et al. [5] conducted a study on the impact of laser pulsing frequency on the Inconel
718 thin-walls fabricated by LPD. The results, depicted in Figure 7.3, illustrate the varying
micro-segregation morphology corresponding to different pulsed frequencies. The interrupted heat
source led to the cyclic temperature fluctuations within the molten pool, increased cooling rates and
fluctuating thermal gradients. Consequently, this generated fine dendrite nucleation and isolated
Laves phases, as opposed to the formation of interconnected long ones. In another investigation
by Chen et al. [6], it was demonstrated that the utilization of a flat top laser beam (FTLB) resulted
in weaker micro-segregation and reduced precipitation of Laves phases compared to a Gaussian
distribution laser beam (GDLB). The FTLB was distributed evenly, effectively lowering the molten
pool temperature and temperature gradient along the deposition height. This distribution aided in
enhancing lateral heat dissipation and alleviating accumulated heat buildup. Furthermore, Yang
et al. [7] employed a circular beam oscillation technique to mitigate the presence of Laves phases.
By oscillating the laser beam along a predetermined path at a high frequency, the molten pool was
enlarged, convection within the pool was enhanced, and the stirring effect during the solidification
process was reinforced. The introduction of controlled turbulence within the molten pool facilitated
the uniform diffusion of solute atoms, thus alleviating micro-segregation.

Furthermore, various physical external fields, such as ultrasonic fields and electromagnetic
fields, have been incorporated into the deposition process to regulate the solidification conditions
and enhance the microstructure. Wang et al. [8] employed a novel technique called self-induced
ultrasonic arc welding to control the formation of Laves phases. By applying ultrasonic pulse
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Figure 7.2. Laves phase morphology and Nb distribution in the interdendritic region (a, ¢, d) CW samples; (b, e, f) QCW
samples [4]. ]

Decreasing the pulsed laser frequency
l -

Interconnected
Laves chain:

Figure 7.3. Micro-segregation morphology at different pulsed frequencies: (a) CW, (b) 1000 Hz, (c) 100 Hz and
(d) 10 Hz [5]. 4

current, the presence of Laves phase particles was reduced while the grain refinement with a
high orientation was achieved. These effects played a crucial role in improving both the tensile
strength and ductility of the material. Another study conducted by Liu et al. [9] combined laser solid
forming with electromagnetic stirring to manipulate the microstructure and mechanical properties
of the as-deposited Inconel 718 superalloy. The vigorous convection of liquid metals induced by
electromagnetic stirring significantly influenced the growth mode of the solid-liquid interface. As
a result, it mitigated the micro-segregation of alloying elements at the interface and reduced the
degree of constitutional supercooling. By increasing the intensity of the magnetic field, the size and
quantity of Laves eutectic phases were diminished, and alloying elements were more uniformly
distributed.

In addition to the utilization of external fields, modifying the cooling conditions of the
surrounding environment has also been employed to enhance the cooling rate during the deposition
process. Zhang et al. [10] investigated the impact of ultra-high cooling rates achieved by employing
liquid nitrogen in the laser cladding of Inconel 718 coatings. The study revealed that the ultra-high
cooling rates resulted in the reduction and refinement of Laves phases with a dispersed distribution.
This rapid cooling approach helped mitigate constitutional supercooling and suppressed the
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segregation of Nb into Laves phases. It is important to note that although ultra-high cooling rates
achieved through ambient temperature adjustments can yield these benefits, they may also increase
the risk of cracking during the actual processing, which adversely affects the mechanical properties.
Therefore, it is crucial to select appropriate methods for controlling the solidification conditions
based on the specific circumstances at hand.

The methods described above can be quite complex due to the demanding requirements on
the laser and the need for additional auxiliary facilities. Moreover, it is widely recognized that the
laser process parameters also play a crucial role in the solidification of the deposition process and
allow for the optimization of Laves phase formation. However, most current research focuses on
analyzing the impact of processing parameters on the formation of Laves phases, while there are
limited studies on reducing the occurrence of Laves phase by adjusting these parameters [11-14].

In contrast to the aforementioned methods that have high demands on the laser generator and
intricate auxiliary facilities, adjusting the processing parameters provides a convenient and flexible
approach to modify the solidification conditions in laser additive manufacturing. Xie et al. [15]
investigated the effects of laser power and scanning speed on solidification conditions and Laves
phase formation using a novel multi-scale numerical model validated through experiments. They
found that high cooling rates achieved by employing high scanning speeds or low laser powers
could suppress composition undercooling, decrease the spacing between secondary dendrite arms,
and consequently yield fine and isolated Laves phase precipitates. Popovich et al. [16] produced
functionally graded Inconel 718 components by alternately employing laser powers of 250 W and
950 W. The resulting graded microstructure exhibited regions with fine grains and highly oriented
coarse grains. The occurrence of Laves phase was primarily observed in the regions deposited with
the high-energy laser source. Liu et al. [17] employed a hybrid processing strategy to deposit Inconel
718 thin-walls by alternating two sets of laser scanning speeds layer by layer. By adjusting and
perturbing the growth behaviors of primary and secondary dendritic arms, they were able to control
dendritic morphology, grain texture, and precipitate formation. These methods demonstrate the
potential to customize the microstructure and mechanical properties by intentionally manipulating
and combining different sets of processing parameters.

However, limited research has been conducted on the regulation of the Laves phase through
variations in laser power during LPD. Additionally, in the studies investigating the LPD repair
process, a high laser power is commonly employed to enhance repair efficiency. When repairing
thin-walled structures like turbine blades, the repair area is typically on the millimeter scale. The
significant heat input from the high laser power can lead to the collapse, tilting, and deformation
of the deposited thin-wall parts. There are scarce studies available in the public domain that have
utilized low heat input for the repair of thin-wall components.

7.3 Build quality
7.3.1 GLP method with different laser power change rates

The GLP method is characterized by a uniform decrease in laser power layer by layer as the
deposition height increases. In the initial GLP experiment, the laser power employed was
420 W for the first layer and subsequently reduced by 1 W for each subsequent layer until reaching
370 W for the final layer. This particular set of experiments is referred to as d-1. Four additional
sets of GLP experiments, namely d-2, d-3, d-4, and d-5, were conducted. In these experiments, the
laser power used for the first layer remained fixed at 420 W, while the reduction in laser power for
each subsequent layer was 2 W for d-2, 3 W for d-3, 4 W for d-4, and 5 W for d-5. Accordingly,
the laser power employed for the final layer was calculated as 320 W for d-2, 270 W for d-3,
220 W for d-4, and 170 W for d-5. The energy input of the GLP deposition method is quantified by
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the volumetric energy density £ (J/mm?). This is calculated as the laser energy per unit volume of
material deposited using the equation [18]:
P

E v, xDxt .0
where P represents the laser power (W), v, is the scanning speed (5 mm/s), D is the laser spot diameter
(1.6 mm), and ¢ is the layer thickness (0.42 mm). The laser power and corresponding volumetric
energy density variations across subsequent layers for the GLP experiments are illustrated in
Figure 7.4. The region between the two gray dotted lines denotes the position for tensile sampling.
Given that the other parameters remain constant, the volumetric energy density is directly
proportional to the laser power. For comparison, samples deposited using the traditional CLP
LPD method, utilizing fixed laser powers of 170 W, 220 W, 320 W, and 420 W, were employed.
Additionally, the powder mass flow rate was set at 7.2 g/min.

For a moving point heat source, we can estimate the cooling rates (d7/d¢) using the Rosenthal
solution [19]:

dT 2 2
7 2k7z( P J AT (7.2)
where k represents thermal conductivity (11.4 W/m-°C) and AT denotes the temperature change
during cooling. In this calculation, we assume that the liquidus temperature (1336°C) is the maximum
temperature of the molten pool, while the substrate temperature is 25°C. The estimated cooling rates
for various laser powers are 1465.58°C/s, 1663.64°C/s, 1923.58°C/s, 2279.80°C/s, 2797.93°C/s,
and 3620.86°C/s, corresponding to the laser powers 420 W, 370 W, 320 W, 270 W, 220 W, and
170 W, respectively. It is worth noting that there is an inversely proportional relationship between
the laser power (volumetric energy density) and cooling rates. However, it is important to mention
that this cooling rate estimation does not consider the heat accumulation effect, and the reported
values are approximate rather than exact.

Figure 7.4. The laser power and corresponding volumetric energy density variations as functions of the deposited layer
during the GLP deposition. (]
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7.3.2 Macroscopic features

When considering the geometrical formation of repaired parts, it is crucial to examine the macroscopic
characteristics of thin-walls formed. Figure 7.5 illustrates the typical macroscopic morphologies of
samples deposited using the CLP and GLP methods. As depicted in Figure 7.5(a), the CLP sample
deposited at a low laser power (170 W) exhibits noticeable agglomeration of unmelted powders
and defects caused by a lack of fusion. Due to interfacial tension, the molten metal tends to shrink
into spherical shapes, resulting in the formation of clustered particles known as the balling effect
[20, 21]. Insufficient and discontinuous fusion occurs due to the poor flowability of the molten
pool at low laser powers. Conversely, when the laser power is set too high (420 W), significant
heat accumulation takes place during the deposition process. This leads to uneven and undulating
surfaces due to the splattering of droplets within the molten pool. In contrast, the GLP method yields
smooth and uniform macroscopic surface features for samples d-1 and d-2 (not shown), as depicted
in Figure 7.5(b). These GLP samples exhibit satisfactory macroscopic morphologies similar to the
CLP sample morphology achieved using optimal processing parameters, namely laser powers of
220 W and 320 W.

(b)

Figure 7.5. The macroscopic morphologies of as-deposited Inconel 718 samples: (a) 170 W, 220 W and 420 W for CLP
deposition, and (b) d-2, d-3 and d-5 for GLP deposition. ]

7.3.3 Layer width and layer height

To investigate the impact of varying laser power on the widths and heights of thin-wall structures,
we captured optical micrographs of the Y-Z plane of etched thin-wall samples. Figure 7.6(a) depicts
arepresentative transverse section of the d-4 sample, while Figure 7.6(b) illustrates the measurement
method based on the reference [22]. Each sample underwent three measurements. The total heights
of the deposited parts range between 21.4 and 21.9 mm, as shown in Figure 7.6(c). Notably, the total
height of the CLP sample slightly increases with higher laser powers.

Table 7.1 presents the average values of layer width and layer height. As the laser power change
rates increase for the GLP samples and laser powers decrease for the CLP samples, the average layer
widths gradually decrease. Conversely, the average layer heights remain relatively constant for all
samples. Figure 7.6(d, e) and (f, g) display the variations in layer width and height with the number
of deposited layers for GLP and CLP samples, respectively. In Figure 7.6(d), the layer widths of
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Figure 7.6. Measurement results of layer widths and heights for as-deposited Inconel 718 thin-wall samples: (a) optical

micrograph of the d-4 sample in the transverse (Y-Z) plane, (b) schematic diagram of measuring layer widths and heights,

(c) total heights of as-deposited parts, (d) layer widths of GLP samples, (e) layer heights of GLP samples, (f) layer widths of
CLP samples, and (g) layer heights of CLP samples. <

the GLP samples exhibit a downward trend as the number of deposited layers increases, and this
downward trend becomes more pronounced with higher laser power change rates. For CLP samples
(Figure 7.6(f)), the layer widths increase with increasing constant laser powers. While the layer
widths remain mostly stable as the deposition height increases for low laser powers, they exhibit
an increasing trend along the deposition height due to significant heat accumulation at high laser
power (420 W). Figure 7.6(e) and (g) demonstrate that the layer heights of both GLP and CLP
samples fluctuate with the number of deposited layers but remain around 0.42 mm (equal to the
predetermined increment for each layer in the Z-axis). The height of the last layer increases due to
the lack of remelting of the subsequent layer. Higher laser powers correspond to greater heights for
the last layer.

Numerous researchers have reported that increasing laser power has a more significant effect on
layer width than on layer height during multilayer thin wall deposition [23, 24]. As the laser powers
decrease layer by layer for the GLP samples, the energy densities decrease, resulting in reduced
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Table 7.1. Measured average layer widths (mm) and heights (mm) for as-deposited Inconel 718 thin-wall samples. <

d-1 d-2 d-3 d-4 d-5 170 W 220 W 320 W 420 W
Layer width 197+ | 193+ | 1.82+ 1.74 + 1.65+ 1.56 + 1.84 + 227+ 279

0.10 0.12 0.14 0.17 0.25 0.07 0.11 0.07 0.14
Layer height | 0.425+ | 0.425+ | 0423+ | 0425+ | 0425+ | 0.421+ 0.423 = 0.427 0.429 +

0.04 0.03 0.03 0.03 0.02 0.02 0.03 0.03 0.05

widths and heights of the deposited layers. This reduction can be attributed to a smaller molten
pool size, reduced energy input per unit area, and decreased powder catchment rate [25]. Despite
the fixed Z increment per layer, the reduction in laser power leads to a decrease in clad height,
molten pool depth, and dilution rate. Consequently, the overlap between layers is reduced. From the
perspective of the fusion line, the layer spacing remains similar, and the overall layer height remains
unchanged. Therefore, GLP deposition is considered a stable process, despite minor fluctuations in
layer heights.

7.3.4 Porosity

Pores, which are significant material defects in Laser Powder Deposition (LPD), have a detrimental
impact on the mechanical properties of the material. In this study, over 20 optical micrographs
were utilized for each sample to accurately quantify the porosity using Image-Pro-Plus software.
The software employed a suitable threshold for binarization processing, enabling the effective
differentiation of pores within the deposited samples.

Figure 7.7(a, ¢) and (b, d) display the typical optical micrographs and statistical findings regarding
porosity for the deposition processes of GLP and CLP deposition, respectively. In the case of GLP
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Figure 7.7. Porosity of as-deposited Inconel 718: (a) metallographic images of d-1, d-3 and d-5 for GLP deposition,
(b) metallographic images of 420 W, 220 W and 170 W for CLP deposition, statistical results of porosity in (c) GLP samples
and (d) CLP samples. <]
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samples, the porosity gradually increases as the laser power change rates rise. Conversely, for CLP
samples, an inverse trend is observed where the porosity decreases with an increase in laser powers.
Notably, as the deposition height increases, the GLP sample (d-5) subjected to excessive reduction
in laser power exhibits larger and more numerous pores. A similar phenomenon is witnessed in
CLP samples deposited under low laser powers. It has been reported that the presence of pores
is primarily attributed to factors such as lack of fusion, hollow powder particles, and entrapped
gas bubbles within the molten pool. The utilization of higher energy density proves beneficial in
reducing porosity, as it leads to the creation of a larger molten pool characterized by low viscosity
and enhanced wettability. Furthermore, higher energy density allows for an extended residence
time, enabling the escape of gas bubbles [26]. However, it should be noted that high energy density
can result in unfavorable macroscopic morphology and coarse microstructure due to excessive heat
accumulation. To mitigate the adverse effects of severe heat accumulation, it is crucial to establish
more suitable deposition parameters.

7.4. Microstructure
7.4.1 Dendritic microstructure

Figure 7.8 illustrates the optical dendritic microstructure of the as-deposited Inconel 718 samples
using the GLP method at various deposition heights. In the bottom region of the d-1 samples
(Figure 7.8(a)), characterized by a low laser power change rate, the epitaxial growth of columnar
dendrites is observed, with dendrites crossing multiple layers due to thermal accumulation. The
presence of coarse columnar dendrites growing epitaxially along the building direction aligns with
the morphology of dendrites produced under a high constant laser power. As the deposition height
increases, randomly oriented columnar dendrites become dominant in the d-1 sample. Furthermore,
as the laser power change rates increase, the epitaxially grown coarse columnar dendrites gradually
diminish in the bottom regions. Instead, fine columnar dendrites with random orientations prevail
in the middle and top regions, as depicted in Figure 7.8(b—d). Notably, equiaxed dendrites can be
observed at the interfaces between layers, as indicated by the red arrows. Conversely, in the top
region of the d-5 sample, excessively reduced laser powers lead to the formation of dendrites that

Ep axial growth

200 prhy

Figure 7.8. Optical dendritic morphologies in as-deposited Inconel 718 thin-walls with various deposition heights: (a) d-1
sample, (b) d-2 sample, (c) d-3 sample, (d) d-4 sample, and (e) d-5 sample. ]
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exhibit epitaxial growth in a specific direction within the layer, disrupting the growth pattern of
disordered dendrites (see Figure 7.8(¢)). This particular direction of dendrite growth is influenced
by the bidirectional scanning process, which mainly operates at low constant laser powers [27].

The primary dendrite arm spacing (PDAS) is introduced to characterize the size of the dendrites
[28]. The cooling rates can be estimated based on the PDAS using this equation [12]:

A =80g0 (7.3)

where 4 represents the PDAS (um) and ¢ represents the cooling rate (°C/s). In order to measure
the PDAS, different regions at various deposition heights are selected, and the PDAS values are
determined using the Image-Pro-Plus software. The obtained PDAS results and calculated cooling
rates are presented in Table 7.2. It is evident that as the deposition height increases, the PDAS
demonstrates a decreasing trend. A similar trend is observed with an increase in the laser power
change rates. The size of the dendrites is closely related to the cooling rates. Decreasing the laser
power leads to higher cooling rates, which in turn reduces the time available for the development
and growth of dendritic structures, resulting in smaller PDAS values.

Furthermore, the trends in cooling rates estimated using PDAS and the Rosenthal solution
(Equation (7.2) in Section 7.3.1) show good agreement. However, the cooling rates determined
based on PDAS are lower than those estimated by Equation (7.2). This discrepancy arises from the
fact that the resulting PDAS is influenced by the heat accumulation during the actual laser powder
deposition (LPD) process, which is not taken into account in the Rosenthal solution.

It is widely acknowledged that various thermal cycles occurring during the deposition repair
process can give rise to the development of diverse microstructures. Consequently, the resulting
differences in dendrite appearance exert a significant influence on the morphology and size of the
Laves phase. In the case of traditional CLP deposition, the conductive thermal resistance to the
substrate progressively increases as the thin-wall is built up, leading to a gradual accumulation of
heat. This gradual heat accumulation, coupled with a reduced cooling rate, results in the formation
of coarse dendrites. Parimi et al. [27] reported that high molten pool temperatures and continuous
heat fluxes from high laser power deposition can cause complete re-melting of successive layers
and facilitate the epitaxial growth of coarse columnar dendrites. In contrast, for GLP samples,
the reduction of laser powers on a layer-by-layer basis can induce significant changes in the local
thermal conditions during the solidification process. This layer-by-layer reduction in laser powers,
combined with an increasing laser power change rates, creates a condition of rapid heat dissipation
and higher cooling rates for the GLP sample. These conditions are favorable for the formation of
fine dendrites.

Furthermore, the variation in the depth of the molten pool plays a crucial role in the development
of disordered columnar dendrites during the process of GLP deposition. Within a single deposited
layer, columnar grains emerge from the outer region of the molten pool and grow towards its center,
while equiaxed grains form in the upper part of the molten pool upon complete solidification [29].
In a previous investigation conducted by Luo et al. [30], it was demonstrated that the size and

Table 7.2. Measured average PDAS (um) and calculated cooling rates (°C/s) for various laser power change rates in the
bottom, middle and top regions. 1

Deposited region d-1 d-2 d-3 d-4 d-5
Bottom region PDAS 9.6+0.7 9.0+0.8 8.6+0.8 8.1+0.7 7.6+0.8
Cooling rate 617.11 750.40 861.24 1032.65 1252.59
Middle region PDAS 9.2+0.6 83+0.7 8.0+0.7 7.5+0.5 6.9+0.8
Cooling rate 702.05 959.08 1072.27 1303.88 1678.70
Top region PDAS 9.1+0.8 8.1+0.8 7.6+0.7 73£0.6 6.6+0.6
Cooling rate 725.69 1032.65 1252.59 1415.17 1920.76
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temperature of the molten pool increase as the building height rises due to heat accumulation in the
multilayer laser cladding, with laser parameters held constant. At the initial stages of deposition,
steering dendrites can be observed on the uppermost portion of the deposited layers. However, they
are mostly absent in subsequent layers due to remelting caused by the larger size of the remolten
pool. Consequently, the epitaxial growth of columnar dendrites gradually prevails, with a preferred
<001> direction emerging over time. Yi et al. [31] confirmed that an increase in laser power leads
to a deeper molten pool. As evidenced by the analysis of layer height in Section 7.3.3, the depth
of the molten pool and the dilution rate of the GLP sample decrease as the laser power is reduced
layer by layer. Consequently, the amount of overlap between layers is reduced. This implies that the
equiaxed dendrites present on the top surface of the previously deposited layer are not sufficiently
remelted by the subsequent layers as the deposition height increases. During solidification, the
dendrites of the newly deposited layer grow based on the non-melted equiaxed dendrites from the
previous layer. Moreover, the layer-by-layer adjustment of laser powers during GLP deposition
intensifies the disturbance within the molten pool, thereby enhancing the Marangoni heat flow to a
certain extent. This promotes multi-directional heat dissipation and disrupts the dendritic growth.
The increased presence of residual equiaxed dendrites and remelted fragmented dendrites contribute
to the generation of additional heterogeneous nucleation sites, consequently impeding epitaxial
growth. Consequently, the GLP method enables the production of fine columnar dendrites with
disordered growth orientations.

7.4.2 Laves phase

Figure 7.9 illustrates the typical morphologies of Inconel 718 in as-deposited condition under
the backscattered electron (BSE) mode, along with the corresponding energy-dispersive X-ray
spectroscopy (EDS) line scanning maps. In traditional CLP samples, the presence of long-chain

Figure 7.9. The typical SEM micrographs of as-deposited Inconel 718 in BSE mode and corresponding EDS line scanning
maps: (a) long-chain Laves phases in CLP sample, and (b) fine and discrete Laves phases in GLP sample. /]
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Laves phases is widespread (Figure 7.9(a)). However, by utilizing the GLP deposition method, we
can obtain fine discrete Laves phases (Figure 7.9(b)). The occurrence of severe micro-segregation
can be attributed to the concentration of constituents with low melting points in the inter-dendritic
regions. The Laves phases, represented by the white regions located between dendrites (indicated by
yellow arrows), are accompanied by offwhite regions surrounding them, which indicate the presence
of element-rich areas. Additionally, a few MC particles (highlighted by green arrows) are dispersed
within the y matrix. Notably, the line scanning results reveal clear evidence of micro-segregation of
Nb, Mo, and Ti, elements with high atomic numbers. Conversely, Ni, Fe, and Cr exhibit deficiencies
in the inter-dendritic regions.

The morphology and distribution of Laves phase particles in the bottom, middle, and top regions
of the d-2 and d-5 samples are depicted in Figure 7.10(a—f). Figure 7.10(a) and (d) exhibit the
presence of elongated long-chain Laves phases in the bottom region of both the d-2 and d-5 samples.
During the initial stages of the deposition process, heat gradually accumulates, and the cooling effect
of the substrate diminishes, resulting in lower cooling rates over deposition time. Consequently, in
the final stages of solidification, the concentrated Nb and Mo liquids form elongated Laves phases
within the dendrite arms, making it difficult to avoid their presence in the bottom region of the
as-deposited samples.

As the laser power is reduced layer by layer, discrete, fine, and granular Laves phases are
dispersed among the dendrites in random directions, as shown in Figure 7.10(b), (¢), and (¢). The
morphology of the Laves phases is closely linked to the morphology of the dendrites. In the top
region of the d-5 sample (Figure 7.10(f)), due to a significant reduction in laser power, a fine
long-chain Laves phase appears in the columnar inter-dendritic region along a specific direction.
This excessive reduction in laser power weakens the discrete and uniform distribution of Laves
phase particles.

To quantitatively analyze the impact of changes in laser power rates on Laves phases, we
employed the Image-Pro-Plus software to conduct a quantitative analysis of the volume fraction
and geometric characteristics of the Laves phases. The data presented here represent the mean value
obtained from multiple measurements. More than twenty BSE micrographs with a magnification
of 3000 were obtained across entire as-deposited parts of each sample. These micrographs were
subjected to image processing techniques to enhance contrast, enabling clear differentiation between

Figure 7.10. Laves phase morphology and distribution in the (a) bottom, (b) middle and (c) top regions of d-2 sample and
(d) bottom, (¢) middle and (f) top regions of d-5 sample. I
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the boundaries of the Laves phases and the y matrix. This preprocessing step was necessary to ensure
accurate delineation for subsequent image analysis procedures [32]. Manual adjustments were
made to the thresholds in order to encompass the Laves phases, after which the micrographs were
binarized. Subsequently, we calculated the area, length, width, and aspect ratio of each individual
Laves phase. To mitigate the potential impact of manually selected thresholds on image binarization,
we averaged at least five measurements for each BSE image and eliminated any measured outliers.
The area data were accumulated and divided by the total area of the micrograph to calculate the
area fraction. For the determination of volume fraction, we employed the areal method based on the
stereological Cavalieri-Hacquert relation [33].

Figure 7.11 illustrate the statistical outcomes. It is evident that the volume fraction, mean area
per Laves phase, length, and width of Laves phases exhibit a general downward trend as the laser
power change rates increase. In the case of the d-5 sample, the volume fraction and size of the Laves
phase can decrease significantly, reaching as low as 1.66% and 0.67 um?, respectively. However,
an unusual pattern is observed in the d-2 parameter. Specifically, the aspect ratio of the Laves phase
initially decreases and then increases with the rise in laser power change rates, with a minimum
value of 2.32 observed at the d-2 parameter. The statistical analysis outcomes indicate that the
escalation of laser power change rates not only diminishes the size and quantity of Laves phases but
also influences their aspect ratio. Consequently, there is a tendency for Laves phases to transform
from granular to long-chain configurations in samples with high laser power change rates.

The morphology and distribution of the Laves phase exhibit a strong dependence on the
previously discussed dendrite appearance. Figure 7.12 provides a detailed schematic representation
of the relationship between dendrite morphology and the Laves phase in both GLP samples and CLP
samples. In the case of CLP samples, coarse and long-chain Laves phases tend to form among the
coarse columnar dendrites that grow in a specific direction. On the other hand, disorderly growing
dendrites and equiaxed dendrites play a crucial role in the formation of discrete and fine Laves
phases in GLP samples. In a study by Nie et al. [34], it was noted that the morphology of Laves
phases is greatly influenced by the temperature gradient (G) and the solidification rate (R). Fine and
discrete Laves phases are more likely to form under high cooling rates (G-R) and a low ratio of the
temperature gradient to solidification rate (G/R).

Considering the estimated cooling rate and measurements of PDAS, it is observed that reducing
the laser power leads to an increase in the cooling rate. For the GLP samples, the PDAS decreases
as the laser power decreases layer by layer, demonstrating the enhanced cooling effect. Additionally,
higher laser power change rates for GLP samples lead to even higher cooling rates. These elevated
cooling rates can alleviate the segregation of Nb in the deposited zone due to insufficient time
for solute redistribution. Consequently, fine and disordered dendrites impede solute diffusion and
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Figure 7.11. Statistical results of the Laves phases under various laser powers: (a) the volume fraction and mean area per
Laves phase, and (b) length, width, and aspect ratio of the Laves phases. «1
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Figure 7.12. Schematic diagram of the relationship between the Laves phase and dendrite morphology for GLP and CLP
deposition methods. ]

promote the separation of the remaining liquid zone into isolated Nb-rich regions. Both of these
factors limit the formation and growth space for Laves phases. As a result, eutectic reactions give
rise to the formation of fine and discrete Laves phase particles with lower content and smaller size.

The size of Laves phases is primarily influenced by the cooling rate, and the shape of these
phases is sensitive to the growth direction of dendrites [35]. The growth direction of dendrites
or grains is determined mainly by the combined effects of the preferred growth direction of
face-centered-cubic (FCC) crystal structure (<001>) and the direction of maximum heat flux [36].
When there is multidirectional heat flux, the growth of columnar dendrites deviates significantly
from the intended direction, resulting in dendrites with no specific preferred orientation. The
GLP samples exhibit fine, discrete, and granular Laves phase particles due to superior lateral heat
dissipation and a high proportion of dendrites with various orientations. However, the GLP method
does have certain limitations on the regulation of dendrites and Laves phases. On one hand, near the
bottom of the deposited part, where severe heat accumulation occurs early on, epitaxial growth of
columnar dendrites and long-chain Laves phases can be observed. On the other hand, when a GLP
sample is deposited with a high laser power change rate (d-5), columnar dendrites within the layer
shift towards the scanning direction, resulting in a zigzag structure in the grain morphology. This
shift causes the granular Laves phases to transform into long-chain ones.

7.4.3 Grain morphology and crystallographic texture

The EBSD inverse pole figures and pole figures presented in Figure 7.13(al—el) and (a2—e2),
respectively, show the grain morphologies and crystallographic textures in the middle regions of
GLP samples along longitudinal sections (X-Z plane). It is important to note that the GLP method
has the capability to generate a mixed structure consisting of equiaxed grains and fine elongated
columnar grains. To statistically evaluate the grain morphology, the mean equivalent circle diameter
and mean fitted ellipse aspect ratio (AR) are employed, as depicted in Figure 7.13(f1). As the laser
power change rates increase, the grain sizes initially decrease from 50.53 pm (d-1) to 36.65 um
(d-3), and then increase to 39.58 um (d-5). Meanwhile, the AR of the grains exhibits a similar trend.
The d-1 sample possesses the largest AR, reaching up to 2.45, whereas the d-2 sample exhibits the
smallest AR of 1.97. In the case of a low laser power change rate (d-1), where the laser power is
reduced by only 50 W from the first layer to the last layer, the heat accumulation effect becomes
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Figure 7.13. EBSD texture analysis and grain characteristics of GLP samples: inverse pole figures and pole figures with
(al, a2) d-1, (bl, b2) d-2, (cl, c2) d-3, (d1, d2) d-4, (el, e2) d-5, (f1) results of mean equivalent circle diameter and mean
fitted ellipse aspect ratio, and (f2) fractions of LAGBs and HAGBs. ]

prominent. Consequently, coarse and elongated columnar grains growing epitaxially along the
building direction and extending across the layer interface can be clearly observed. The largest grain
in this sample reaches approximately 690 pum in length. Furthermore, the d-1 sample demonstrates
a relatively strong <001> texture with a maximum polar density of 5.25.

As the laser power decreases layer by layer to a great extent, resulting in an increased cooling
rate, a greater number of fine equiaxed grains form, as observed in Figure 7.13(b1-d1). These
fine grains exhibit disorderly growth without any noticeable preferred orientation. The smallest AR
observed in the d-2 sample indicates a high fraction of equiaxed grains within it. In the d-5 sample,
the grain morphology is characterized by a zigzag arrangement of columnar grains between the
layers, and distinct layer boundaries can be observed due to reciprocating deposition. This finding
is in good agreement with the morphologies obtained using the CLP method with low laser powers.
The increased fraction of columnar grains in the d-5 sample contributes to an enlargement of the AR
(2.27), and the maximum polar density reaches 3.24.
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The grain boundary misorientation angle plays a crucial role in reflecting the microstructural
characteristics of materials. Grain boundaries are classified into two types based on their
misorientation angles: high-angle grain boundaries (HAGBs) with angles greater than 15°, and
low-angle grain boundaries (LAGBs) with angles less than 15°. The distribution of grain boundary
misorientation types is illustrated in Figure 7.13(f2). It can be observed that the fraction of HAGBs
increases gradually as the laser power change rates increase, while the fraction of LAGBs decreases.
The abundance of LAGBs suggests that the grains are arranged uniformly along a specific direction,
forming a local strong texture [37]. These LAGBs consist of densely packed dislocations, which arise
from high internal stress and significant residual thermal strain caused by the rapid solidification
process of LPD [38]. On the other hand, most of the GLP samples exhibit a high proportion of
HAGBSs and a weak crystallographic texture. The low fraction of LAGBs in GLP samples can be
attributed to the high cooling rates and uniform heat dissipation resulting from a gradual reduction
of heat input layer by layer. This process facilitates a lower level of residual internal stress and
residual thermal strain in the as-deposited samples.

Unlike the epitaxially grown coarse columnar grains obtained through the CLP deposition
method, the GLP samples deposited using high laser power change rates exhibit a significant
presence of fine grains. Figure 7.14(a—¢) presents the kernel average misorientation (KAM) maps of
grains with mean equivalent circle diameters smaller than 50 um, while Figure 7.14(f) illustrates the
grain size distribution of the GLP samples. With increasing laser power change rates, the proportion
of these fine grains initially increases and then decreases. Despite some fluctuations in the layer
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Figure 7.14. KAM maps of fine grains (the mean equivalent circle diameters < 50 um) for (a) d-1, (b) d-2, (c) d-3, (d) d-4,
(e) d-5, and (f) grain size distribution map of GLP samples. |
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height, the fine grains tend to predominantly distribute at the interface of the layers. The KAM value
is determined by calculating the average misorientation angle between a given non-boundary point
(< 5°) and its neighboring points. These fine grains in the GLP samples exhibit low KAM values,
which indicates a low dislocation density and low stored excess energy within the grains. The KAM
value is associated with local crystal misorientation, lattice distortion, stored energy from distortion,
and dislocation density within the grains [39].

7.5. Mechanical properties
7.5.1 Microhardness

In order to investigate the changes in mechanical properties of a single GLP sample, we conducted
microhardness measurements on transverse sections. Each sample underwent three tests, and the
distance between adjacent measurement points was set at 500 um. Figure 7.15 illustrates the variations
in micro-hardness for GLP samples with different laser power change rates as the deposition height
increases. Overall, we observed a slight decrease in hardness as the deposition height increased
for the GLP samples. However, the difference in hardness distribution among the different GLP
samples was found to be negligible. The average hardness values for these GLP samples were
measured to be 263.4 + 8.7 HV (d-1), 264.2 + 7.4 HV (d-2), 262.4 = 4.3 HV (d-3), 262.7 + 4.8
HV (d-4), and 264.1 = 6.6 HV (d-5) respectively. It is worth noting that the bottom region of the
as-deposited parts undergoes multiple thermal cycles. These cycles facilitate the diffusion of
refractory elements, the dissolution of Laves phase, and the precipitation of y"" and y" phases. As a
result, the relative hardness in this region is relatively high [40].

Figure 7.15. Micro-hardness of GLP samples along the deposition height. 1]

7.5.2 Room temperature tensile properties

To evaluate the impact of deposition mode and laser power change rate on the mechanical properties,
room temperature tensile tests were carried out. Figure 7.16 displays the typical tensile curves of
the samples, along with the statistical data for yield strength (YS), ultimate strength (UTS), and
elongation. It is evident that the samples deposited using the GLP method exhibit noteworthy
YS, high UTS, and superior ductility when compared to their counterparts deposited through the
CLP method. In the case of CLP samples with low laser powers, the presence of lack-of-fusion
defects and high internal porosity contributes to reduced strength. On the other hand, CLP samples
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Figure 7.16. Results of room temperature tensile tests: (a) tensile stress-strain curves, (b) YS, (¢) UTS, and (d) elongation.

4

deposited with high laser powers exhibit coarse dendrites and long-chain Laves phases, which
lead to diminished strength and poor ductility. In the GLP samples, as the laser power change rate
increases, both YS and UTS initially increase and then decrease. The d-2 samples demonstrate the
highest YS and UTS values, reaching up to 537.4 MPa and 1018.3 MPa, respectively. Notably,
the elongation of GLP samples remains consistently around 40%, with the highest value reaching
46.09%. Compared to the CLP samples, the elongation of GLP samples shows an increase ranging
from 18% to 83%.

As is widely recognized, strain hardening is a phenomenon in which stress increases as
deformation increases during the plastic deformation phase. To further analyze plastic behavior and
quantify the response of strain hardening, the strain hardening rate (8 = dS/de, where S represents
true stress and e represents true strain) is plotted against true strain for GLP and CLP samples in
Figure 7.17(a) and (b). The curve of strain hardening rate can be divided into three distinct stages.
During stage I, known as the strong strain hardening stage, the strain hardening rate is relatively
high and decreases sharply as true strain increases due to the proliferation of dislocations [41]. As
true strain continues to increase, the strain hardening rate decreases slightly and stabilizes in stage I1.
This steady strain-hardening stage represents the main process of uniform plastic deformation and
corresponds to the linear section observed in the true stress-true strain curves. Following necking,
the weak strain hardening stage (region III) occurs, characterized by a rapid decline in the strain
hardening rate with increasing true strain.

The length of the steady strain hardening stage determines the capacity for uniform plastic
deformation. The longer the uniform deformation stage lasts, the stronger the ability for uniform
plastic deformation and the higher the level of plasticity [42]. It is evident that the GLP samples
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Figure 7.17. Strain hardening curves of different Inconel 718 samples: the strain hardening rate vs. true strain curves of
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exhibit a longer stage II compared to the CLP samples, indicating a superior ability to resist further
plastic deformation.

The Hollomon equation, which is commonly used in the analysis of tensile tests, provides a
relationship between true stress and true strain during the stage of uniform plastic deformation. It is
expressed as [43]:

S=K-e" (7.4)
InS = InK + nlne (7.5)

where S and e represent the true stress and the true strain, respectively. K represents the hardening
coefficient. n is the strain hardening exponent.

Figure 7.17(c) and (d) depict the /nS-Ine curves for GLP and CLP samples during the uniform
plastic deformation stage. The slopes of these curves correspond to the strain hardening exponents.
In order to provide a clearer understanding, several characteristic parameters, such as the strain
hardening exponent (), hardening coefficient (K), and goodness of fit (R?), are estimated and
presented in Table 7.3. It is evident from the results that all GLP samples exhibit larger values of
n compared to CLP samples. For instance, the d-5 sample has an n value of 0.4010, whereas the
420 W-sample has a value of only 0.2814. The strain hardening exponent, #, reflects the material’s
ability to resist continuous plastic deformation. A higher » indicates a more ductile behavior,
allowing for greater elongation before the onset of necking [44]. The results of strain hardening rates
and strain hardening exponents clearly demonstrate the superior ability of GLP samples to undergo
uniform plastic deformation.
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Table 7.3. Strain hardening exponents and corresponding fitting results under various process parameters. 1

d-1 d-2 d-3 d-4 d-5 170 W 220 W 320 W 420 W
n 0.3859 0.3665 0.3718 0.3769 0.4010 0.3445 0.2848 0.3272 0.2814
K | 2007.35 2091.30 1967.15 1912.01 1951.40 1523.78 1541.64 1786.37 1687.98
R? | 0.9960 0.9924 0.9918 0.9922 0.9939 0.9839 0.9852 0.9863 0.9881

The enhancement of mechanical properties in laser-deposited Inconel 718 samples is attributed
to a combination of factors, encompassing porosity, dendritic structure, Laves phase, grains, texture,
and more. Porosity, a prominent material defect in LPD, has an adverse impact on the mechanical
properties of the material. During the tensile test, these pores within the samples act as crack initiators.
Stress concentration typically leads to the initiation and propagation of micro-cracks along these
vulnerable positions, ultimately accelerating the final failure and compromising the mechanical
properties of the as-fabricated samples. However, controlling the porosity can be achieved through
two approaches: maintaining a small laser power change rate in the GLP deposition and utilizing
a high constant laser power in the CLP deposition. Both methods contribute to reducing porosity,
leading to an improvement in mechanical properties.

From the perspective of enhancing mechanical properties, the GLP deposition method plays
a vital role in obtaining a unique microstructure. With increasing laser power change rates in GLP
samples, finer columnar dendrites with random orientations are attained, and there is generally a
decrease in the content and size of Laves phase. The grain size and aspect ratio initially decrease and
then increase, exhibiting an opposite trend compared to the strength.

The grain size and width of dendritic structures play a crucial role in the strengthening
mechanism. In the as-deposited samples, where there is minimal precipitation of strengthening
phases (y" and y"), the fine microstructure contributes to high Y'S through the Hall-Petch relationship
and the Kurz and Fischer relationship [45]. For GLP samples, an increase in laser power change
rates leads to higher cooling rates, resulting in the formation of finer, disordered columnar dendrites
with smaller PDAS. Due to the size effect associated with grain size and PDAS, the presence of fine
dendrites and small grain boundary distances impedes dislocation movement, thereby enhancing
the mechanical properties. However, contrary to expectations, the tensile test results show that the
strength does not continuously increase with decreasing PDAS. Instead, a minor drop in mechanical
properties occurs. Consequently, the variation in mechanical properties cannot be solely attributed
to the grain size of y-dendrites.

Among the GLP samples, the d-2 sample exhibits the smallest aspect ratio of Laves phases
and the smallest grain aspect ratio (AR), while displaying the highest YS and UTS. This suggests
that the morphology of Laves phases (granular or long-chain shapes) and the morphology of
grains significantly influence the strength. Fine precipitates dispersed in the matrix contribute to
strengthening through two main mechanisms: the shearing mechanism, where dislocations cut over
precipitates, and the Orowan mechanism, where dislocations bypass precipitates [46]. Considering
the incoherent relationship between Laves phases and the y matrix, the Orowan mechanism is
considered the primary mechanism. The strength increment resulting from precipitates (4op) can be
expressed using the following equation [47]:

0.7MGb\[f

! d
where M represents the Taylor factor, G denotes the shear modulus, b represents the Burgers
vector, f indicates the volume fraction of the precipitates, and d represents the mean size of the
precipitates. Based on Eq. (7.6), when the fraction of the strengthening phases increases and their
size decreases, the effect of precipitation strengthening becomes more pronounced. Taking into
account the morphology of the strengthening phases, the Laves phase is simplified to a rod shape.

(7.6)
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The strengthening effect of the Laves phase (407,,(045)) can be determined using the following
calculation [48]:

2 1/3
22R| =
0.85MGb 1 V2 (3AJ

AULaves(mds) 272'(1—\/)1/2 - ) 13 - _\/5 In n (77)
) W6

where v is the Poisson ratio, 7 is the radius of dislocation core (r, = b), 4 is the aspect ratio, and R
1/3

is the rod radius of Laves phases. The shape enhancement factor 2R| = | is introduced in this

equation. It should be noted that the shape enhancement factor increases when the rod diameter
increases and the aspect ratio decreases. The d-2 sample demonstrates a favorable outcome in terms
of shape enhancement factor due to the presence of a moderate amount of fine, discrete Laves phase
particles with the smallest aspect ratio. This favorable condition contributes to the improvement
of YS. Moreover, the grain distribution in the d-2 samples tends to be more uniform and regular,
characterized by a high proportion of equiaxed grains and the lowest AR. This distribution further
aids in achieving greater YS and minimizing tensile anisotropy.

Furthermore, it is important to note that the UTS of a material is greatly influenced by the
level of strain it can withstand before fracture, also known as ductility. The UTS is dependent on
the YS and the strain hardening exponent (n). When the YS remains constant, a higher value of n
corresponds to a higher UTS. In comparison to CLP samples with lower YS and n, GLP samples
exhibit higher UTS. On the other hand, GLP samples with different laser power change rates exhibit
similar values of n. Consequently, the trend of UTS in GLP samples aligns with the trend observed
inYS.

The ductility of a material is primarily influenced by factors such as brittle phases, grain
morphology, and texture. It is widely acknowledged that hard and brittle Laves phases can
significantly degrade the mechanical properties of nickel-based superalloys by inducing stress
concentration and providing preferential sites for crack initiation and propagation. Hu et al. [43]
stated that the ductility of as-deposited superalloys is closely associated with the distribution
characteristics of Laves phases, including their spacing and radius, as well as the strain hardening
exponent. Moreover, Sui et al. [49] emphasized that the presence of coarse and elongated Laves
phases with a continuous distribution has a detrimental effect on the tensile ductility and the value
of n in LPD Inconel 718 alloys. In contrast, the existence of fine and spherical Laves phases
with a dispersed distribution, achieved through controlled solidification conditions, can mitigate
embrittlement and enhance ductility. Therefore, the GLP method, which produces fine, granular, and
evenly distributed Laves phases, positively influences the ductility and plastic deformation behavior
of the material. In terms of strain hardening, the dislocation proliferation during plastic deformation
plays a crucial role. A lower initial dislocation density promotes greater dislocation proliferation,
leading to a higher value of n. The presence of fine grains with low KAM values and a low fraction
of LAGBs in GLP samples indicates a low initial dislocation density and the existence of low-strain
grains with low lattice distortion. Consequently, these characteristics improve the material’s ability
to undergo plastic deformation during subsequent tensile tests, resulting in a larger value of n [50].

Furthermore, GLP samples exhibit a fine-grained microstructure, with an increasing
proportion of equiaxed grains and no discernible texture. In contrast to the coarse columnar grains
that epitaxially grow along the <001> direction in the conventional CLP LPD process, the fine
equiaxed grains generated through GLP methods possess smaller grain boundary curvature. This
characteristic proves advantageous in reducing deformation resistance and extending the stage of
uniform plastic deformation, thereby enhancing coordination deformation ability among grains and
leading to improved ductility.
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Figure 7.18. Tensile properties distribution of as-deposited Inconel 718 by various LPD methods: YS vs. elongation, and
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To illustrate the level of the tensile test values in GLP LPD Inconel 718 in this chapter,
Figure 7.18 presents the YS versus elongation and the UTS versus elongation for as-deposited
Inconel 718 fabricated using both GLP LPD and CLP LPD [6, 35, 51-56] methods. Different colored
data points represent YS, UTS, and elongation values corresponding to different LPD methods for
comparison. It is evident that the ductility of GLP samples exhibits a significant enhancement,
surpassing that reported by other researchers utilizing CLP LPD processing. The YS of GLP samples
is comparable to that of traditional as-deposited samples produced by CLP LPD and falls within the
intermediate range compared to other studies. Thus far, based on the available literature, it appears
that the UTS of GLP samples has nearly exceeded that of conventionally manufactured as-built
samples. The substantial difference between YS and UTS in the GLP process further underscores
the superior strain hardening ability exhibited by GLP samples.

7.6 Summary

Laser powder deposition (LPD) of Inconel 718 superalloy is a promising technique for repairing
aerospace components. A novel method called gradient laser power (GLP) deposition is introduced
to construct Inconel 718 thin-wall structures by gradually reducing laser powers. This method
controls the solidification conditions, alleviates micro-segregation, and modifies the content, size,
and morphology of Laves phases. The chapter provides an overview of manipulating Laves phases
during deposition by controlling solidification conditions and investigates the GLP deposition
method, focusing on different laser power change rates. The study examines macroscopic features,
geometrical characteristics, porosity, microstructure, microhardness, and tensile properties, and
discusses the relationships among processing parameters, microstructure, and mechanical properties.

The GLP samples exhibit low porosity and smooth macroscopic surfaces. The layer-by-layer
reduction of laser powers in GLP samples primarily affects layer width rather than layer height
during LPD deposition. Overall, the GLP deposition method is stable despite fluctuations in layer
heights.

The morphology and distribution of Laves phases depend on the dendritic growth pattern.
Coarse and long-chain Laves phases form with coarse columnar dendrites in conventional CLP
samples, while GLP samples with disorderly growing columnar dendrites and equiaxed dendrites
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result in discrete and fine Laves phases. GLP samples exhibit discrete fine Laves phases, a mixture
of equiaxed and fine columnar grains, and weak texture. The size and content of Laves phases
decrease with higher laser power change rates, while grain size, aspect ratio (AR), and maximum
pole density first decrease and then increase. Excessive reduction in laser power strengthens the
influence of bidirectional scanning, leading to a transformation of Laves phases from granular
shapes to long-chain counterparts.

Compared to samples deposited using the conventional CLP method, GLP samples demonstrate
an excellent combination of strength and ductility. They possess considerable YS, high UTS,
prominent strain hardening exponent, and superior ductility of 40%. The GLP method allows
tailoring of microstructures and improvement of mechanical properties through intentional
manipulation of processing parameters. The influence of Laves phases on mechanical properties is
not only determined by their content and size but also by their morphology. Among the various GLP
samples, the one prepared by reducing laser power from 420 W to 320 W at a rate of 2 W per layer
exhibits the highest strength and excellent ductility. This is attributed to the presence of fine and
granular Laves phases with the lowest aspect ratio and a high fraction of equiaxed grains.

The feasibility of the GLP deposition method is demonstrated in this investigation. It enables
flexible manipulation of local solidification conditions and tailoring of microstructures, thereby
enhancing the mechanical properties of Inconel 718 thin-wall structures. This deposition method,
involving layer-by-layer modification of laser power, may also find applications in additive
manufacturing of other metallic materials. Purposeful design and adjustment of processing parameters
provide the possibility for customized laser additive manufacturing. Overcoming heat accumulation
and achieving dynamic thermal equilibrium using the GLP method with an appropriate laser power
change rate pose significant challenges. Nonlinear and dynamic regulation of laser powers based on
thermal conditions is an interesting topic for further research.
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Chapter 8

Microstructure Characteristics and
Mechanical Properties of Post Heat
Treated Inconel 718 Thin-Wall

8.1 Introduction

In recent years, extensive research has been conducted on laser additive manufacturing (AM)
techniques, which are considered as promising alternatives to or replacements for traditional
manufacturing methods. Laser powder deposition (LPD), as a representative AM technique, offers
several advantages such as high deposition efficiency, remarkable flexibility, precise forming
capabilities, and the ability to repair and remanufacture metallic components with complex
geometries and challenging-to-process materials like Ni-based superalloys [1]. By employing laser
coaxial powder feeding, LPD can restore damaged components with minimal dilution and distortion,
overcoming geometric limitations and reducing energy consumption and manufacturing costs.

Inconel 718, a commonly used Ni-based superalloy, relies on precipitation hardening phases
(y" and y' phases) and solid-solution hardening effects from refractory metal elements (primarily Nb
and Mo) within a nickel-chromium-based y matrix. This superalloy is renowned for its exceptional
mechanical performance, excellent fatigue properties, superb weldability, high structural stability,
exceptional resistance to corrosion and oxidation at elevated temperatures. As a result, it finds
wide applications in industries such as aerospace, petroleum, nuclear energy, and marine sectors,
particularly in demanding high-temperature service conditions [2].

Extensive research has been conducted on the laser additive manufacturing of Inconel 718 alloy
[3, 4]. The as-deposited Inconel 718 superalloys undergo a series of intricate thermal cycles, including
rapid heating, rapid cooling, directional heat extraction, and repeated melting. These thermal cycles
result in a microstructure that is entirely distinct from that of the traditional casting and wrought
processes. The as-deposited structures exhibit typical characteristics such as micro-segregation,
interdendritic Laves phases, restrained strengthening precipitates, and strongly-oriented columnar
structures. The uneven distribution of Nb and the presence of undesirable Laves phases negatively
impact the elemental distribution, which, in turn, hinders the precipitation of y” and y’ strengthening
phases. The hexagonal Laves phase Ni,Fe,Cr) ,(Nb,Ti,Mo)) is widely recognized as detrimental
to the material’s strength, ductility, stress rupture, fatigue, and creep rupture properties. This is due
to its depletion of essential elements required for precipitation strengthening and its facilitation of
crack initiation and propagation. Several researchers have discovered that the mechanical properties
of as-deposited Inconel 718, containing discrete, fine, and granular Laves phase particles, surpass
those of Inconel 718 with coarse, continuous long-chain Laves phases [5, 6].

It is widely recognized that Inconel 718 is an alloy that is mainly strengthened through
precipitation. The Inconel 718 sample in its as-deposited state lacks the strengthening phases of nano
v" and y’. Hence, it is crucial to carry out post-heat treatments to meet the required strength levels.
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Until now, limited research has been conducted to highlight the varying responses of the as-deposited
microstructures to different heat treatments. To investigate the responses of different as-deposited
Inconel 718 microstructures to heat treatments, we have chosen two representative microstructures
based on our previous studies. One microstructure exhibits a coarse columnar morphology with
a <001> texture and interdendritic coarse long-chain Laves phases, which was obtained through
the traditional constant laser power deposition (CLP) method. The other microstructure, fabricated
using the gradient laser power deposition (GLP) method, features a random texture and discrete,
fine Laves phase particles.

The GLP deposition method is an innovative laser powder deposition technique that allows
for the unique formation of as-deposited microstructures. It is essential to explore suitable
post-heat treatments to achieve homogeneous and improved performance of GLP-built Inconel 718
superalloys. This study is motivated by the repair of thin-wall structures at the tips of aviation
turbine blades. We compare the responses of the two different as-deposited microstructures to three
typical types of heat treatments applied to Inconel 718. We conduct a comprehensive investigation
of the microstructural evolution, hardness, tensile properties, and fracture morphologies at both
room temperature and high temperature (650°C). Additionally, a comparison of the mechanical
properties with those of the standard forged Inconel 718 is performed. We thoroughly discuss the
intricate relationship between microstructures and mechanical properties before and after the heat
treatments. The findings of this study are beneficial for the development of effective heat treatment
processes tailored to specific microstructures, aiming to achieve superior performance in additively
manufactured Inconel 718 alloys.

8.2 Recent research on heat treatments for laser additive manufactured
Inconel 718 alloy

The main processing steps for aerospace components manufactured using additive manufacturing
techniques are depicted in Figure 8.1. Post-processing is necessary to meet the geometric and
metallurgical requirements of the final parts. Inconel 718 primarily gains strength from precipitation
hardening phases (y” and y' phases) and the solid-solution hardening effect of refractory
metal elements (mainly Nb and Mo) within a nickel-chromium-based y matrix. To mitigate the
micro-segregation and regulate Laves phases in LPD, two primary approaches are employed. The
first approach involves controlling the solidification conditions during the material deposition
process, while the second approach relies on appropriate post-heat treatments.

It has been reported that increasing the cooling rates can significantly suppress Nb segregation
and Laves phase formation [8—11]. However, the as-deposited Inconel 718 lacks strengthening
phases and exhibits low strength due to the consumption of Nb by numerous Laves phases and
the sluggish precipitation of y” precipitates during the repeated rapid-heating and rapid-cooling
process of laser powder deposition (LPD). Therefore, it is essential to apply proper heat treatment to
achieve the homogenization of elemental distribution, eliminate micro-segregation, regulate Laves
phases, fully precipitate y” and y’ strengthening phases, and relieve residual stress. This is crucial to
ensure that the comprehensive mechanical properties of laser powder-deposited Inconel 718 meet
the required standards, both at room temperature and high temperatures.

Currently, numerous researchers have investigated the effects of various heat treatment
schedules on the microstructural modification and mechanical properties of Inconel 718 fabricated
through laser additive manufacturing. The commonly employed heat treatments by scholars
primarily include homogenization heat treatment, solution heat treatment, and aging heat treatment.

In the study conducted by Zhao et al. [12, 13], they investigated the impact of different
homogenization conditions on the relationship between microstructure and mechanical properties
during subsequent aging processes for Inconel 718 produced using laser powder bed fusion. The
researchers stated that when compared to the typical homogenization process performed at 1065°C,
a higher homogenization temperature of 1180°C effectively eliminated residual stress, reconstructed
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Figure 8.1. Main processing steps of additively manufactured aerospace components [7].

the microstructure, and introduced isotropic tensile properties through recrystallization. This
indicates that higher homogenization temperatures can lead to improved properties in Inconel
718. Similarly, Yuan et al. [13] examined the influence of heat treatment schemes and processing
parameters on the microstructural characteristics and dynamic mechanical properties of Inconel 718
samples fabricated using laser metal deposition. They discovered that a homogenization—solution—
aging treatment significantly reduced the microstructural and mechanical anisotropy. As a result, the
overall properties of the heat-treated Inconel 718 were found to be comparable to those of forged
counterparts.

The study conducted by Li et al. [14] aimed to explore the influence of solution temperature
on the microstructure and hardness of Inconel 718 produced through selective laser melting. Their
findings revealed that as the solution temperature increased, a greater number of short-rod 6 phases
precipitated along the grain boundaries and exhibited a uniform distribution. Concurrently, the
strengthening phases y” and y” were formed. The presence of § phases acted as grain boundary
pins, impeding grain growth and consequently enhancing the hardness of the material. In a similar
vein, Sui et al. [15] delved into the impact of heat treatments on the dissolution behavior of
Laves phases. By subjecting the LPDed Inconel 718 samples to a heat treatment of 1050°C for
15 minutes, followed by double aging, notable enhancements in high-temperature stress rupture
performance were observed when compared to the forged state. This improvement was attributed to
the transformation of long chain-like Laves phases into granular ones, as well as the precipitation of
strengthening phases in the appropriate content and size. Furthermore, Huang et al. [16] conducted
a study examining the effect of different solution temperatures, time durations, and cooling rates
on printed Inconel 718 samples. They conducted a meticulous analysis to establish the relationship
between solution temperature and the minimum solution time, ultimately proposing a method for
selecting appropriate solution treatment parameters. Their investigations confirmed a positive
correlation between the minimum solution time and the dendritic arm spacing. Remarkably, the
printed Inconel 718 samples with relatively fine dendrites exhibited a substantial reduction in the
minimum solution time compared to Inconel 718 ingots.

For the aging heat treatment process, Zhai et al. [17] discovered that a straightforward aging
method is capable of inducing the precipitation of a significant amount of y” and y' strengthening
phases. This leads to an improvement in the mechanical properties of the deposited bulk Inconel
718 sample, which possesses a fine dendrite structure, minimal micro-segregation, and fine
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Laves phases. Nevertheless, it is important to note that direct aging does not alter the original
columnar dendrite structure or dissolve any existing Laves phases. Ozer et al. [18] examined the
impact of post-fabrication aging treatment on the microstructural characteristics and mechanical
properties. Following the aging process, Inconel 718 samples produced through selective laser
melting exhibited a combination of columnar and equiaxed structures, deviating from the original
arc-like structure. Moreover, numerous precipitates of nano-sized y” and y' strengthening phases
were observed. However, it should be noted that MC-type carbides and Laves phases remained
present in the as-deposited sample even after undergoing aging heat treatment. As the aging time
exceeded 16 hours, a slight reduction in hardness was observed. This can be attributed to the
coarsening of the nano-sized y” and y’ strengthening phases caused by overaging, as well as the
precipitation of the d phase at the grain boundaries.

Currently, the primary focus of research on heat treatment paths for Inconel 718 manufactured by
additive manufacturing (AM) is centered on examining its impact on microstructural characteristics,
mechanical properties, and optimizing heat treatment paths. However, it is important to note that
different laser deposition methods can significantly affect solidification conditions and thermal
accumulation effects, resulting in distinct microstructures in the as-deposited state. Moreover, these
microstructures will evolve differently when subjected to the same heat treatment. Sui et al. [19]
conducted a study on the microstructures and stress rupture properties of Inconel 718 superalloy
repaired using pulse laser after direct aging heat treatment and short time aging heat treatment at
900°C. They observed the formation of fine and granular Laves phases through the use of pulse laser,
and noted that their size further decreased after the heat treatments. Under tension, these fine and
discrete Laves phases exhibited high mobility within the y matrix, making it challenging for stress
to concentrate. Consequently, the deformation behavior of Laves phases underwent a significant
change, suggesting that they may serve as strengthening phases rather than detrimental ones. In
another research, Li et al. [20] investigated the effect of solution treatment time on the microstructures
of Inconel 718 manufactured using high-deposition-rate laser directed energy deposition
(HDR-LDED). They observed that the resulting Laves phase particles were more dispersed compared
to those produced by traditional laser directed energy deposition. Additionally, they found that a low
solution heat treatment temperature of 1020°C combined with a short duration of 15—45 minutes
was sufficient to modify the original Laves phase particles and achieve microstructure homogeneity.

Notably, most of the intensive research conducted on evaluating the mechanical properties of
Inconel 718 produced by LPD has focused on ambient temperature conditions. However, there is
a lack of studies on its deformation behavior at high temperatures. While there is some existing
research on the high-temperature mechanical properties of Inconel 718 manufactured using the
laser powder bed method, the investigation specifically on the high-temperature tensile properties
of Inconel 718 printed with the coaxial powder feeding LPD method is relatively insufficient
[21-23]. Furthermore, there are currently limited comparisons available between the
high-temperature performance of Inconel 718 alloy deposited by LPD and traditional processing
methods. Considering that Inconel 718 is widely utilized in high-temperature conditions reaching
approximately 650°C, it becomes crucial to evaluate the high-temperature mechanical properties
of the as-deposited Inconel 718 alloy. This evaluation aims to verify its service performance and
prevent premature failure.

8.3 Heat treatment regimens

In this chapter, we employed two methods, the GLP method and the traditional CLP method, to
deposit samples and obtain different as-deposited microstructures. The GLP method involved
gradually reducing the laser power from 420 W to 320 W uniformly from the 1st layer to the
51st layer (d-2 in Chapter 7). On the other hand, the CLP method utilized a constant laser power of
420 W throughout the deposition process.
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Figure 8.2. Heat treatment regimens for Inconel 718 samples.

To assess the mechanical performance and microstructural responses of the different
as-deposited states under similar heat treatment conditions, we selected three typical heat treatment
paths. Figure 8.2 provides a summary of the detailed steps involved in each path: direct aging DA)
heat treatment, standard solution treatment plus aging (STA), and homogenization plus STA (HSTA).
We designated specific names for the GLP samples in their as-deposited states as well as for those
undergoing direct aging heat treatment, standard solution treatment plus aging, and homogenization
plus STA samples, namely GLP, GLP-DA, GLP-STA, and GLP-HSTA, respectively. Similarly,
the samples from the CLP method were named accordingly. By comparing these various samples,
we aimed to analyze the effects of different deposition methods and heat treatment paths on the
mechanical properties and microstructures.

8.4 Microstructure characterization
8.4.1 As-deposited microstructures

In this study, the EDS technique was utilized to conduct a comparative analysis in a semi-quantitative
manner. EDS mappings (241 um X 181 pm) were performed at 500x magnification on unetched
samples obtained through the CLP and GLP methods. The chemical compositions of the Inconel
718 alloys fabricated using both CLP and GLP methods are presented in Table 8.1. The Inconel
718 samples deposited through CLP and GLP methods demonstrate similar chemical compositions
to that of the Inconel 718 powder. It is evident from the results that the GLP samples have slightly
lower Nb content (4.3 wt%) compared to the CLP samples (4.7 wt% .

Table 8.1. Chemical compositions of Inconel 718 alloys fabricated by CLP and GLP methods (wt%).

Elements Cr Fe Nb | Mo Al Ti Mn Ni
CLP sample 19.4 18.8 4.7 2.9 0.5 1.0 0.1 52.6
GLP sample 19.6 199 | 43 2.8 0.4 1.0 0.1 51.9
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Figure 8.3. Optical micrographs of Inconel 718 thin-walls with different dendritic morphologies: (a, b) CLP sample, and
(c, d) GLP sample. <1

Figure 8.3 illustrates the typical dendritic structures observed in as-deposited Inconel 718
samples fabricated using the CLP and GLP methods. In the case of the CLP samples, characterized
by a high constant laser power, the predominant dendrites are coarse columnar structures that
grow epitaxially and traverse multiple layers along the building direction. This occurrence can be
attributed to the significant heat accumulation and reduced cooling rates during the process (depicted
in Figure 8.3(a) and (b)). Conversely, the GLP samples exhibit a prevalence of fine columnar
dendrites with a random distribution (shown in Figure 8.3(c) and (d)). The GLP approach involves
gradually decreasing the laser power layer-by-layer during deposition, which enhances the stirring
effect within the molten pool. As a result, the Marangoni heat flow is intensified, facilitating multi-
directional heat dissipation and breaking up the dendritic structures. The remelting of the broken
dendrites increases the number of heterogeneous nucleation sites, effectively impeding the epitaxial
growth of grains.

Figure 8.4 illustrates the typical microstructures observed in as-deposited Inconel 718 thin-walls
obtained using two different deposition methods. The presence of micro-segregation of Nb, Mo, and
Ti elements leads to the formation of brittle Laves phases in the interdendritic regions. In the CLP
samples, long-chain Laves phases exhibiting strong directional selectivity are observed in regions
rich in these elements and located between the interdendrites see Figure 8.4(a—c)). On the other
hand, for GLP samples, discrete, fine, and granular Laves phases are randomly distributed among
the dendrites (Figure 8.4(d—f)). The presence of these fine and disordered dendrites in GLP samples
effectively separates the remaining liquid zone in the final stages of solidification into isolated
Nb-rich regions, thus limiting the formation and growth space for Laves phases. Consequently, this
promotes the formation of Laves phase particles that are evenly dispersed and fine, characterized
by low content and small size. Additionally, a few MX ((Nb,Ti)(C,N)) particles are formed due to
the micro-segregation of refractory elements with high concentrations and are dispersed within the
v matrix. EDS analysis has been performed on these precipitates, and the results are presented in
Figure 8.4(g). Furthermore, no nanoscale strengthening phases such as y" and y' are observed in the
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Figure 8.4. Microstructures of as-deposited Inconel 718 thin-walls: (a) SEM micrograph of CLP sample, (b, ¢) SEM
micrographs in BSE mode of CLP sample, (d) SEM micrograph of GLP sample, (e, f) SEM micrographs in BSE mode of
GLP sample, and (g) EDS analysis results. ]

as-deposited samples. The steep temperature gradient and rapid solidification rate associated with
the LPD process effectively inhibit the sluggish precipitation of y"” and y’ phases.

Figure 8.5(a) illustrates the FIB lamella obtained by cutting from the center of the as-deposited
GLP sample along the building direction. The presence of Laves phase (Figure 8.5(b) and (c)) and
MX-type precipitates (Figure 8.5(d) and (e)) in the lamella is confirmed through TEM analysis based
on bright field images and corresponding selective area electron diffraction (SAED) patterns. It is
evident that the Laves phases exhibit an irregular shape and possess a hard and brittle topologically
close-packed structure. Moreover, the Laves phase crystal structure is hexagonal (P36/mmc), with
lattice parameters of a = 0.494 nm and ¢ = 0.787 nm. On the other hand, the refractory MX particles
predominantly appear as block-shaped and exhibit relatively small sizes, measuring less than a
micron in diameter. The MX particles belong to the cubic crystal structure (Fm-3m), characterized
by a lattice parameter of a = 0.447 nm. The calculated lattice parameters align well with the findings
reported in previous studies [24, 25].
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Figure 8.5. TEM analysis showing Laves phase and MX particle in as-deposited GLP sample: (a) the TEM slice after FIB
processing, (b) bright field image of Laves phase, (c) corresponding SAED pattern of Laves phase shown in (b), (d) bright
field image of MX particle, and (e) corresponding SAED pattern of MX particle shown in (d). &1

8.4.2 Heat-treated microstructures

Figure 8.6 illustrates the microstructure of etched Inconel 718 thin-wall samples in different
heat-treated states. The microstructures of CLP and GLP samples after DA are similar to those in
the as-deposited states. These microstructures are primarily characterized by the presence of coarse
long-chain Laves phases in CLP samples and fine discrete granular Laves phases in GLP samples
(Figure 8.6(a—d)). Notably, prior to the eutectic reaction during the final stage of solidification,
MX carbonitrides, enriched with Nb and Ti, are formed. These particles, which exhibit a
spherical or blocky shape and are embedded within the Laves phases, can act as nucleation sites
(Figure 8.6(b)). Within the interdendritic region, y"* Ni;Nb with a disc morphology) and y’ Ni,;(AlTi)
with a spherical morphology) tend to cluster around the Laves phases, while their precipitation
within the dendritic core is limited due to the non-uniform distribution of Nb.

The microstructures of the samples after STA heat treatment predominantly consist of composite
phase particles, namely the Laves phase and the § phase, as illustrated in Figure 8.6(e) and (g). In the
case of the CLP sample, it exhibits a coarse long-chain structure composed of “Laves + 8” phase,
whereas the GLP sample consists of a fine discrete arrangement of “Laves + 6” phase. Upon heat
treatment, the Laves phase undergoes partial decomposition, leading to the release of Nb atoms
that can diffuse into the surrounding regions. This phenomenon enhances the local driving force
for the precipitation of the & phase and promotes its formation near the Laves phase, particularly
in areas rich in Nb, during the solution treatment at 980°C. The resulting 6 phases exhibit acicular
morphologies when observed in a 2D cross-section, consistent with the platelet-like structures
reported in the literature [26]. Furthermore, during the solution heat treatment, Nb atoms can diffuse
from the interdendritic region towards the dendritic core driven by the concentration difference.
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Figure 8.6. Microstructures of Inconel 718 samples following different heat treations: (a, b) CLP-DA, (c, d) GLP-DA,
(e, f) CLP-STA, (g, h), GLP-STA, (i, j) CLP-HSTA, (k, I) GLP-HSTA. 1

Figure 8.6(f) and (h) depict the uniform distribution of y" and y’ phases around the “Laves + 6”
phases, and these phases are also precipitated within the dendritic cores after subsequent aging.

Figure 8.6(i) and (k) depict the distribution of precipitates in the samples subjected to HSTA
treatment. The Laves phases present in the HSTA-treated samples are primarily granular and
sparsely distributed within the y matrix. In the case of the conventional CLP deposition method,
the long-chain Laves phase gradually dissolves during the homogenization process. Specifically,
the Laves phases preferentially dissolve and form narrow connections in areas with sharp corners
and grooves, where the radius of curvature is small and the solubility is high [27]. The initially
sharp and uneven corners and grooves of the long-chain Laves phases gradually become smoother
over time. Eventually, the Laves phases break apart and transform into granular shapes from their
original long-chain structure. In contrast, the Laves phase in the as-deposited state of the GLP
sample exists as discrete and fine particles, and its size becomes smaller than that of the CLP sample
after undergoing HSTA heat treatment.

Figure 8.6(j) and (1) illustrate the formation of intermittent short rods and acicular § phases along
grain boundaries or at triple junctions. These locations commonly exhibit high free energies, making
them favorable sites for the nucleation and growth of 6 phases when the elemental compositions
permit. Due to the homogenization of Nb, the y"” and y' phases are more uniformly distributed
within the y matrix. Notably, the MX particles are observed both within the grains and at the grain
boundaries in all heat-treated states. These carbides and nitrides, present in small quantities, are
relatively stable phases with high melting points and can still be retained even after undergoing
high-temperature homogenization.

The occurrence of micro-segregation of refractory elements and the development of Laves
phases are frequently observed in as-deposited samples of Inconel 718 during the non-equilibrium
rapid solidification process in LPD process. Among the various segregated elements in Inconel 718,
Nb stands out as one of the most prominently segregated elements, and its micro-segregation can
significantly influence the resulting microstructure. To quantify the extent of micro-segregation, the
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segregation rate (SR) is utilized. The segregation rate of Nb can be determined using the equation
provided below [28]:

SR Cu 8.1)

dc

where C;, represents the Nb element content in the interdendritic region, and C,, is the Nb element
content in the dendritic core. When SR < 1, the solute element tends to segregate into the dendritic
core. Conversely, when SR > 1, the solute element exhibits a tendency to segregate towards the
interdendritic regions.

Figure 8.7 presents the SR of Nb for different samples. The SR values are all greater than 1,
indicating that Nb has a significant inclination to segregate towards the interdendritic regions. In
comparison to the SR value of 5.66 for the CLP samples, the as-deposited GLP sample demonstrates
a lower SR value of 4.23. The SR of the GLP sample is greatly reduced after undergoing STA heat
treatment, whereas the HSTA heat treatment exhibits a strong reduction effect on the SR of the CLP
sample. As the heat treatments progress from DA to STA and finally to HSTA, both deposition
methods show a decreasing trend in SR values. Following the HSTA heat treatments SR values of
the GLP (3.13) and CLP (3.12) samples are comparable.

It is widely acknowledged that severe micro-segregation leads to an uneven distribution of
refractory elements and promotes the formation of harmful Laves phases. Therefore, reducing
micro-segregation is a crucial aspect of optimizing the microstructure and enhancing the mechanical
properties of as-deposited Inconel 718. The reduction in micro-segregation degree can be attributed
to two main factors. In the as-deposited condition, it is influenced by the cooling rate and dendritic
growth mode during the LPD process. In the case of heat-treated samples, it is associated with
elemental diffusion and redistribution.

As mentioned earlier, the measured SR indicate that the GLP sample exhibits lower Nb
segregation between the dendritic core and the interdendritic region compared to the CLP sample
in the as-deposited condition. Our previous study has confirmed that the GLP deposition method
achieves higher cooling rates and facilitates the formation of finer disordered dendrites by reducing
the laser power layer by layer, as opposed to the conventional CLP LPD process that utilizes a
constant laser power [29]. During the non-equilibrium solidification in the LPD process, the Nb
element, having a negative distribution coefficient, is continuously rejected from the solid phase to
the liquid phase. Consequently, Nb accumulates at the forefront of the solid-liquid interface, leading
to the occurrence of coring effect within the y matrix dendrites and an increase in Nb content from
the dendritic core to the interdendritic region [30].
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Figure 8.7. Segregation ratio of Nb in Inconel 718 samples without and with heat treatments. <]
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It has been confirmed that there is an inverse relationship between the cooling rate and
segregation ratio [31]. A higher cooling rate has the ability to reduce the solidification time of the
mushy zone. Due to this rapid cooling, the Nb element has limited time for elemental redistribution
and remains trapped in the y matrix. Consequently, the solubility of Nb increases, suppressing
micro-segregation and resulting in the formation of relatively fine and discrete Laves phase particles
in interdendritic regions. These characteristics define the microstructure of as-deposited GLP
samples.

Additionally, the dendritic growth mode significantly influences the segregation pattern
observed in as-deposited samples. The CLP deposition method, characterized by a low cooling rate,
produces coarse columnar dendrites. Conversely, the GLP process, which employs a high cooling
rate, promotes the formation of refined columnar dendrites with disordered growth directions. This
means that the solute elements have a shorter distance to travel through the dendritic core in order
to compensate for the composition gradient, leading to a reduction in the SR.

During the rapid solidification process of LPD, certain refractory elements, such as Nb, Mo,
and Ti, which have relatively larger atomic radii, tend to segregate within the interdendritic regions
of the y matrix. Subsequently, during post-heat treatments, these segregated elements diffuse to
different extents in order to reduce the overall free energy of the system [32]. The diffusion and
redistribution of these segregated elements are primarily influenced by various factors including the
temperature and duration of the heat treatment, the size of the dendrites in the as-deposited samples,
and the initial segregation ratio in the as-deposited state.

The diffusion coefficient D,;) is dependent on temperature and can be mathematically
described using the Arrhenius relation [16]:

Dy, = D, exp(—%} (8.2)

where D, represents the diffusion coefficient, O denotes the activation energy for diffusion,
R stands for the gas constant (8.31 J/(mol-K)) and T represents the absolute temperature. In the
low concentration range of Nb, the interdiffusion coefficient of Nb remains essentially constant
and independent of Nb concentration [33, 34]. The interdiffusion coefficients of Nb at different
temperatures exhibit a strong Arrhenius behavior. Karunaratne et al. [35] conducted a study on
Ni-Nb systems in the Ni-fcc phase and reported the diffusion coefficient and activation energy
for Nb interdiffusion as 8.8 x 10° m?s and 257.0 kJ/mol, respectively. By applying Eq. (8.2)
for calculation, the interdiffusion coefficients of Nb in Ni at 1100°C, 980°C, 720°C, and 620°C
are determined as 1.46 x 107 m?%s, 1.68 x 1075 m?/s, 2.63 x 107" m?/s, and 8.06 x 1072 m?/s,
respectively. The diffusion coefficient of Nb significantly increases with higher heat treatment
temperatures. During the HSTA heat treatment process, the elevated homogenization temperature
leads to increased atomic kinetic energy. Consequently, more atoms can surpass the energy barrier
and diffuse rapidly due to energy fluctuations [36]. Moreover, the concentration of vacancies also
rises at elevated temperatures, promoting the diffusion of segregated components. These factors
contribute to diffusion-induced grain boundary migration, resulting in smoother grain boundaries
and significant grain growth, as clearly depicted in Figure 8.9 g) and (h).

The diffusion occurring between the dendritic core and the interdendritic region is a non-steady-
state process that depends on the dendrite arm spacing, which is associated with the characteristic
diffusion distance. When considering only solute atom diffusion, the required time (¢) to reach 1%
of the initial compositional segregation amplitude can be described as [37]:

2
0.4674/2)

(8.3)

Nb

where 4 represents the primary dendrite arm spacing (PDAS). The average PDAS of the as-deposited
CLP and GLP samples are 11.03 pm and 8.37 pm based on measurements by Image-Pro-Plus


mailto:��@��

Microstructure Characteristics and Mechanical Properties of Post Heat Treated Inconel 718 Thin-Wall 183

software, respectively. To simplify the calculation, the interdiffusion coefficients of Nb in Nb—Ni
alloy at different temperatures are applied to Eq. (8.3).

The theoretically calculated time required for the uniform diffusion of Nb within the y matrix
at different heat treatment temperatures for the CLP and GLP samples is presented in Table 8.2.
The calculations reveal that the time needed for the uniform diffusion of Nb in the fine dendrites
of the GLP samples is shorter compared to the coarse CLP samples at the same heat treatment
temperature. Specifically, the CLP and GLP samples achieve uniform element distribution in
approximately 16.26 minutes and 9.36 minutes, respectively, when subjected to a heat treatment
temperature of 1100°C. However, microstructural analysis indicates the presence of residual Laves
phases in both the CLP and GLP samples after undergoing HSTA heat treatment for 1.5 hours at
1100°C. The time required to achieve complete element homogeneity is significantly higher than
the theoretically calculated value. This suggests that the redistribution of segregated elements is
not solely governed by element diffusion but also influenced by the interface reaction-controlled
mechanism during the dissolution of Laves phases. Furthermore, the interdiffusion coefficients
used in the calculations were obtained by fitting and extrapolating experimental data within the
temperature range of 900—1300°C (as mentioned in Ref. [35]). As a result, there is relatively large
deviation in the interdiffusion coefficients of Nb at lower aging temperatures. Consequently, the
calculated time required for the uniform diffusion of Nb within the y matrix during aging heat
treatment exhibits relatively large values. At lower aging temperatures such as 720°C and 620°C,
aging has minimal impact on achieving element homogeneity. In such cases, the primary purpose of
aging is to precipitate abundant y** and y’ phases for strengthening the material.

During STA and HSTA heat treatments, the disappearance of Nb-rich segregated regions and
the reduction in volume percentage of the Laves phase are observed. The vanishing of Nb-rich
regions can be attributed to the diffusion of segregated elements and a decrease in concentration
gradient between the dendritic core and interdendritic region. And the back-diffusion of the atoms
from the Laves phases into the y matrix is responsible for the Laves phase reduction [38].

Additionally, the dissolution of Laves phases is influenced by factors such as temperature,
time of heat treatments, degree of micro-segregation, content, size, morphology, and distribution of
Laves phases. The dissolution of Laves phases during heat treatment can be categorized into three
processes: (1) decomposition of the Laves phase, (2) short-range diffusion of solute atoms across
the Laves/y interface towards the y matrix, and (3) long-range diffusion of solute atoms within the y
matrix [39]. The slowest among these processes determines the rate of Laves phase dissolution. The
first two processes occur rapidly and are controlled by interface reactions, while the last process is
governed by the long-range diffusion of solute atoms.

According to the research of Zhao et al. [40], the dissolution of Laves phase can be described
by the following equation:

= Aexp(-0.0367) (8.4)

where 1 represents the complete elimination time of Laves phase, 4 is a coefficient associated with
the degree of micro-segregation and T denotes the temperature in degree Celsius. A reflects the
element diffusion ability. The as-deposited GLP samples exhibit a low segregation rate, resulting in
a smaller value of 4. Consequently, at the same heat treatment temperature, the dissolution time for
the Laves phase is shorter compared to the CLP sample.

Table 8.2. Theoretically calculated required time ¢) for the uniform diffusion of Nb in the y matrix at different heat treatment
temperatures for the CLP and GLP samples.

1100°C 980°C 720°C 620°C
CLP sample 16.26 min 2.34h 1498.00 h 48942.88 h
GLP sample 9.36 min 1.35h 862.60 h 28183.14 h
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Moreover, the content, size, morphology, and distribution of the Laves phases play crucial
roles in their dissolution. It has been discovered that the dissolution rate of Laves phase particles is
inversely proportional to their curvature radii [37]. Regions with smaller curvature radii dissolve
preferentially due to the higher concentration at the interface. Therefore, during STA and HSTA
heat treatments, the coarse, elongated Laves phases in the CLP samples gradually transform into
granular ones, while the discrete and granular Laves phases in the GLP samples decrease in size.
Additionally, studies have reported that smaller-sized Laves phases and a smaller PDAS in the
as-deposited microstructure contribute to accelerating the dissolution of Laves phases [41].

Numerous scholars have conducted extensive research on the dissolution mechanism
of the Laves phase in as-deposited Inconel 718 during the heat treatment process. Sui et al. [5]
employed both the Johnson-Mehl-Avrami-Kolmogorov model and the Singh-Flemings model to
investigate the kinetics of Laves phase dissolution. Initially, the dissolution of the Laves phase is
influenced by the long-range diffusion of Nb as well as the interfacial reaction. However, as the
degree of Nb micro-segregation decreases, the dominant mechanism shifts towards the interfacial
reaction. In a study by Zhang et al. [37], it was highlighted that element diffusion does not play a
significant role in the dissolution of the Laves phase in L-DED-built Inconel 718. They employed a
three-dimensional diffusion-controlled model (Jander equation) and a phase boundary
reaction-controlled model to explore the primary mechanism and key factors controlling the
dissolution of the Laves phase in the as-built Inconel 718 samples, respectively. The findings
revealed that during the ecarly stages of homogenization, Laves phase dissolution is primarily
controlled by three-dimensional diffusion. However, with increasing holding time and further
dissolution of the Laves phase, the chemical potential gradient at the interface and the concentration
difference between the Laves phase and y matrix gradually diminish. Consequently, the rate of
interface reaction slows down, and the interface reaction process gradually becomes the dominant
mechanism in the dissolution of the Laves phase.

8.4.3 Phase analysis by XRD

Figure 8.8 illustrates the XRD diffraction patterns of as-deposited samples and samples treated
with various heat treatments using the CLP and GLP deposition methods. In all XRD patterns,
clear diffraction peaks corresponding to the Ni-Fe-Cr rich y matrix with a face-centered cubic (fcc)
structure, including the primary (111), (200), (220), and (311) peaks, are observed. Additionally,
the presence of Laves phase peaks can be detected in both the as-deposited CLP and GLP samples.
Interestingly, for the CLP samples, the Laves phase peaks are only absent after undergoing the
HSTA heat treatment. But it is challenging to identify the Laves phase in the GLP samples after
undergoing STA or HSTA heat treatments. Following the HSTA heat treatment, the XRD patterns of
both CLP and GLP samples exhibit a random crystallographic orientation similar to that of Inconel
718 powders.

From Figure 8.8, it is evident that the peaks of the DA samples shift towards higher 20
values compared to the as-deposited samples. According to Bragg’s diffraction law, this increase
in the 20 values suggests a decrease in interplanar spacings. This phenomenon is believed to be
associated with elemental micro-segregation or the formation of precipitates, which can reduce
the solid solubility in the y matrix [42]. During the DA process, the elements Nb, Al, and Ti are
depleted in the y matrix, and precipitates of y”” and y’ form in the interdendritic regions enriched with
elements. This leads to an increase in the 20 values. For STA and HSTA heat treatments, during the
high-temperature solid solution and homogenization processes, micro-segregation decreases, and
solid solubility increases, resulting in a decrease in the 28 values. However, after subsequent DA,
the precipitation of y”” and y’ phases and the formation of MX carbides cause an enlargement in the
20 values. As a result of these combined effects, the 26 values remain nearly unchanged.
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Figure 8.8. XRD patterns of as-deposited and variously heat-treated Inconel 718 samples: (a) for CLP deposition method,
and (b) for GLP deposition method. <]

Furthermore, distinguishing the overlapping patterns of vy’ and y”” phases from the y matrix is
highly challenging. This difficulty arises because y’ and y”” phases are respectively coherent and
semi-coherent with the y matrix, and they have only slight differences in their lattice parameters
[43]. However, no 6 phase or MX particles are detected in the XRD patterns, likely due to their low
volume fractions, which are less than 3%.

8.4.4 Evolution of crystallographic texture and grain size

EBSD inverse pole figures of the y matrix in the central region of as-deposited Inconel 718 samples,
subjected to various heat-treated conditions, are depicted in Figure 8.9. The corresponding results
for mean grain size (equivalent circle diameter) and grain aspect ratio can be found in Table 8.3.
Figure 8.9(a) reveals that the CLP samples, deposited using constant laser powers, exhibit coarse
and elongated columnar grains that epitaxially grow along the building direction (<001> texture).
These grains have an average equivalent circle diameter of 67.0 um and an aspect ratio reaching
2.8, owing to the intense heat accumulation. On the other hand, the GLP samples, as shown in
Figure 8.9(b), exhibit a weak texture and consist of a mixture of equiaxed and fine columnar grains,
characterized by a smaller grain size of 46.5 um and a reduced aspect ratio of 2.2. Furthermore,
Figure 8.9(c) and (d) demonstrate that the grain size and morphology exhibit minimal changes
following the DA heat treatment.

Upon undergoing STA heat treatment, the CLP samples experience a reduction in the size
of coarse columnar grains, accompanied by an increase in the fraction of fine equiaxed grains
(Figure 8.9(e)). This suggests the occurrence of partial recrystallization. Conversely, the grains in
the GLP samples exhibit growth after STA heat treatment, while a considerable number of fine
equiaxed and columnar grains are still retained, as depicted in Figure 8.9(f). Moreover, Figure 8.9(g)
and (h) reveal that more effective recrystallization and grain growth occur following HSTA heat
treatment. The grain boundaries migrate at a higher velocity and become smoother at the elevated
homogenization temperature. Compared to the CLP samples, the GLP samples exhibit noticeable
grain coarsening, resulting in a final grain size larger than 84.9 um.
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Figure 8.9. Inverse pole figures of Inconel 718 thin-wall samples: (a) CLP, (b) GLP, (c) CLP-DA, (d) GLP-DA, (e) CLP-
STA, (), GLP-STA, (g) CLP-HSTA, and (h) GLP-HSTA. 1

Table 8.3. Mean grain size and grain aspect ratio results of Inconel 718 samples under various heat treatment conditions. <

CLP | DA-CLP | STA-CLP | HSTA-CLP | GLP | DA-GLP | STA-GLP | HSTA-GLP

Equivalent circle | 67.0 62.1 55.2 66.3 46.5 423 55 84.9
diameter (pm)
Fitted ellipse 2.8 23 22 2.3 22 2.0 22 23

aspect ratio
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8.5 Microhardness

Figure 8.10 illustrates the average microhardness values obtained from as-deposited Inconel 718
samples subjected to various post-heat treatments. It can be observed that both the GLP samples
before and after heat treatments exhibit higher hardness compared to the CLP samples. The
as-deposited samples display the lowest microhardness due to the absence of strengthening
precipitates. The as-deposited GLP samples experience rapid cooling rates during the LPD process,
resulting in increased solubility of alloying elements, particularly Nb, within the interdendritic
region of the y phase. This phenomenon contributes to the formation of fine dendrites and discrete
Laves phases, which in turn enhance the overall hardness of the material.

After undergoing heat treatment, the hardness of the material significantly increases due to
the formation of y”* and y’ phases through precipitation hardening. The hardness values of the
heat-treated samples exceed the minimum requirements for the wrought Inconel 718 samples, which
is approximately 355-385 HV [4].

The GLP sample itself exhibits high hardness (417.5 HV) after direct aging alone, as it has
less micro-segregation. Following STA heat treatment for the GLP samples, the partially dissolved
Laves phases and improved element distribution contribute to the availability of more free Nb.
This facilitates the formation of strengthening phases, leading to a comparable hardness achieved
after HSTA heat treatment. On the other hand, the as-deposited CLP samples contain more
long-chain Laves phases and experience microstructural coarsening. Consequently, there are fewer
strengthening phases, which are not uniformly distributed, resulting in a lower hardness after DA
alone. Although the hardness increases after STA heat treatment, there are still residual Laves phases
and precipitated & phases, which slightly impair the hardness. Despite the grain size increase observed
after HSTA heat treatment, there is a significant reduction in micro-segregation, and the element
distribution becomes more uniform. A larger quantity of y”” and y’ precipitates uniformly form,
utilizing the released Nb solute from the dissolution of Laves phases. This leads to the CLP samples
achieving its maximum hardness (443.3 HV). Additionally, the presence of carbides distributed
along the grain boundaries contributes to the strengthening effect by impeding the migration of grain
boundaries [44].

Figure 8.10. Average microhardness in Inconel 718 samples for various heat-treated conditions. ]
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8.6 Tensile properties
8.6.1 Room-temperature results

Figure 8.11 illustrates the standard room-temperature tensile test curves of the samples and provides
statistical data on yield strength (Y'S), ultimate strength UTS), and elongation. The room temperature
tensile properties of standard Inconel 718 forgings from the AMS5662 standard are represented
by the gray dotted line: YS = 1034 MPa, UTS = 1276 MPa, and elongation = 12%. Notably, the
as-deposited GLP samples exhibit superior ductility, with an elongation of up to 37.41%, compared
to the as-deposited CLP samples.

Upon undergoing post-heat treatment, all samples experience a significant increase in strength,
accompanied by a reduction in elongation. The GLP and CLP samples exhibit overall increasing
trends in Y'S, UTS, and elongation as the heat treatment progresses from DA to STA and finally
to HSTA. Importantly, the strength of the GLP samples after heat treatment surpasses that of the
Inconel 718 forged samples and outperforms the CLP samples subjected to the same heat treatments.
Among all the heat treatments, the GLP samples treated with HSTA demonstrate the highest YS
(1297.9 MPa) and tensile strength (1442.5 MPa). Comparing the elongation values, the GLP samples
exhibit a larger elongation after DA (7.16%) compared to the CLP samples (4.82%). However, the
elongations of the samples after STA and HSTA heat treatments are comparable between the two
deposition methods. It is worth noting that only the samples subjected to HSTA heat treatment,
regardless of the deposition method, achieve the elongation observed in the wrought Inconel 718
alloy.
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Figure 8.11. Results of tensile tests at room temperature: (a) representative tensile stress-strain curves, (b) YS, (¢) UTS, and
(d) elongation. 1
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Table 8.4. Comparison of mechanical properties of Inconel 718 deposited by LPD under various heat treatment conditions. I

Heat treatment | YS (MPa) | UTS (MPa) | Elongation (%) Reference
DA 1132.8 1353.1 7.16 GLP in current work
977 1182 7.7 [45]
1084 1333 8.4 [46]
1035 1294 10.5 [47]
STA 1196.2 1430.3 10.04 GLP in current work
1013 1192 16 [20]
1007 1221 16 [46]
1060 1290 15.4 [47]
HSTA 1297.9 1442.5 12.37 GLP in current work
949 1194 19.9 [46]
1127 1303 16 [48]
1133 1240 11 [49]
1170 1360 18 [49]

According to the findings presented in Table 8.4, we have conducted a comprehensive analysis
of the mechanical properties of GLP samples and Inconel 718 samples produced via LPD, as
documented in various literature sources. These analyses were performed under different heat
treatment conditions. Remarkably, when compared to the data reported in the literature, the GLP
samples demonstrated exceptional strength across all three heat treatments, with the GLP samples
subjected to HSTA heat treatment exhibiting the most notable improvements. Specifically, the
GLP-STA sample and the GLP-HSTA sample displayed increases in YS of over 160 MPa and
200 MPa, respectively, compared to the reported results. Additionally, the UTS of the GLP-STA
sample and the GLP-HSTA sample increased by more than 190 MPa and 160 MPa, respectively. In
terms of elongation, the GLP-DA samples exhibited results similar to those reported in the literature.
However, both the GLP-STA sample and the GLP-HSTA sample displayed slightly lower elongation
values compared to the literature. This can be attributed to the fact that increased strength tends
to diminish ductility to some extent. Nonetheless, considering the balance between strength and
ductility, the GLP-HSTA sample still showcased outstanding mechanical properties.

As widely acknowledged, multiple factors influence the tensile mechanical properties of
Inconel 718 samples produced through LPD. These factors include micro-segregation, precipitates,
grain size, crystal orientation, and more. Inconel 718 is an alloy strengthened through precipitation.
The formation of the strengthening phase serves as the foundation for precipitation hardening,
significantly impacting its strength. The coherent ¥’ phase acts as an auxiliary strengthening phase,
providing ordering strengthening and creating barriers to impede dislocation movement. And the
semi-coherent y"’ phase, serving as the primary strengthening phase, exhibits enhanced strengthening
effects due to its relatively large lattice misfit with the y matrix and higher anti-phase boundary
energy resulting from both ordering and coherency strengthening mechanisms [50].

The microstructure and distribution of Nb in the initial as-deposited states play a significant
role in the precipitation of strengthening phases during subsequent heat treatment. It is evident
that the as-deposited samples exhibit low strength, primarily due to the presence of a soft y matrix
and inadequate precipitation of y" and y’ phases. In regions within the grains where there are fewer
obstacles, dislocations can easily move and propagate, making it challenging to form dislocation
pile-ups and stress concentrations during plastic deformation. In terms of room temperature tensile
properties (refer to Figure 8.11), the YS and UTS of samples produced using the GLP technique
consistently outperform those produced using the CLP technique after undergoing the same heat
treatment. This is attributed to the fact that the as-deposited GLP samples possess finer dendritic
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structures, reduced micro-segregation, and finer granular Laves phases compared to the CLP
samples. Following the same heat treatment, the GLP samples exhibit smaller, less brittle, and
hard precipitated phases. Moreover, they showcase a more homogeneous distribution of elemental
constituents and a more uniform precipitation of y"" and y' phases, ultimately leading to higher
strength.

It has also been noticed that the ductility of samples undergoes significant degradation following
heat treatments. This degradation can be attributed to several factors. Firstly, the increasing presence
of y"" and y’ precipitates negatively affects ductility due to precipitation hardening. Secondly, the
decline in elongation can be attributed to the formation of incoherent & phase within the grain
interior and grain boundaries, which is detrimental to ductility. As the heat treatment progresses
from DA, to STA, and finally to HSTA, the differences in elongation between CLP and GLP samples
gradually diminish, and the superior ductility of the GLP samples gradually diminishes as well.
This observation is supported by several scholars, who have found that coarse and continuous
long-chain Laves phases have a more adverse impact on ductility compared to fine and discrete ones.
These long-chain Laves phases create preferred sites and paths for crack initiation and propagation
[5, 51]. For CLP samples, the micro-segregation and uneven distribution of y" and y’ strengthening
phases gradually decrease after heat treatment, along with a reduction in the size and content of the
long-chain Laves phases. Similarly, the positive effect of the fine and discrete Laves phases with
dispersed distribution found in the GLP samples on ductility gradually diminishes.

8.6.2 High-temperature results

Figure 8.12 illustrates the high-temperature tensile characteristics (650°C) of various types of
Inconel 718 samples. The gray dotted line represents the tensile properties at 650°C of standard
Inconel 718 forgings according to the AMS5662 standard: YS = 862 MPa, UTS = 1000 MPa, and
elongation = 12%. As depicted in Figure 8.12, the high-temperature tensile strengths of both CLP and
GLP samples show significant degradation compared to the results obtained at room temperature.
This phenomenon can be explained by the thermally assisted movement of dislocations and the
increased mean free path of atoms at elevated temperatures, which weakens the bonding strength
[52]. Although the as-deposited samples exhibit lower strengths at high temperatures, the GLP
sample maintains good elongation.

In the typical tensile stress-strain curves (Figure 8.12(a)), there is noticeable serrated flow
during the yield stages for the as-deposited samples, which may be attributed to dynamic strain aging
(DSA) or twin deformation in Ni-based alloys [53]. The distinctive behavior known as serrated yield
is characterized by periodic drops in flow stress below the overall stress-strain curve, resulting from
dislocation unlocking at high temperatures. The occurrence of this behavior is primarily attributed
to DSA, which is influenced by the diffusion energy and solute-dislocation binding energy [22].
The concentration of substitutional elements in the y matrix affects the serrated behavior. In the
as-deposited samples, several substitutional elements, such as Mo and Nb, are dissolved in the
v matrix, while there is minimal precipitation of strengthening phases like v’ and y'. Among the
substitutional atoms, Nb and Mo are considered to be the most effective in the DSA mechanism
due to their significant contribution to the expansion of the Ni lattice size, leading to an increased
binding energy between solute atoms and dislocations.

The heat-treated samples generally outperform the conventional standard Inconel 718 forgings
in terms of strength under high-temperature tensile tests, particularly the samples subjected to STA
and HSTA heat treatments. For both deposition methods, the YS and UTS are comparable in their
as-deposited Inconel 718 samples and the same heat-treated Inconel 718 samples, respectively.
The high-temperature tensile ductilities of the as-deposited and DA samples produced using CLP
and GLP methods remain similar trends to their counterparts at room temperature. After DA, the
GLP samples exhibit greater elongation at elevated temperatures compared to room temperature.
It is worth noting that the high-temperature ductility of samples subjected to STA heat treatment is
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Figure 8.12. Results of tensile tests at high temperatures 650°C): (a) typical tensile stress-strain curves, b) YS, (c) UTS,
and (d) elongation. ¢

superior. The CLP samples after the STA heat treatment, demonstrate a higher elongation (16.72%)
than the GLP samples (13.29%), which surpasses the results of wrought Inconel 718 samples.

8.7 Fracture morphologies
8.7.1 Room-temperature results

To investigate the relationship between tensile characteristics and microstructures, the fracture
morphologies were analyzed using a scanning electron microscope. Figure 8.13 presents the
representative fracture surface morphologies of thin-wall Inconel 718 samples subjected to
room-temperature tensile tests. In Figure 8.13(a) and (b), the fracture surface of conventionally
CLP samples after DA reveals a dendritic pattern resembling a staircase. Within the large and deep
dimples, numerous elongated Laves fragments are aligned along the direction of the columnar
dendrites. Similarly, for the DA-treated GLP samples (Figure 8.13(c) and (d)), the fracture surface
exhibits disordered columnar dendrites with random orientations. Additionally, discrete Laves
fragments can be observed in the bottom regions of the dimples. The presence of micro-cracks
resulting from the fragmentation of the Laves phase is evident in both these sample types. It is
noteworthy that both CLP and GLP samples, after DA treatment, preferentially fracture along the
interdendritic regions, demonstrating a transgranular ductile failure mode.

Upon subjecting the CLP sample to STA (Figure 8.13(e) and (f)), linearly distributed dimples and
“Laves + 8” fragments are observed on the fracture surface, indicating that fractures occur between
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Figure 8.13. Fracture morphologies of Inconel 718 thin-wall samples after room-temperature tensile tests: (a, b) CLP-DA,
(¢, d) GLP-DA, (e, f) CLP-STA, (g, h), GLP-STA, (i, j) CLP-HSTA, and (k, 1) GLP-HSTA. 1

columnar dendrites. In the case of the GLP sample after STA (Figure 8.13(g) and (h)), cleavage
planes can be observed on the fracture surfaces, indicating intergranular cracking. Furthermore,
a significant number of micro-cavities are visible within the fine and shallow dimples of the
STA-treated GLP sample, resulting from the interfacial debonding of granular “Laves + 8" phases
from the y matrix. Although the presence of “Laves + 8” fragments is noticeable, the primary mode
of failure in STA-treated GLP samples is attributed to the separation between the “Laves + &” phase
and the y matrix. This behavior can be ascribed to the surrounding & phase playing a role in the
pinning effect, which inhibits the cracking and fragmentation of the Laves phase.

In the case of CLP samples treated with HSTA, the distribution of dimples becomes more
uniform and shallow, and the cleavage plane can be observed on the fractured surface, indicating a
combination of transgranular and intergranular fracture modes (see Figure 8.13(i) and (j)). Close to
the dimples, several micro-cavities are present, which are believed to be a result of the separation
of fine and globular Laves phases, carbides, nitrides, and other constituents from the y matrix. The
fracture surface characteristics of HSTA-treated GLP samples are similar to those of CLP samples
after undergoing HSTA. However, the dimples in the HSTA-treated GLP samples appear larger
and deeper (see Figure 8.13(k) and (1)). It is worth noting that the dendritic structures become
increasingly indistinct as the heat treatment temperature rises. As the heat treatment progresses
from DA to STA and finally to HSTA, the fracture mode transitions from ductile fracture through
micro-void coalescence to a mixture of ductile and brittle fracture.

8.7.2 High-temperature results

Figure 8.14 illustrates the SEM fractography of the fracture surface observed after high-temperature
tensile tests conducted at 650°C. The fracture surfaces of all samples after DA still retain their
dendrite characteristics, indicating a ductile transgranular fracture mode. This fracture mode is
attributed to the micro-void coalescence resulting from the presence of secondary phase particles.
Detailed observations of the fracture surfaces are presented in Figure 8.14(a) and (b) for the CLP
samples after DA. In these images, distinct fracture steps can be observed, and the dimples are
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Figure 8.14. Fracture morphologies of Inconel 718 thin-wall samples after high-temperature tensile tests: (a, b) CLP-DA,
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aligned along the building direction (Z direction). In contrast, the fracture surfaces of the GLP
samples after DA, as depicted in Figure 8.14(c) and (d), exhibit a disordered arrangement of dimples
without any discernible directionality. Notably, both sets of samples display cracking of the Laves
phase, with remnants of fragments observed within the dimples.

Upon subjecting the CLP samples to STA heat treatment, the fracture mode shifts to a
clearly evident ductile mode with significantly increased ductility. The fracture morphologies
and characteristics of these STA-treated CLP samples closely resemble those observed in room
temperature tests, as shown in Figure 8.14(e) and (f). In contrast to the GLP samples, the CLP
samples exhibit larger dimples due to the presence of coarser “Laves + 6 fragments. Furthermore,
the GLP samples subjected to STA heat treatment display a combination of both transgranular
and intergranular fracture modes, with deeper dimples compared to the room temperature tests
Figure 8.14(g) and (h)).

After undergoing HSTA heat treatment, both the CLP and GLP samples exhibit deteriorated
dendritic structures and display a combination of mixed fracture modes. In the case of the CLP
sample, micro-cavities can be observed within the dimples resulting from transgranular fracture, as
well as cleavage planes from intergranular fracture, as shown in Figure 8.14(j). This phenomenon
occurs due to the separation of small residual secondary phase particles from the y matrix. On the
other hand, the GLP samples reveal a mixed distribution of shallow dimples and deep equiaxed
dimples, as depicted in Figure 8.14(1).

Figure 8.15 illustrates the lateral morphologies of the fractured surfaces near the fracture
zone at the Y-Z plane following high-temperature tensile tests. The yellow arrows indicate the
fragmentation of second-phase particles, while the green arrows represent the debonding of
second-phase particles from the y matrix. Due to the disparate thermal expansion coefficients and
elasticity modulus of the second-phase particles and the y matrix, localized stress is generated around
the second-phase particles, leading to stress concentrations and eventual failure [54]. Inthe DA sample,
both Laves phase fragmentation and Laves phase debonding from the y matrix can be observed. For the
DA-CLP sample (Figure 8.15(a) and (b)), the dominant phenomenon during the tensile process
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Figure 8.15. SEM micrographs of the fractures’ longitudinal sections after high-temperature tensile tests: (a, b) CLP-DA,
(c, d) GLP-DA, (e, f) CLP-STA, (g, h), GLP-STA, (i, j) CLP-HSTA, and (k, 1) GLP-HSTA. ]

is the fragmentation of long-chain Laves phases, which promotes the nucleation of micro-voids
and subsequently results in premature fracture at high temperatures. Granular and discrete Laves
phases are dispersed in the DA-CLP sample, with only a few instances of Laves phase fractures
observed (Figure 8.15(d)). When the Laves phases are fine and discrete, they are able to move with
the y matrix during plastic deformation without easily breaking apart. In this case, particle-matrix
decohesion plays a predominant role.

The microstructure of the sample primarily consists of the “Laves + §” phases following
the STA heat treatment. The CLP samples subjected to STA heat treatment exhibit the presence
of long-chain “Laves + §” phases, while the GLP samples shows discrete “Laves + §” phases.
When observing the longitudinal section of fractures, it becomes apparent that the majority of the
“Laves + 8” phases do not fracture or detach from the y matrix even after subjecting the sample
to high-temperature tensile tests. Instead, these phases persist within the y matrix (refer to
Figure 8.15(e—h)). This phenomenon can be attributed to the Smith-Zener pinning effect exerted by
the surrounding & phase, which hinders the fragmentation and separation of the Laves phases from
the y matrix. Furthermore, the & phase also demonstrates its ability to impede dislocation motion and
hinder grain boundary migration.

It has been reported that the presence of § phases can negatively affect the mechanical
properties of materials. Li et al. [20] highlighted that the combination of “Laves + & phases appears
to have a greater detrimental impact on mechanical qualities compared to individual Laves phases.
This is because dislocations tend to accumulate around the “Laves + 8” phase more easily during
room-temperature tensile processes. Liu et al. [27] suggested that incoherent and needle-shaped
0 phases can facilitate the initiation and propagation of cleavage cracks due to their sharp edges,
which act as stress concentrators. Furthermore, the formation of the & phase involves the depletion
of Nb, which is a critical constituent element in strengthening phases such as y”” and y’. However,
the investigation of high-temperature tensile properties reveals inconsistencies with these claims.
In our study, we discovered that the presence of “Laves + & phases does not significantly impair
the mechanical properties of the material. Instead, these phases play an excellent role in enhancing
high-temperature ductility. This can be attributed to the vacancy diffusion and the thermal activation
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energy provided by the elevated temperatures, which enable stacking dislocations to overcome
short-range obstacles more easily [55]. The & phases are softer and more ductile compared to y”’ and
v’ phases. The elevated temperature, up to 650°C, promotes coordinated deformation between the
“Laves + 0” phases and the y matrix, resulting in improved ductility.

The HSTA samples (Figure 8.15(i—1)) exhibit only a small amount of particle fractures.
However, fine Laves phases and MX particles are mainly detached from the y matrix, indicating
the prevalence of interfacial decohesion. The interfaces between the particles and the matrix serve
as favorable sites for the initiation of micro-voids. Upon closer inspection in the magnified images
(Figure 8.15(j) and (1)), numerous micro-voids can be observed following the decohesion between
the particles and the matrix.

Furthermore, it has been observed that the HSTA heat-treated samples exhibit a decrease
in ductility when subjected to high-temperature tensile tests, as depicted in Figure 8.12(d). The
enlarged fracture image of the CLP-HSTA sample after the high-temperature tensile tests, along
with the corresponding EDS mappings (Figure 8.16), provides evidence of the presence of Al and
O enriched oxides within the dendrites, indicated by white circles. The GLP samples, followed by
HSTA heat treatment, also display the existence of oxides. This occurrence can be attributed to the
high-temperature homogenization process, which facilitates the accumulation of O, S, and C elements
in the interdendrites, grain boundaries, and other regions. Consequently, this leads to premature
failure, a reduction in ductility, and the occurrence of intermediate temperature embrittlement [56].

Based on the results and analysis provided in Section 8.6 and Section 8.7, it becomes evident
that the failure modes of heat-treated samples are significantly influenced by the heat treatment
paths, as compared to the current test temperatures and deposition methods. In DA samples, the
distribution of y"” and ¥’ nano-strengthening phases within the y matrix is non-uniform. Additionally,
interdendritic retained Laves phases tend to create stress concentration, fragment into small pieces,
and detach from the y matrix, thus promoting the formation of micro-voids during the tensile
process. Consequently, DA samples exhibit low intra-grain strength and failure occurs through a
ductile transgranular mode.

For STA or HSTA heat treatments, the distribution of y"" and y’ phases becomes more uniform,
but the grain boundaries weaken. Due to their resistance to plastic deformation, the grain boundaries
act as barriers for dislocations. The presence of MX particles and & phase at the grain boundaries
facilitates a transition from a transgranular fracture mode to an intergranular fracture mode, as
these particles act as crack initiators. When these particles are closely dispersed along the grain
boundaries, microcracks easily propagate and promote intergranular fracture.

Figure 8.16. SEM fracture surface of the CLP-HSTA sample after high-temperature tensile tests and corresponding EDS
mappings. 1
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8.8 Summary

Post-heat treatments are crucial in the production of laser powder deposition-based nickel-based
superalloys for aviation industry applications, aiming to attain exceptional performance levels.
These heat treatments play an indispensable role in enhancing the material properties and optimizing
the alloy’s microstructure. In this chapter, we summarized the current research on heat treatments
for laser additive manufacturing Inconel 718. A systematic study on the responses of Inconel 718
deposited by CLP and GLP methods to three typical heat treatments was conducted. We extensively
investigated the microstructural evolution, hardness, tensile properties, and fracture morphologies
at both room temperature and high temperature.

The microstructure and degree of element segregation in the as-deposited state have a significant
influence on the microstructure evolution after heat treatments. The microstructure of as-deposited
GLP samples primarily consists of fine discrete Laves phases within fine disordered dendrites and
a low SR. After STA heat treatment, we can achieve a relatively uniform element distribution along
with precipitation of y" and y’ phases. In the case of CLP samples, they exhibit coarse and continuous
long-chain Laves phases within coarse dendrites and a high SR, necessitating HSTA heat treatment
with a high homogenization temperature to achieve a uniform element distribution.

It is found that the dissolution of Laves phases is faster when they are smaller in size and
when the PDAS is smaller in the as-deposited microstructure. Under the same heat treatment, GLP
samples with a uniform distribution of elements and smaller Laves phases dissolve more quickly
compared to CLP samples.

After undergoing the same heat treatments, GLP samples exhibit superior microhardness and
room-temperature tensile strength compared to CLP samples, and they also outperform forged
Inconel 718 in these aspects. However, the excellent ductility observed in the as-deposited GLP
samples is reduced. The positive effect of finely dispersed Laves phases in the GLP samples on
ductility gradually diminishes.

Following STA heat treatment, the 6 phase precipitates around the Laves phase, exerting a
pinning effect that inhibits Laves phase fragmentation and separation from the matrix. At high
temperatures up to 650°C, the coordination deformation between “Laves + 8” phases and the y
matrix promotes high ductility during high-temperature tensile testing.

Both GLP and CLP samples exhibit similar fracture mechanisms during room-temperature and
high-temperature tensile tests. As the heat treatments transition from DA, STA to HSTA, the fracture
mode shifts from a ductile transgranular fracture with micro-void coalescence to a mixed mode
involving both ductile transgranular and brittle intergranular fractures.

The findings presented in this chapter enhance our understanding of how different as-deposited
microstructures and segregation ratios influence the evolution of microstructures and mechanical
characteristics following heat treatments. It emphasizes the need to employ specific heat treatments
based on the characteristics of the as-deposited microstructure. This knowledge provides a new
perspective to optimize the post-heat treatment of Inconel 718 fabricated using laser additive
manufacturing by considering the microstructure-defined parameters.
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Chapter 9

Ultrasonic Vibration Assisted
Deposition of Inconel 718 Bulk Alloys

Microstructure, Deposition Process,
and Mechanical Property

9.1 Introduction

Additive manufacturing technology is widely employed in the fabrication of metallic materials.
Laser-based additive manufacturing has emerged as a crucial technique for precision manufacturing,
owing to its benefits such as small laser spot radius, high energy density, and minimal forming
errors [1].

Presently, laser additive manufacturing methods find extensive usage in the production of
Inconel 718, a material widely employed in the aerospace industry due to its remarkable strength
at elevated temperatures and excellent resistance to fatigue, wear, thermal corrosion, and favorable
weldability. Despite the numerous advantages of Directed Energy Deposition (DED) technology,
several challenging issues remain to be addressed [2]. The fast heating and cooling characteristics of
the DED process lead to the formation of large grain sizes, precipitated Laves phases, inhomogeneous
grain shapes, and porosity, accompanied by the effects of thermal stresses, ultimately resulting in
inferior mechanical properties.

Utilizing an applied energy field during laser-directed deposition can significantly enhance
material properties. Ultrasonic vibration, for instance, induces periodic positive and negative
pressures, leading to two fundamental non-linear effects: acoustic flow and cavitation. Acoustic
flow involves the absorption of acoustic oscillations in a liquid, driven by momentum transfer to
establish a steady flow. On the other hand, cavitation is a dynamic phenomenon that generates tiny
bubbles or cavities within a liquid material, followed by their growth, pulsation, and collapse [3].
Both these effects promote the movement of the liquid material. The formation and collapse of
acoustic cavitation exert a dramatic influence on the instantaneous pressure inside the melt pool,
while acoustic flow and mechanical effects generated by ultrasound within the melt pool accelerate
the pool flow. The combined impact of ultrasonic vibration results in a significant organizational and
property control effect [4, 5]. As depicted in Figure 9.1, during the solidification and crystallization
of molten metal materials, ultrasonic vibration facilitates microstructure refinement, chemical
composition homogenization, particle distribution arrangement, and reduction of porosity, grain
size, and segregation [6].

Consequently, in numerous studies [7, 8], ultrasonic vibration-assisted laser deposition is
utilized to fabricate high-quality laser additive parts and achieve robust metallurgical bonding. For
example, Ning et al. [9] compared ultrasonic vibration-assisted laser deposition with and without
ultrasonic vibration-assisted laser deposition parts, and it was observed that ultrasonic vibration
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Figure 9.1. Effect of ultrasonic vibration on solidification of UV-A melted metals [6]. <]

homogenized the temperature field in the local area, resulting in grain refinement and facilitating
the dissolution of the Laves phase. Additionally, it reduced porosity, leading to increased yield
strength, tensile strength, and microhardness of the part. Similarly, Srivastava et al. [10] found
that during ultrasound-assisted laser additive processes, ultrasonic vibration caused grain and
boundary fragmentation, thereby generating more grains. Furthermore, Cong et al. [7] suggested
that the acoustic flow and cavitation induced by ultrasonic vibration can break up the porosity and
homogenize the melt pool with reduced residual stress. This led to the elimination or reduction of
deposition defects, including pores, cavities, and microcracks, and improved the bond strength of
the deposited part to the substrate, ultimately enhancing the tensile properties and hardness of the
prepared part.

In this chapter, we employ ultrasonic vibration during the DED process to fabricate Inconel
718 alloy and compare the organization and properties of samples fabricated using ultrasonic
vibration-assisted DED (UA-DED) and conventional DED (DED) through various characterization
methods. Additionally, we investigate the changes in melt pool flow and heat transfer during the
UA-DED printing process through simulations and explore the intrinsic mechanism of the effect of
ultrasonic vibration on the structure and properties of the deposited samples in-depth.

9.2 Microstructure and mechanical properties analysis of Ultrasonic
vibration-assisted deposition of Inconel 718

9.2.1 Typical features of the microstructure

Figures 9.2, 9.3, and 9.5 present a comparative analysis of the microstructure of Direct Energy
Deposition (DED) printed Inconel 718 and Ultrasonic Vibration-Assisted DED (UA-DED) printed
Inconel 718 specimens in three different directions: the Z-X plane, Z-Y plane, and X-Y plane,
respectively.

Figure 9.2 illustrates the comparison of the microstructure organization in the Z-X plane
between DED and UA-DED.

As shown in Figure 9.2(a) and (b), the DED melt pool appears deeper with more curvature at
the boundary, while the UA-DED melt pool is shallower and has less curvature. Figure 9.2(c) to
Figure 9.2(f) demonstrate the direction and morphology of dendrite growth within the melt pool.
DED printing results in columnar dendrites mainly draped over the melt pool edge towards the
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Figure 9.2. Z-X structure of DED and UA-DED (a) (c) (¢) DED; (b) (d) (f) UA-DED. 1

center. In contrast, UA-DED printing yields cellular dendrites growing perpendicular to the melt
pool edge, with the direction of cellular dendrite growth almost parallel to the printing direction.

Figure 9.3 shows the comparison of the organization of DED and UA-DED in the Z-Y plane.
As observed in Figure 9.3(a) to Figure 9.3(d), dendrite growth is influenced by the direction of heat
flow during DED printing. The direction of heat flow during laser printing is skewed according to
the laser scanning direction, causing dendrites to grow in the opposite direction of the heat flow. In
multilayer deposition, the newly deposited layer’s dendrite tissue grows epitaxially on the main rod
of the previous deposited layer, primarily at an angle of about 45° to the scanning direction, forming
columnar dendrites, as shown in Figure 9.3(e).

In UA-DED printing, the shallow melt depth and small curvature of the melt pool edges enable
better distribution of liquid metal within the pool, leading to less inclination compared to DED
printing. Consequently, the liquid metal remains at a higher temperature at the end of the melt pool,
reducing heat transfer in the opposite scan direction. The direction of heat dissipation largely aligns
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Figure 9.3. Z-Y structure of DED and UA-DED (a) (c¢) (e) DED; (b) (d) (f) UA-DED. ]

Figure 9.4. Schematic diagram of dendrite growth (a) DED; (b) Ultrasound assisted DED. ]
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Figure 9.5. X-Y structure of DED and UA-DED (a) (c) DED; (b) (d) UA-DED. 1

with the substrate’s normal direction, causing dendrites to grow in the opposite direction to the heat
flow (Figure 9.4(b)). As a result, the dendrites tend to grow vertically, essentially aligned with the
deposition direction, forming cellular dendrites (Figure 9.3(f)).

Figure 9.5 presents a comparison of the cross-sectional organization of DED and UA-DED
in the X-Y plane. In DED printing, dendrites grow mainly in the opposite direction of the heat
flow, resulting in irregularly shaped cross-sectional organization (Figure 9.5(c)). In UA-DED, the
direction of heat flow in the melt pool changes due to ultrasonic vibration, leading to vertically
growing dendrites with a neatly arranged honeycomb shape in their cross-section (Figure 9.5(d)).

9.2.2 The morphology and distribution of the Laves phase

Figure 9.6 depicts the Laves phase morphology and distribution in the Z-X, Z-Y, and X-Y planes
after DED and UA-DED printing, respectively.

Figure 9.6(a) and Figure 9.6(b) show the Laves phase morphology in the Z-X plane. DED-
printed specimens exhibit mainly long chains of Laves phases with precipitation at the boundaries
of columnar dendrites. In the Z-Y plane (Figure 9.6(c) and Figure 9.6(d)), UA-DED-printed
specimens demonstrate discrete granular Laves phases around the cytosolic dendrites, which grow
predominantly in a vertical direction.

As shown in Figure 9.6(e) and Figure 9.6(f), the X-Y plane mainly contains the Laves phase of
the dendrite cross-section. DED printing results in an irregular cross-sectional Laves distribution due
to the difference in heat flow direction. On the other hand, UA-DED printed specimens, with their
vertically growing dendrites, exhibit a neatly arranged honeycomb-shaped Laves phase distribution
at the boundaries of the dendrites.

For a more detailed analysis of the effect of ultrasonic vibration on the Laves phase, the results
of the Energy Dispersive Spectroscopy (EDS) analysis in the Z-X and Z-Y planes are shown in
Figure 9.7 and Figure 9.8, respectively.
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Figure 9.7. Element distribution of Laves phase on Z-X plane (a) DED; (b) UA-DED. ]
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As seen in Figure 9.7, the conventionally DED printed specimens demonstrate long chains of
Laves phases between the dendrites, while UA-DED printed specimens show granular and discrete
Laves phases between the dendrites. Moreover, the Laves phases formed during solidification exhibit
significant micro-partitioning of Nb and Mo alloying elements. The Laves phase is enriched in Nb
and Mo but depleted in Ni, Cr, Fe, and Ti compared to the interlayer eutectic y. The most significant
absolute compositional differences between the y matrix and the Laves phase are observed in the
elements Ni and Nb.

Deposition (DED) and Ultrasonic Vibration-Assisted DED (UA-DED) is presented in
Table 9.1. The DED printed alloy consists mainly of a y matrix (A1), Laves phase (B1), and MC
particles of titanium-rich nitride (C1). On the other hand, UA-DED printed Inconel 718 alloys
consist mainly of a y matrix (D1), Laves phase (E1), and Nb-rich carbide (F1).

Figure 9.8 illustrates the morphology and elemental distribution of the Laves phase in the Z-Y
plane. The Nb elements are enriched at the edges of the dendrites, and the Laves phase precipitates
at the boundaries of the dendrites. In DED printing, the Laves phase is primarily precipitated at the
edges of the columnar dendrites, forming long chains. Conversely, in UA-DED printing, the Laves
phase precipitates at the edges of the cytosol, with particles of the Laves phase being small and
diffusely distributed at the cytosol’s edges. Additionally, Nb and Mo elements precipitate both in
and around the Laves phase.

Table 9.1. EDS analysis results of the chemical compositions of the y matrix, Laves and MC particles in the deposited
samples (in wt%). <

Position Ni Nb Ti Al o Cr Fe Co Mo C

A1 Matrix) | 49.58 | 2.49 | 0.67 | 0.49 0.83 | 19.67 | 19.12 | 0.15 | 2.54 | 3.98
1 (Laves) 41.79 | 18.04 | 1.57 | 0.36 097 | 14.18 | 12.28 | 0.13 | 4.14 | 5.87
o1 (MO) 38.11 | 2.94 | 1.24 | 11.46 | 10.05 | 15.54 | 14.96 | 0.18 | 1.98 | 3.37
o) Matrix) | 49.87 | 1.91 | 0.68 | 0.44 096 | 19.32 | 20.17 | 0.35 | 2.12 | 3.32
1 (Laves) 4533 | 794 | 1.54 | 0.49 1.1 17.69 | 17.44 | 0.19 | 23 | 5.51
1 (MC) 37.06 | 17.84 | 3.3 | 043 1.01 15.08 | 14.32 | 0.02 | 2.05 | 8.08

Figure 9.8. Element distribution of Laves phase on Z-Y plane (a) DED; (b) UA-DED. ¢
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Table 9.2. EDS analysis results of the chemical compositions of the y matrix, Laves and MC particles in the deposited
samples (in wt%). 1

Position Ni Nb Ti Al o Cr Fe Co Mo C

A2 (Matrix) | 49.05 | 378 | 0.95 | 0.55 | 0.75 | 1885 | 17.79 | 0.17 | 2.84 | 4.58
52 (Laves) 30.58 | 27.13 | 2.88 | 0.31 | 1.00 | 12.88 | 10.83 | 0.12 | 2.84 | 10.84
2 MO) 35.39 | 9.66 3.1 | 7.75 | 853 | 1458 | 1291 | 0.05 | 2.42 | 5.03
b2 (Matrix) | 49.18 1.89 | 0.69 | 0.44 | 0.84 | 19.41 | 20.78 | 0.22 | 2.19 | 3.97
m (Laves) 443 10.7 | 1.34 | 048 | 1.36 | 16.27 | 1549 | 0.14 | 3.4 | 5.84
n (MC) 44.67 5.8 191 | 085 | 1.78 | 17.83 | 17.84 | 0.2 | 2.34 | 6.11

The results in Table 9.2 show that the DED printed Inconel 718 alloy primarily comprises a y
matrix (A2), Laves phase (B2), and MC particles of titanium-rich nitride (C2). On the other hand,
UA-DED printed Inconel 718 alloys consist mainly of a y matrix (D2), Laves phase (E2), and
Nb-rich carbide (F2).

To investigate the micro-precipitation of elements and its relation to the morphology of the
Laves phases, a statistical comparison of the elemental distribution was conducted. Specifically,
the y matrix (Al and A2) and Laves phases (B1 and B2) of the long chain-like Laves phases and
granular Laves phases in the Z-X and Z-Y planes were compared, as depicted in Figure 9.9.
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Figure 9.9. Nb and Mo Element distribution in y matrix and Laves phase (a) (b) Z-X plane; (c) (d) Z-Y plane. ]
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In Figure 9.9(a) and Figure 9.9(b), it can be observed that the concentration of Nb in the y
matrix of the Z-X facets ranges from 1.9 to 2.5 wt%, while the concentration of Nb in the Laves
phase can reach 8—18 wt%, significantly higher than the nominal chemical composition of 5 wt%
for the Inconel 718 alloy. In comparison, the degree of micro-bias in Mo is less severe due to its
lower diffusivity and higher density. The concentrations of Mo in the y matrix and the long-chain
Laves phase are 2.54 wt% and 4.14 wt%, respectively, both higher than the concentrations of Mo in
the y matrix and granular Laves phase, which are 2.12 wt% and 2.3 wt%, respectively. Furthermore,
the concentrations of Nb in the y matrix of the Z-Y surface range from 1.9 to 3.8 wt%, while the
concentrations of Nb in the Laves phase can reach 10 to 27 wt%. The enrichment of Nb in the
long-chain Laves phase and its matrix is higher than that in the granular Laves phase. Compared to
conventionally DED-printed samples, the UA-DED-printed samples show higher levels of dissolved
Nb and Mo in the element-rich regions around the y matrix and granular Laves phase, which leads to
the reduction of Nb and Mo element concentrations around the granular Laves phase and the matrix.

The solidification process of Inconel 718 alloy during laser directed deposition commences
with a liquid y matrix, and as the process advances, the liquid metal between the dendrites becomes
enriched with elements like Nb and Mo until a eutectic reaction concludes the solidification [11].
However, due to the poor diffusion rate of Nb atoms, the Laves phase is challenging to dissolve
in the y matrix. With the introduction of ultrasonic vibration, the heat transfer from the melt
pool temperature increases, leading to a higher solubility of Nb and Mo in the matrix phase. The
ultrasonic vibration also causes the Laves phase to break up and dissolve, resulting in a more uniform
distribution of the Laves phase in the matrix, forming small particle shapes.

9.2.3 Grain growth and grain size

Figure 9.10 illustrates the polar and antipodal plots of the Z-X plane of specimens for DED printing
and UA-DED printing.

In the inverse pole diagram shown in Figure 9.10(a), the grains exhibit random orientation in
the case of DED printing, with a <001>/BD weave inside the melt pool and a <111>/BD weave at
the edge of the melt pool, due to grain growth from the edge of the melt pool towards its center.
However, with the assistance of ultrasonic vibration, as shown in Figure 9.10(b), a weave of
<001>//BD mainly appears, and the grain growth direction is almost identical to the deposition
direction. The polar plots depicted in Figure 9.10(c) and Figure 9.10(d) show that both DED printed
and UA-DED printed specimens have a strong <001> weave, but the location of the maximum polar
density is different. Ultrasonic vibration assistance leads to the maximum pole density appearing
almost at the same location as the deposition direction, with the grain growth direction tending to
be vertical, as shown in Figure 9.10(d). In contrast, the position of the maximum polar density for
DED printing is more dispersed, as shown in Figure 9.10(c), which is related to the grain growth
perpendicular to the edge of the melt pool towards the center.

Figure 9.11 presents the polar and antipodal plots for the Z-Y plane of DED printed and
UA-DED printed specimens. The preferred growth orientation for face-centered cubic crystal
systems is <001>, so the direction of dendrite growth is usually in one of the <001> crystal directions
close to the heat flow direction. In conventionally DED printed specimens, the dendrite growth
direction is about 45° to the deposition direction (BD), resulting in a <101>//BD weave, as shown in
Figure 9.11(a). However, with the aid of ultrasonic vibration, the dendrite growth direction becomes
essentially parallel to the deposition direction (BD), leading to a <001>/BD weave, as shown in
Figure 9.11(b).

In Figure 9.11(d), the DED-printed sample shows a weaker <001> weave compared to the
ultrasonic vibration sample, with a maximum pole density of 9.61 and a maximum pole density
position at 45° to the deposition direction (BD), where the dendrites grow epitaxially. The polar
diagram in Figure 9.11(c) shows that the microstructure of the UA-DED-printed specimens has a
strong <001> weave with a maximum polar density of 15.0. The position of the maximum polar
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Figure 9.10. EBSD pole diagram and reverse pole diagram of Z-X deposited sample (a) The reverse pole diagram of the
sample is printed by DED; (b) Reverse pole diagram of UA-DED sample; (c¢) The pole diagram of the sample is printed by
DED; (d) Polar diagram of UA-DED. 1

0.00

density also tends to be close to the deposition direction (BD), indicating that the dendrites exhibit
vertical growth. This suggests that ultrasonic vibration enhances the <001> orientation of the grains.

The grain size was further measured by EBSD, and the average fitted circle diameter was used
to assess the grain size. The results, shown in Figure 9.12 and Figure 9.13, indicate that over 70%
of the grains of the ultrasonic vibration-assisted DED printed specimens are concentrated in the
0-25 pm interval, while around 60% of the grains of the conventionally DED printed specimens
are distributed in the same interval. Therefore, the grain size of the UA-DED printed samples
tends to be finer. Additionally, the average grain diameter and the number of grains per unit area
(mm?) on the Z-X and Z-Y surfaces were counted in Figure 9.13, revealing that the ultrasonic
vibration-assisted samples have smaller grain sizes and twice the number of grains compared to the
DED printed samples.

The average grain diameter and the number of grains per unit area (mm?) for the Z-X and
Z-Y surfaces are quantified in Figure 9.13. As seen in Figure 9.13(a), the grain size is smaller for
UA-DED printing compared to DED printed specimens, with the average grain diameter reducing from
31.4 um to 21.6 um on the Z-X surface, and 29.2 pm for DED printing and 22 pm for UA-DED
printed specimens on the Z-Y surface. The number of grains per unit area (mm?) also indicates that
the ultrasonic vibration-assisted samples have twice the number of grains compared to the DED
printed samples, as shown in Figure 9.13(b).
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Figure 9.11. EBSD pole diagram and reverse pole diagram of Z-Y deposited sample (a) The reverse pole diagram of the
sample is printed by DED; (b) Reverse pole diagram of UA-DED sample; (c¢) The pole diagram of the sample is printed by
DED; (d) Polar diagram of UA-DED. ]
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Figure 9.12. Grain size distribution (a) Z-X side DED sample; (b) Z-X UA-DED sample; (c) Z-Y side DED sample; (d)
Z-Y UA-DED sample. <]
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Figure 9.13. Statistics of grain characteristics of deposited samples (a) average grain size; (b) Number of grains per
unit area. (]

9.2.4 Defects

The process of laser directional deposition is characterized by rapid heating and cooling, which
makes it susceptible to two types of defects, namely porosity and unfused defects. Pores are small,
round holes, typically 10-50 pum in diameter, caused by air bubbles inside the melt pool that cannot
be expelled before solidification [12, 13]. Unfused defects result from the presence of unmelted
powder during the laser directional deposition process, leading to incomplete fusion of the material
in an irregular shape, usually in the range of 50-500 um [13].

Figure 9.14. Internal defects of DED printing and UA-DED printing samples. ]
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Figure 9.15. Porosity statistics of DED and UA-DED samples. 1

Defects like lack of fusion and porosity are the primary concerns in laser DED printing.
Figure 9.14 depicts the distribution of defects on three different surfaces for conventional and
UA-DED printed specimens. As evident, the UA-DED printed specimens exhibit no unfused defects
and show fewer instances of porosity.

Figure 9.15 presents the porosity statistics for the three different surface faces of the
conventionally DED printed and UA-DED printed specimens. In this case, the porosity statistics
include the percentage of both porosity and unfused defects. As observed from the graph,
conventional printing has lower porosity due to unfused and porous defects on the Z-X and Z-Y
surfaces, whereas ultrasound-assisted DED printing only has porous defects and no unfused defects,
resulting in lower porosity for ultrasound-assisted DED printed specimens. Overall, the porosity of
ultrasound-assisted printing was approximately 0.02%, which is lower than the porosity reported by
Ning et al. [14] in their study of ultrasonic vibration-assisted laser printing of Inconel 718, where
they obtained a lower porosity result of 0.09%.

Figure 9.16 illustrates the porosity of DEDs and UA-DEDs separately and shows that the
difference in porosity between DEDs and UA-DEDs in the Z-X plane is not significant, at 0.04%
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Figure 9.16. Pores statistics of DED and UA-DED samples. ]
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and 0.03%, respectively. In the Z-Y and X-Y planes, the porosity of UA-DED printing was only
50% of that of DED printing.

9.2.5 Mechanical properties
9.2.5.1 Microhardness

Figure 9.17 presents the average hardness values for samples produced using DED printing and
UA-DED printing in the Z-X, Z-Y, and X-Y planes. As observed from the graphs, the introduction
of ultrasonic vibration resulted in higher average hardness values in all three directions for the laser
directionally deposited samples compared to conventionally printed samples.

The DED-printed sample exhibited an average hardness of 264 HV on the Z-X surface, while
the ultrasound-assisted print showed an average hardness of 319 HV, indicating an increase of
55 HV. On the Z-Y surface, the average hardness of the ultrasound-assisted print increased by
42 HV from 272 HV of the DED print, reaching 314 HV. Similarly, the average hardness on the X-Y
surface with DED printing was 285 HV, whereas the ultrasound-assisted print showed a significant
increase to 322 HV, marking a gain of 37 HV.
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Figure 9.17. Average hardness of conventional and UA-DED samples. <

9.2.5.2 Microscopic deformation

During laser directional deposition, higher thermal gradients and repetitive local heat transfer
typically lead to thermal strain buildup and residual stresses in the deposited sample. Residual
stresses in alloys occur at three scales: macroscopic scale as type I stress, grain scale as type II or
microscale stress, and nanoscale as type III stress [15].

The Grain Orientation Spread (GOS) diagram obtained from EBSD analysis reflects the
magnitude of plastic strain and residual stresses, specifically the type II stress distribution at the
grain size level. The GOS map enables analysis of the microscopic deformation characteristics of
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Figure 9.18. GOS maps of Z-X plane deposited sample (a) (c) DED sample; (b) (d) UA-DED sample. <]

the grains. The average GOS value is calculated by considering the orientation variation between
each pixel and the mean grain orientation, defined as follows [16] :

. 1
GOS(i) MO0 oy 9.1)
Where J(i) is the number of pixels of grain i, and w;; is the orientation error angle between the
orientation of pixel j and the mean orientation of grain i.

Based on the GOS distribution in the Z-X plane (Figure 9.18), the average orientation differences
within the grains range from 0 to 11.5°, while the introduction of ultrasonic vibration leads to an
increase in the number of grains experiencing larger deformations. The average GOS value for
conventionally DED printed samples was 1.7°, while for UA-DED printed samples, it rose to 3.8°.

Figure 9.19 illustrates the GOS distribution in the Z-Y plane. As observed from the graph,
ultrasonic vibration enhances the degree of grain deformation, resulting in more grains undergoing
large deformations. The average GOS value for the DED-printed samples was 2.2°, while for the
UA-DED printed samples, it increased to 3.7°.

In summary, the UA-DED printed samples exhibit the highest average GOS values, indicating
a non-uniform distribution of plastic strain and residual stress. The GOS plots reveal grain-scale
differences in geometric dislocations, residual plastic strain, and the degree of grain deformation
[110]. The introduction of ultrasonic vibration causes molten material to experience ultrasonic shock
oscillations, cavitation, and acoustic flow effects, leading to violent movements of the liquid metal.
As a consequence, the samples show high average GOS values due to the local thermal effects
caused by ultrasonic vibration and the severe thermal expansion and contraction during cooling.
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TR

Figure 9.19. GOS maps of Z-Y plane deposited sample (a) (c) DED sample; (b) (d) UA-DED sample. 1

9.2.5.3 Tensile properties and fracture analysis

To investigate the effect of ultrasonic vibration on the tensile properties of the material, the
samples were tested in tension along the scanning direction parallel (0°) and perpendicular (90°)
to the scanning direction, and the results are shown in Figure 9.20. Figure 9.20(a) presents the
stress-strain curve for tensile testing, while the ultimate tensile strength (UTS), yield strength (YS),
and elongation (EL) of the samples are summarized in Figure 9.20(b), (c), and (d), respectively.

For the 0° tensile specimens, the UA-DED printed samples exhibited higher ultimate tensile
strength and elongation compared to the DED printed samples. The ultrasound-assisted printed
samples showed an ultimate tensile strength of 879 MPa, a yield strength of 563 MPa, and an
elongation of 23.5%, whereas the DED-printed samples had an ultimate tensile strength of
713 MPa, a yield strength of 480 MPa, and an elongation of only 11.8%. The introduction of
ultrasonic vibration increased the ultimate tensile and yield strengths of the material, while the
UA-DED-printed samples exhibited significantly higher elongation and improved plasticity. This
can be attributed to the effect of ultrasonic vibration, which refines the grain and reduces the
tissue’s porosity, creating a granular Laves phase that promotes a more homogeneous distribution of
elements, resulting in increased yield strength and UTS.

Regarding the 90° tensile specimen, the ultimate tensile and yield strengths of the UA-DED
printed samples were similar to those of the DED printed samples. The DED-printed samples
had an ultimate tensile strength of 688 MPa and a yield strength of 483 MPa, whereas the
ultrasound-assisted printed samples had an ultimate tensile strength of 722 MPa and a yield strength
of 527 MPa. However, the elongation of the UA-DED printed samples was slightly reduced, from
9.1% to 7.3%, in comparison to the conventionally printed samples. Thus, ultrasonic vibration also
increased the ultimate tensile and yield strengths of the deposited samples, but resulted in a slight
reduction in their plasticity. The ultimate tensile strength of the 90° specimen is also a reflection
of the degree of channel-to-channel bonding of the deposited layer, as the tensile test is performed
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Figure 9.20. Tensile properties of deposited samples (a) stress-strain curve; (b) Ultimate tensile strength; (c) yield strength;
(d) Elongation. ]

perpendicular to the scanning direction. Ultrasonic vibration enhances the flow and heat transfer
within the melt pool, leading to better fusion of the molten material, a reduction in porosity, and
grain refinement, resulting in increased UTS and yield strength of the deposited samples.

The fractures of the 0° tensile specimens are morphologically analyzed in Figure 9.21. As
shown in the figure, the DED printed tensile fractures exhibit shallow tough nests and deconfined
plateaus indicating combined ductile and brittle fracture. The fracture occurs along the columnar
crystals, which are distributed parallel to the fracture surface, and internal fractures occur in the long
chain-like Laves phase distributed at the boundary of the dendrites. Due to its large size, the long
chain-like Laves phase is difficult to deform plastically with the y matrix, leading to a tendency to slip
and disintegrate during deformation, which increases the risk of crack extension [17]. Consequently,
a large number of broken Laves phases and cavities remain in the crater after fragmentation of the
long-chain Laves phase and separation from the y matrix, as shown in Figure 9.21(c).

The tensile fracture of the UA-DED samples exhibits a large number of deep tough nests,
indicating ductile fracture. At the same time, the granular Laves phase is dislodged at the interface,
creating numerous cavities. The fine, discrete, and granular Laves phases favor ductility and have
high coordination capacity with the y matrix, retaining their original form or debonding from the y
matrix without breaking. The critical stress required for the discrete Laves phase to break is higher
than that of its long-chain counterpart.
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Figure 9.21. Tensile sample fracture morphology (a) (b) (c) DED; (d) (e) (f) Ultrasound-assisted DED. ]

Figure 9.22. Distribution of elements at the fracture of tensile samples. (a) DED; (b) Ultrasound-assisted DED. 1

Figure 9.22 shows the elemental distribution on the fracture surface. In Figure 9.22(a), fracture
occurs along the columnar dendrites with Nb and Mo elements enriched at the columnar dendrite
boundaries where the Laves phase fractures. Figure 9.22(b) illustrates the tensile fracture organization
of the UA-DED sample, revealing a deeper tough fossa with Nb and Mo elements enriched around
it and cavities resulting from the dislodgment of the Laves phase. The UA-DED samples exhibit
high strength and excellent ductility compared to the DED samples. The Laves phase in the tissue
is brittle and hard, with poor plastic deformability, and the Laves phase and y interface are weak
points due to incoherent bonding. Many of the Laves phases precipitate in the interdendritic region
and act as barriers to the movement of dislocations, leading to stress concentrations [18]. When the
sample is subjected to tensile loading, microvoids and microcracks easily develop at the location of
the Laves phase, gradually spreading and interconnecting, resulting in eventual failure. The small,
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granular Laves phase is less prone to breakage and exhibits better ductility. The granular Laves phase
also generally experiences interfacial exfoliation under load, while irregularly shaped particles of
long-chain-like Laves phase often fail due to internal fracture.

9.3 Mechanisms for the effect of ultrasonic vibration on microstructure and
mechanical properties

9.3.1 Effect of ultrasonic vibration on the melt pool

9.3.1.1 Effect of ultrasonic vibration on melt pool morphology

Figure 9.23 presents the shape of the melt pool obtained from the simulation, with the yellow line
representing the isotherm of the melting point of Inconel 718 alloy. The figure indicates that the
melt pool for DED printing is deeper, approximately 1 mm, and wider, about 3.4 mm, whereas the
melt pool for UA-DED printing is shallower, approximately 0.6 mm, and wider, about 3.6 mm.
Consequently, ultrasonic vibration can alter the shape of the melt pool, making it less deep and
slightly wider.

Among the various forces acting on the melt pool during laser directional deposition, surface
tension plays a significant role [19]. It determines the shape and size of the melt pool to a large
extent. The driving force behind the pool flow, caused by surface tension, is known as Marangoni
flow, which significantly influences the depth of the resulting molten metal pool [20].

Marangoni flow arises due to the surface tension gradient, which propels the melt flow inside
the pool. Temperature variations lead to a surface tension gradient, driving molten material from the
center to the periphery of the pool. The equation governing the surface tension-induced Marangoni

flow inside the laser melt pool is as follows:
Yo T aor '

0
Where u is the dynamic viscosity of the liquid, and 8_;/“ is the surface tension temperature coefficient,

oT
and . is the temperature gradient.
X

For nickel-based high-temperature alloys, the surface tension temperature coefficient is
negative, indicating that the surface tension decreases as the temperature increases. Ultrasonic
vibration enhances the Marangoni flow by carrying heat from the center to the edges of the melt
pool, affecting its cooling rate and altering its shape. As a result, heat build-up at the bottom of the
melt pool is less severe, resulting in a shallower melt depth.

The cavitation effect of ultrasound induces localized high temperatures and pressures in the
melt pool, promoting heat transfer within it. The ultrasonic waves impact the free surface area of
the melt pool, leading to increased heat transfer from the center to the periphery and faster liquid
metal flow, resulting in a wider melt pool. The surface tension gradient causes the surface layer of

Figure 9.23. Molten pool shape simulation results. <
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Figure 9.24. Schematic diagram of the Marangoni flow [21]. <[]

liquid metal to flow from the center to the periphery, causing the center of the melt pool to depress
downwards. Gravity then causes the metal at the periphery of the melt pool to reflow along the
bottom towards the center, forming a circular convection pattern (as shown in Figure 9.24).

9.3.1.2 Effect of ultrasonic vibration on heat transfer in the melt pool

Figure 9.25 illustrates the results of the temperature field for simulated conventional and
ultrasound-assisted printing. The laser beam’s heat source acts on the material’s surface, and when
the temperature reaches the melting point of Inconel 718 high-temperature alloy, the substrate
and powder material melt, forming a molten pool of metal. The line in the diagram represents
the isotherm of the melting point of Inconel 718 high-temperature alloy, with the area above the
isotherm indicating the molten pool and the part below indicating the unmelted substrate material.
The graph shows that the temperature is highest at the center of the melt pool, where the laser heat
source directly acts, and decreases progressively away from the center towards the edge of the pool.
For conventional printing, the maximum temperature at the center of the melt pool is 1820 K, while
for ultrasound-assisted DED printing, it is 1950 K.

Figure 9.25. Distribution of the temperature field inside the molten pool. I
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The temperature gradient of the melt pool, as shown in Figure 9.25, is highest at the edge
and decreases from the edge towards the center, with the lowest temperature gradient at the center
of the melt pool. The highest temperature gradient for conventional printing is 2.11 x 10°, which
is lower than the maximum temperature gradient of 3.07 x 10° for ultrasound-assisted printing.
This difference can be attributed to the introduction of ultrasonic vibration energy, which causes
tiny bubbles or stretched cavities within the melt pool to experience periodic alternating acoustic
pressure, leading them to continuously expand and oscillate until they collapse. This collapse
generates a significant temperature gradient, increasing the surface tension gradient between the
center and edge of the melt pool, thereby contributing to the Marangoni effect.

9.3.1.3 Effect of ultrasonic vibration on melt pool flow

Figure 9.26 illustrates the simulated flow field diagram, depicting the liquid metal flow from the
center to the edge of the melt pool, followed by re-flow of the liquid metal at the pool’s edge along
the bottom towards the center. This creates a ring flow pattern within the melt pool.

In the flow vector diagram, the arrows represent the flow, and their color and length indicate
the magnitude of the flow velocity. The flow velocity is higher near the free surface area close to
the melt pool, where the liquid flows fastest due to Marangoni flow caused by surface tension. For
ultrasound-assisted DED printing, the maximum melt pool flow velocity is 0.08, which is twice
the velocity of conventional DED printing. The introduction of ultrasonic vibration enhances the
Marangoni effect inside the melt pool, increasing convective intensity and flow velocity at the melt
pool’s surface area. Ultrasonic vibration persists throughout the laser printing process, resulting in
more convective cycles, intensifying the agitation of the melt pool.

Figure 9.26. Distribution diagram of the flow field inside the molten pool.
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9.3.2 Effect of ultrasonic vibration on microstructure

9.3.2.1 Effect of ultrasonic vibration on dendrite growth direction

Grain growth is determined by two key thermal factors: the temperature gradient (which determines
the direction of grain growth) and the cooling rate (which determines the size of grain growth).
According to crystallisation theory, each crystal structure has its own unique preferred crystal
orientation where grain growth is fastest and the temperature gradient plays an important role in the
growth rate. Grain growth can only be sustained if the preferred crystal orientation and the direction
of the maximum temperature gradient (always perpendicular to the edge of the melt pool) remain
constant and the time for grain growth is sufficient.

The nickel-based high temperature alloy Inconel 718 has a face-centred cubic structure with a
face-centred cubic crystal system with a meritocratic production orientation of <001> and dendritic
growth usually in a certain <001> crystal direction close to the direction of heat flow. As can be seen
in Figure 9.27, the boundary line of the melt pool becomes flat and the direction of heat dissipation
changes due to the intense marangoni flow caused by ultrasonic action. This results in the dendrite
growth direction for ultrasound assisted DED printing being essentially parallel to the deposition
direction, with dendrites growing upwards. In contrast, with DED printing of the metal melt pool,
the arc of the melt pool boundary is larger and the dendrites grow from the edge of the melt pool
towards the centre of the melt pool.

Figure 9.27. Direction of heat flow in the molten pool of DED and ultrasound-assisted DED. 1

9.3.2.2 Effect of ultrasonic vibration on dendrites morphology

The morphology of dendrite growth is closely related to the solidification process of the liquid metal
in the melt pool. The temperature gradient (G) and solidification rate (R) are two key parameters
determining the structure of solidified grains, dendrites, and the final mechanical properties.
G x R plays a crucial role in determining grain size, while G/R is essential for determining grain
morphology. The equation for these parameters is as follows:

G=VT- iy (9.3)

R=V, T ity (9.4)

Where 7, is the unit normal vector of the solidification front, and 7" is the unit vector in the scanning
direction, and ¥ is the scanning speed.

During laser deposition, different temperature gradients and grain growth rates are generated
due to multiple laser heat inputs and heat accumulation. Solidification of high temperature alloys
produces a region of subcooling which, due to the complex thermal history of the fabrication
process, may propagate steadily as a planar front or unsteadily as a cellular or dendritic structure.
kurz and fisher [22] developed a solid-liquid interface model for the instability criterion during
solidification, where the grain morphology may undergo a transition from cellular to columnar to
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Figure 9.28. The effects of G and R on the morphology and the scale of the solidified structure [24]. ]

equiaxed dendrites as the parameter (G/R) decreases due to severe structural subcooling. Subcooling
occurs when the following conditions are met [23], the solidification front will no longer be stable:
G < AT

R D, 9.5)
Where AT is the temperature difference between the two sides of the solid-liquid interface (K), and
D, is the diffusivity of the solute in the liquid (m?s).

As shown in Figure 9.28 [24], when the G/R ratio is high, the solidification front remains
planar, facilitating the formation of planar dendrites. As the G/R ratio decreases, the cellular
dendrites and columnar dendrites sequentially emerge. When the G/R ratio is low, the dendritic
morphology transitions to an equiaxed form. Additionally, it indicates that a higher GXR value
yields finer crystalline structures, whereas a lower GXR value tends to produce coarse grains. In the
DED process, as shown in Figure 9.29(a), the temperature gradient (G) and solidification rate (R)
lead to dendritic dendrites growing epitaxially along the solidification front. The melt pool’s deeper
depth in DED printing results in a larger angle, causing heat flux to dissipate downwards during
solidification and generating a higher temperature gradient at the bottom. Additionally, the lower
cooling rate of the melt pool in DED printing facilitates the growth of columnar dendrites [25]. The
temperature gradient distribution in the simulation shows an increasing heat build-up from the edge
towards the center of the melt pool, resulting in a decreasing temperature gradient with the lowest

Figure 9.29. The dendrite growth direction in the molten pool (a) DED; (b) Ultrasound assisted DED. ]



Ultrasonic Vibration Assisted Deposition of Inconel 718 Bulk Alloys 223

gradient at the center. A lower G/R ratio leads to more severe structural subcooling and promotes
a change in grain morphology from columnar to equiaxed dendrites, leading to a CET transition.

In Figure 9.29(b), the heat dissipation direction of ultrasound-assisted DED printing is nearly
parallel to the deposition direction. The larger angle results in a smaller solidification speed (R)
when the scanning speed (Vs) is the same. The ultrasonic energy converting to thermal energy inside
the melt affects the temperature gradient of the melt pool. Therefore, the temperature gradient (G) at
the edge of the melt pool for ultrasound-assisted DED printing is greater than that of conventional
printing, and the G/R ratio for ultrasound-assisted DED printing is greater than that of DED printing.
This tendency leads to a cellular dendrite organization at the solidification front when the liquid
metal solidifies.

9.3.2.3 Effect of ultrasonic vibration on the morphology of the Laves phase

The morphology and size of Laves phase particles are influenced by the ratio of cooling rate to
dendrite growth rate (G/R) [26, 27]. Laves phase typically precipitates at dendrite edges, where Nb
elements are enriched. High cooling rates and high G/R ratios in high-temperature alloys lead to
discrete Laves phase particles, while low cooling rates result in continuous long chains of Laves
phase particles.

In DED printing, the continuous laser deposition causes dendrites to grow in their previous
direction, forming continuous coarse Laves with strong directional selectivity. At low cooling rates,
the Laves phase particles form long chains. The introduction of ultrasonic vibration increases melt
pool mobility, breaking up the Laves phase and producing fine spherical Laves phases at dendrite
boundaries. At high cooling rates, particles are finer and more discrete. Columnar dendrite growth
separates the liquid between adjacent dendrites, leading to long chain morphology, while cellular
dendrites promote the formation of discrete Laves phase particles. During UA-DED printing,
ultrasonic energy promotes Marangoni flow, transforming Laves phase particles from long chains to
fine discrete ones, enhancing the mechanical properties of IN 718 alloy.

9.3.2.4 Effect of ultrasonic vibration on grain size

Simulation results demonstrate that ultrasonic vibration increases melt flow velocity, promoting
diffusion and uniform distribution of broken dendrites in the melt pool. The ultrasonic energy
transmitted directly into the melt pool induces cavitation and acoustic flow, refining the grains.
The reduction in grain size is related to the formation of nuclei. From classical nucleation theory
it is clear that two conditions are required for the formation of a nucleus, one is that the maximum
size of the embryo 1,,,, is greater than the critical nucleus size r, and the other is that the energy

fluctuations in the melt pool are sufficient to provide the energy required for the formation of the
embryo. The expressions for the critical nucleus ry and the critical energy of formation are as follows

. 20 9.6
Y AG (9.6)
1670° 9.7

© 3AG’f(0) .7
AG = AH,+ TAS, + AV, AP (9.8)

Of these, the o is the Gibbs-Thomson effect, and f(6) is the non-uniform nucleation factor
(0 <f(0) < 1). The introduction of ultrasound causes the AP increase, which causes the free energy
to AG increases and the critical nucleation 7, and the critical nucleation free energy decreases, so
that ultrasonic vibration-assisted printing can increase the nucleation rate and reduce grain size
compared to conventional printing.
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9.3.3 Effect of ultrasonic vibration on defects

The two types of defects in laser deposition are porosity and unfused defects. Pores are usually
round, spherical voids formed by entrapped gas during the melting process and are more frequently
found inside the melt pool. Unfused defects, irregular in shape, occur due to incomplete material
fusion during manufacturing.

Simulation results reveal that ultrasonic vibration enhances Marangoni flow, increasing the flow
rate of liquid metal on the melt pool’s surface, creating strong mixing and agitation that facilitates
rapid bubble escape. Ultrasonic vibration also affects heat transfer within the melt pool, leading to
the collapse of cavitation bubbles and an increase in the melt pool’s peak temperature, aiding in the
melting of powder and base material. Ultrasound promotes Marangoni flow, altering the melt pool’s
morphology, reducing its depth, and minimizing the contact area between channels.

9.3.4 Effect of ultrasonic vibration on mechanical properties

9.3.4.1 Effect of ultrasonic vibration on microhardness

Microhardness is influenced by mass and heat transfer, Marangoni convection, and solidification
behavior within the melt pool during laser-directed deposition (UA-DED printing). The simulation
results indicate that UA-DED printing exhibits a greater temperature change during cooling,
resulting in a higher cooling rate of the melt pool. This increased cooling rate leads to grain
refinement, enhancing microhardness due to the effects of cavitation and acoustic flow caused
by ultrasonic energy. Additionally, enhanced Marangoni convection in the shallower melt pool of
UA-DED printing allows air bubbles to discharge before solidification, reducing porosity within the
clad layer and further enhancing microhardness. Moreover, the increased cooling rate and the ratio of
temperature gradient to solidification front movement rate (G/R) generate finely fragmented Laves
phases. Accompanied by ultrasonic energy, these phases disperse finely at the dendrite boundaries,
suppressing the formation of long chain-like Laves phases and thereby enhancing microhardness.

9.3.4.2 Effect of ultrasonic vibration on tensile properties

The mechanical properties of Inconel 718 high temperature alloys, manufactured by laser directional
deposition, are closely related to their microstructure. During this process, the material is melted by
the laser heat source to form a molten pool where heat transfer and Marangoni flow lead to diverse
solidification structures. The grain size, number of Laves phase particles, and presence of pores in
the printed part influence deformation behavior, fracture stress, strain, and ductility.

Grain size significantly affects the fracture behavior of microscale materials, as demonstrated
by numerous studies [28-31], which have shown that fracture stresses and strains decrease with
increasing grain size. Grain boundaries hinder dislocation movement during deformation, leading
to stress concentration in the grain boundary region. Ultrasonic vibration refines the grains and
weakens grain boundaries, thereby improving the mechanical properties of the sample.

In addition to grain size, porosity also affects the mechanical properties of the material. Prior
research [32, 33] has experimentally and through modeling methods demonstrated that tensile
properties are adversely affected by porosity. Zhou et al. [34] quantitatively investigated the effect
of porosity on tensile properties using analytical (i.e., critical local strain model) and empirical
methods based on the projected area of porosity on the fracture surface. They found that both
ultimate tensile strength (UTS) and elongation (EL) decreased with increasing porosity levels. The
influence of porosity on tensile properties can be further described by the empirical correlations
[35]:

EL=EL, (1-f) (9.9)

Where EL, and a are empirical constants. The parameter EL, can be interpreted as the EL of a
non-porous material and the parameter a is the defect sensitivity factor of the EL to porosity changes.
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Similarly, the ultimate tensile strength (UTS) can be described by the dependence of the following
equation on the change in porosity [35] :

UTS = UTS, (1 — )’ (9.10)

Where UTS, and b are empirical constants. The parameter UTS,, can be interpreted as UTS for
non-porous materials and parameter b is the defect sensitivity factor of UTS to changes in porosity.

As observed from the simulation results, ultrasonic vibration energy enhances the Marangoni
convective circulation within the melt pool, leading to a reduction in porosity and defect rate of the
sample. This, in turn, increases the final fracture stress and strain of the material.

The presence of the Laves phase significantly influences the yield strength of Inconel 718
alloy. There are two main mechanisms by which the precipitated phase resists dislocation movement
[36]: the Orowan mechanism, where dislocations bypass the precipitates, and the shear mechanism,
where dislocations cut through the precipitates. The reinforcement increment of dispersed Laves
phase particles can be calculated using the Orowan-Ashby relationship [37] :

0.84MGbH (rL j
In

A L
o - G—2r) b

(9.11)

Where M is the Taylor factor for random grain orientation, G is the shear modulus, b is the
Burgers vector and v is the Poisson’s ratio. 4 is the mean particle spacing with a value equal to

2r . . . .
r, |—— . r; and f; denotes the radius and volume fraction of the Laves phase, with the subscript “L”

represénting the Laves phase.

During deformation, dislocations bypass the Laves phase, which is disjoint from the matrix.
The morphology and size of the Laves phase play a vital role in determining the yield strength.
Ultrasonic vibration changes the morphology of the Laves phase, causing it to be finely dispersed at
the cellular dendrite boundaries, thereby promoting the precipitation strengthening of the material
and increasing the yield strength of the sample.

The plastic deformation behavior and ductility of metals are closely related to their
microstructure. The influence of the brittle phase on the tensile ductility of nickel-based
high-temperature alloys has been investigated [38], and the results show that ductility degradation
is mainly influenced by brittle orientation, morphology, size, and brittleness distribution. Normal
orientation of the brittle phase results in a greater reduction in strength and ductility than parallel
orientation. In laser-deposited samples, multiple Laves phases are distributed in dendritic regions,
and the Laves phase is a topologically compact packed (TCP) phase with high hardness and
brittleness. The Laves phase impedes dislocation movement during the stretching process, leading
to dislocation accumulation and stress concentrations. As stress increases, cracks develop around
the Laves phase. The relationship between material ductility and the size of the Laves phase can be
expressed as [39]:

&,= Cf(n, p) (9.12)
c %107‘9—20 (9.13)
f(n,p) [@Tﬂ pﬁ 9.14)
» A 9.15)
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Where 0 is the angle in polar coordinates, &, (6) is the angle when 8 = 0 a constant, 4, and r, are the
spacing and radius of the Laves phase, respectively. ¢, is the critical value of the microplastic strain,
I and h are functions of n, which is the strain hardening index.

It can be observed that plastic deformation of the material increases as the size of the Laves
phase decreases. The plate-like brittle phase induces embrittlement to a significantly higher extent
than the spherical brittle phase. The finely dispersed distribution of the brittle phase has a smaller
influence on plasticity than the continuous distribution of the brittle phase. Ultrasonic vibration, by
changing the cooling rate inside the melt pool and through the accompanying cavitation effect of
ultrasonic energy, results in a finer dispersion of the Laves phase in the printed Inconel 718 alloy
sample, which facilitates the improvement of material ductility.

9.4 Summary

In this chapter, we have developed a system platform for Ultrasonic Assisted Laser Directed Energy
Deposition (UA-DED) manufacturing to enhance the organization and mechanical properties
of Inconel 718 alloy printed using laser directional deposition. To achieve this, we incorporated
ultrasonic vibration assistance into the laser additive process by directly contacting the ultrasonic
vibration bar with the printed workpiece to minimize ultrasonic loss.

To investigate the effects of ultrasonic vibration on the microstructure and properties, we
conducted numerical simulations of the melt pool temperature field and flow field distribution
during the UA-DED process using COMSOL simulation software. This simulation approach
effectively transformed ultrasonic vibration energy into a dynamic load applied to the bottom of the
melt, taking into account various factors such as laser heat source, dissipative radiation, melt flow,
Marangoni effect, surface tension, and solid-liquid phase change. By considering the interaction of
multiple physical fields, we gained precise insights into the mechanism behind the improvement of
material structure and mechanical properties due to ultrasonic vibration.

Ultrasonic vibration has a significant impact on marangoni flow and mass and heat transfer
in the melt pool, thereby altering the pool’s shape and heat dissipation direction. Specifically,
the melt pool in conventional DED printing appeared deeper, while the melt pool in ultrasound-
assisted DED printing was wider and shallower. This change in melt pool shape influenced the
direction and morphology of dendrites. In conventional DED-printed samples, columnar dendrites
were predominant, growing at a 45° angle from the deposition direction. On the other hand,
ultrasound-assisted DED samples exhibited mainly cellular dendrites, with dendrites tending to
grow vertically. Moreover, ultrasonic vibration played a role in refining the grains and affecting
the shape of the Laves phase. In ultrasound-assisted DED-printed samples, the Laves phase
appeared granular and discrete at the boundaries of the cytosolic dendrites, whereas conventionally
DED-printed samples displayed long chain-like Laves phases regularly distributed at the columnar
dendrite boundaries. The improved organization through ultrasonic vibration resulted in increased
hardness, strength, toughness, and reduced porosity in the UA-DED samples.

The introduction of ultrasonic vibration into the laser deposition process demonstrates its
potential to improve the mechanical properties of materials by enhancing their microstructure. In
future research, it will be important to explore the effects of adjusting processing parameters on
material organization and properties. This will help us better understand the relationship between
ultrasonic parameters and laser printing parameters concerning microstructure and properties, thus
allowing us to flexibly adjust the microstructure and mechanical properties of printed samples.
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Chapter 10

Cracking Mechanisms and Suppression
of the vy’ Strengthen

Nickel-based Superalloy During
Additive Manufacturing

10.1 Introduction

Nickel-based superalloys are alloys with comprehensive properties such as high strength and certain
resistance to oxidation and corrosion at high temperatures of 650 to 1000°C. They are widely used
in aircraft, ships, industrial gas turbines and other fields, especially in the need to withstand high
temperatures and corrosive environments. For example, the nickel-based superalloy content in
the GE CF6 turbine engine of Boeing 787 aircraft reached approximately 47%, as illustrated in
Figure 10.1, with predominant distribution within the combustion chamber, high-pressure
compressor, and turbine blade [1]. According to the main strengthening methods of alloys,
nickel-based alloys can be divided into solid solution strengthened nickel-based superalloys and
precipitation strengthened nickel-based superalloys. The solid solution strengthened superalloys
undergo solid solution treatment to achieve a homogeneous composition and obtain an appropriate
grain size, and then are fabricated into components for application. Such alloys are typically utilized
as the flame tube materials in combustion chambers, such as Inconel 625, GH 3030, GH 3039,
etc. Precipitation strengthened superalloys are generally subjected to solid solution treatment
and aging treatment, causing the precipitation strengthening phase or the like to uniformly and
dispersedly precipitate, hindering dislocation movement and significantly enhancing the strength of
the superalloys. These alloys are mainly employed as turbine blade and guide vane materials. The
precipitation of these superalloys can be y' or y".

In recent years, additive manufacturing (AM) has breaked through traditional preparation
methods and opening up new possibilities for nickel-based superalloys in terms of multi-component
alloying, structure size, and complexity. This benefited from the unique characteristics of additive
manufacturing, including ultra-high temperature, strong convection, and supernormal metallurgical
conditions such as instantaneous formation of small molten pools and ultra-high temperature
gradients [2—4]. These conditions enable non-equilibrium rapid solidification with a fast cooling
rate, However, the high ratio between metals and the requirement for high alloying to confer desired
properties result in a wide solidification temperature interval (between liquidus and solid phase
line), which poses significant challenges in AM of y’ phase strengthened nickel-based superalloys.
During rapid solidification of nickel-based superalloy, local concentration of Al and Ti in the liquid
phase occurs, leading to microscopic segregation and the formation of solute-rich liquid between
dendrites. Differential shrinkage rates of the liquid film within the molten pool during cooling
can induce tensile stress and cracking. Below the melting point, stress can be adjusted through
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Figure 10.1. Material distribution in the GE CF6 turbine engine of Boeing 787 aircraft [1]. ]

solid-phase plastic deformation. However, for high-volume fractiony’ phase nickel-based superalloys,
the window between the thermodynamically stable temperature of the strengthening phase and the
solidus temperature is narrow, leading to high crack sensitivity during the late solidification and in
the solid state [5].

In general, the content of Al element in the nickel-based superalloys for hot forming is relatively
low, and most of them are hot-deformed superalloys and cast superalloys with y” phase as the main
strengthening phase. However, the content of Al in the difficult-to-form alloys is higher, and they are
mostly cast alloys or even single-crystal superalloys with y’ phase as the main strengthening phase.
[6, 7]. In order to improve hot formability, the types and contents of strengthening elements need to
be strictly controlled, but a low alloying level is bound to sacrifice some mechanical properties, i.e.,
there is a contradiction between the processing compatibility of AM and mechanical properties of
difficult-to-form nickel-based superalloys. The cracking susceptibility of high-strength nickel-based
superalloys increases with the increase of the content of y’ phase. Although nickel-based superalloys
with low ¢’ phase content can be fabricated without cracks, their strength and high-temperature
resistance fail to meet the application requirements for high strength and high-temperature stability.
In this chapter, we provide a comprehensive review of the cracking mechanisms and suppression
strategies for y'-strengthened nickel-based superalloys during AM, including but not limited to laser
directed energy deposition.

10.2 Cracking mechanism of y’ strengthened superalloys

Most nickel-based superalloys especially y' strengthened superalloys are susceptible to crack defects
when prepared by AM. These defects can be categorized as solidification cracks, liquation cracks,
strain-age cracks, ductility-dip cracks, and cold cracks, as depicted in Figure 10.2 [8]. The first two
types are liquid cracks, which necessitate the presence of liquid films, while the latter three are
solid cracks. Due to the intricate thermal history during AM, distinguishing between liquation and
solidification cracks based on liquid films is relatively straightforward, however, discriminating
ductility-dip cracks from strain-age cracks poses challenges since both occur in a solid state.
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Figure 10.2. Main crack types in AM-ed nickel-based superalloys: Solidification cracks, [8] liquation cracks, strain-age
cracks, ductility-dip cracks, and cold cracks[8]. 1

10.2.1 Hot cracks related to liquid films

Hot cracks related to liquid films occur in the liquid-solid two-phase zone during the solidification
or reheating process, including solidification cracks and liquation cracks, both of which are related
to the intergranular liquid films. The susceptibility to liquid film cracking is higher at large-angle
grain boundaries. Shrinkage porosity between dendrites is the origin of solidification cracking.
In the early stage of solidification, the brittle and hard high-melting carbides formed in the
inter-dendritic region are pinned in the liquid-filled channels and impede the liquid flow during the
filling process, causing the liquid films to be prone to tearing and thereby initiating solidification
cracks. In the final stage of solidification, when the mushy liquid-solid two-phase zone in the molten
pool is subjected to tensile thermal stress and has a high solid fraction (0.7-0.9), the flow of liquid
metal is hindered by large-sized dendrites and it is difficult to backfill the long liquid channels. The
insufficient feeding of liquid between dendrites leads to solidification cracks. The solidification
cracks in y' strengthened nickel-based superalloys are related to trace elements or impurities. For
instance, although the addition of Zr can stabilize grain boundaries and enhance creep resistance,
the low-melting liquid film formed by Zr segregation at the grain boundaries and covering dendrites
in the liquid phase embrittles the grain boundaries. This implies that the grain boundaries cannot
transfer the residual tensile stresses or the contraction caused by cooling the melt, facilitating the
separation of adjacent grains and the formation of solidification cracks. Additionally, elements such
as Zr, B, Si, and P all lower T4, and are key factors that need to be focused on when regulating
the susceptibility to solidification cracking [9, 10]. The commonly used evaluation index for the
susceptibility to solidification cracking is AT. The larger the span of AT, the poorer the feeding
capacity of the liquid phase at the end of solidification, and the more likely it is to form shrinkage
pores in the dendrite-encapsulated regions that cannot be filled by the liquid phase, which then
evolve into solidification cracks under the effect of thermal stress. Therefore, a small AT is beneficial
for alloys to rapidly pass through microstructures with high crack susceptibility [9, 11, 12].
Liquation cracks mainly occur during the temperature peak stage in the thermal cycling
process, encompassing two types: constitute liquation and direct melting of the low-melting point
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phase. Specially, constitute liquation typically emerges below the equilibrium T4, of the alloy.
During rapid heating, the solute concentration near the precipitate-matrix interface rises with the
dissolution of the precipitate phase. If the solute concentration exceeds the alloy composition at a
temperature not lower than the equilibrium reaction temperature of the precipitate-matrix eutectic, a
metastable liquid film rich in solute will form at the interface. Adjacent liquefied regions gradually
connect to form a large-scale film. For the direct melting of the low-melting point phase, the liquid
films are deduced to direct melting of the secondary phases at the grain boundaries, such as the y-y’
eutectic phase, y-Laves eutectic phase, carbides, ectc., those phases generally with lower eutectic
point and melting point. Ultimately, both types of liquid films will fracture under the action of
residual tensile stress to form liquation cracks, and the crack propagation path is rather tortuous,
featuring obvious intergranular cracking characteristics [13—16]. In the ' strengthened nickel-based
superalloys during welding, the y-y' eutectic phase is prevalently present in the inter-dendritic region
of solidification dendrites, and the solidus temperature of the eutectic phase is lower than the overall
Teotiqus Of the alloy, making it highly prone to liquation cracking. In LDED of the y' strengthened
nickel-based superalloys, the liquation of y-y' eutectics also observed in our previous research [17].

However, in the LPBF, the high cooling rate results in the very limited y-y’ eutectic phase,
and the deposited microstructure is closer to an oversaturated solid solution. Therefore, some
studies suggest that the y-y' eutectic phase is not the main cause of liquation cracking in the vy’
phase-strengthened nickel-based superalloys. The liquation is most likely the segregation-induced
liquation. During the thermal cycling process, the partially dissolved intermetallic carbides (such
as MC and M,C) and second phases such as the Laves phase and o phase lower the melting
point, increasing the cracking susceptibility in the heat-affected zone [18—19]. The liquation
susceptibility of nickel-based superalloys can be reflected by the phase transformation during the
heating-cooling process. The distinct T4, Value indicates that even within the cells/dendrites in
the final solidification region, there is a relatively uniform composition. The significantly reduced
nano-segregation and the absence of grain boundary carbides and the y-y' eutectic phase suggest that
the alloy has a lower ability to form liquid films during cyclic heating [13].

10.2.2 Solid-state cracks

Solid-state cracks mainly occur in the solid phase and are unrelated to the liquid film thus the
fracture does not possess the exposed dendritic morphologies. They can be further classified into
high-temperature ductility dip cracking (DDC) and strain aging cracking (SAC). Subsequent
thermal cycles subject the previously deposited layers to a high-temperature stage, during which the
plasticity of grain boundaries significantly decreases, and the grain boundaries slide under the action
of residual stress and phase transformation shrinkage stress to form intergranular cracks. DDC is
mainly located at the positions of the triple junction grain boundaries or the bottoms of liquation
cracks, and the crack tips are wedge-shaped. DDC is considered to be generated due to the “ductility
exhaustion” of the material, causing cracks to pass through the grain boundaries via a creep-like
mechanism. During the rapid cooling process of AM, the ductility of the alloy varies in a fluctuating
manner rather than monotonically decreasing with the decrease in temperature. The first trough
appears between the peak heating temperature ~T;g,q,s) and the ductility recovery temperature
=T 1iqus)» Which is known as the “brittle temperature range”. In this time, the alloy is in a “pasty”
state, and a large amount of molten metal is prone to causing solidification cracking. The second
trough is positioned between Ty, and Tjquiqus/2, known as the “high-temperature ductility loss
temperature range”, within which the ductility of the alloy further declines and DDC emerges [20].
The loss of ductility in y' strengthened nickel-based superalloys typically occurs within the critical
temperature range of 0.5 T jiqus t0 0.9 T jiqus- As the triangular connection area at the grain boundary
is more prone to stress concentration, the columnar grain structure obtained through AM makes the
alloy more susceptible to DDC.
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SAC is a unique cracking phenomenon in y’ strengthened nickel-based superalloys. Subsequent
thermal cycling makes the first deposited layer in the aging temperature range, sometimes, after
deposition the y' is precipitated continuously by the heat treatment, and then the strength of the
alloy is increased but the ductility is decreased simultaneously. When the strain caused by the
superposition of the phase transformation shrinkage stress and the unreleased residual stress
exceeds the plasticity of the alloy, intergranular cracks are formed, which is known as SAC. The
crack surfaces of SAC are relatively smooth, the paths are tortuous and accompanied by sharp kinks.
Meanwhile, SAC penetrates multiple deposited layers, extends for hundreds of micrometers, and the
expansion direction is almost consistent with the building direction and the grain growth direction
[21]. Unlike y' strengthened alloys, y” strengthened nickel-based superalloys have a relatively slow
precipitation and dissolution process, ensuring a larger residual stress relaxation window, therefore,
SAC rarely occurs in the AM of y” strengthened nickel-based superalloys. Essentially, the y’ forming
elements dominate SAC, and alloys with a higher total content of Al + Ti are more sensitive to SAC
than those with a lower total content of Al + Ti [22].

10.2.3 Humping-induced cracking

The origin of cracks discussed above primarily stems from the perspective of microstructure
and metallurgical defects. Besides, the condition of stress and strain within the deposited
layers constitutes another crucial factor contributing to cracks. However, due to the inherent
technical challenges associated with real-time monitoring of stress and strain during the additive
manufacturing process, there is a scarcity of literature addressing this aspect. Recently, Tristan G.
Fleming et al. [23] employed the inline coherent imaging (ICI) to optically monitor surface topology
and detect cracking in situ during the DED of CM247LC, while the synchrotron X-ray imaging
is used to observe sub-surface crack healing and growth. As shown in Figure 10.3, in their study,
2-3 mm tall thin walls were pre-built on the substrate, the ICI signatures were captured from the
layers deposited on the pre-built thin walls. Surface waves are induced into the pre-built layers by
modulating the laser on and off during DED. These waves change the distribution of residual stress
in the deposited layer, resulting in higher residual stress in valleys or pits. Similar to a Charpy
V-notch test, cracking is then consistently localized in the valleys and occurs within the subsequent
5-10 layers deposited on the pre-existing thin wall. This enables to visualize cracking using
synchrotron beamline imaging. The progression of layers deposited during beamtime is illustrated
in Figure 10.4. Particularly, radiographic images were taken before, during (operando), and after
depositing layers 1(a) and 9(b) onto a thin-walled structure prior to construction. As commonly
seen in such structures before construction begins, there was an observable presence of a narrow
crack measuring approximately 7 um wide prior to deposition (a, pre). However, it was only after
deposition that crack growth became noticeable while applying the first layer onto the structure
(pre-build +1; a, post). Upon reaching layer nine (pre-build+9), it was observed that crack growth
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Figure 10.3. The preparation principle and process diagram of DED sample containing hump [23]. <
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Figure 10.4. Sub-surface crack infill and growth captured with operando X-ray imaging [23]. ]

occurred within just 500 ms following each laser pass (b; operando), indicating a reduction in time
required for cracks to develop and spread towards the surface as residual stress increased. Despite
utilizing identical process parameters for constructing the thin-wall pre-builds, variations in valley
depths were observed, resulting in different levels of residual stress and cracking prior to beamtime.
Preferential formation of cracks was observed in depressed areas or low points of slender walls
exhibiting seeded humping, which resulted from localized elevation of residual stress. X-ray imaging
revealed that each layer experienced partial healing of the upper crack section as it passed through
the molten pool, subsequently reopening and propagating towards the surface of the slender wall.
Eventually, these cracks opened at the surface where they became detectable using ICI, indicating
accumulation of adequate residual stress. The expansion and subsequent emergence of cracks on
the surface were witnessed for a duration ranging from 1-10 seconds, surpassing the time required
for solidification. This emphasizes how residual stress at a component level plays a significant
role along with detecting defects between layers. In cases where there are greater temperature
differences, even quicker crack propagation and surfacing (within less than 10 milliseconds after
passing through the laser beam) have been documented during Powder Bed Fusion (PBF) processes
involving CM247LC material [24]. By incorporating an appropriate trailing offset technique, it
is possible to observe these instances of crack formation in real-time using ICI technology. This
enables accurate determination of when cracks propagate relative to each pass made by the laser.

10.3 Cracking susceptibility indicators
10.3.1 Criteria for hot tear cracks

Researchers have developed a set of criteria to quantify the susceptibility of hot tear cracks during
solidification, with a focus on understanding their formation mechanism. The evaluation model
proposed in the casting literature [25] and later applied in the Ni system utilizes the freezing range
(FR) as a key parameter for assessing crack proneness [26]. It is defined as follows:

FR = TLiquidus - TSolidus (] 01)

where the solidus temperature is determined when 0.99 mole fraction of solid is reached.
Compositions that result in a wide freezing range and low melting point solidification products such
as carbides, borides, and y+y’ eutectics are considered. The FR has been widely used in the designs
of novel Ni based superalloys for AM [27].
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Clyne and Davies introduced the crack susceptibility coefficient (CSC), which quantifies the
duration of the mushy zone in a critical solidification window based on the solid fraction in the
semisolid state. The initial stage of solidification is considered as a period for relieving stress and
facilitating mass and liquid feeding, while the final stage of solidification is identified as a vulnerable
phase characterized by the presence of a continuous liquid film with limited permeability that hinders
sufficient liquid feeding. Consequently, the CSC criterion can be defined as the ratio between the
time an alloy remains susceptible to hot tearing and the available time for stress relaxation. The
expression is as follows:

t —t T -T
CSC £ 099) " Tk 090)  T(fs 099)  T(f 090) (10.2)
t(/.‘s- 0.99) _t(ﬁ 0.40) 72/5- 0.99) _T(_/:sv 0.40)

where f; is the solid fraction in the semisolids, and t and T correspond to the time and temperature
at a certain solid fraction, respectively. Based on the observed rapid cooling rate in AM processing,
it is reasonable to infer a linear relationship between time and temperature. Consequently, the CSC
can be approximately expressed as a function of temperature corresponding to their respective
regions [28].

Kou proposed a simplified approach to solidification, wherein two dendritic grains grow
concurrently within the mushy zone. The spatial separation between these grains induces tension
that leads to cracking, while their mutual growth promotes bonding and inhibits cracking. Hence,
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Figure 10.5. Solidification cracking index (SCI) of various alloys based upon solidification curves calculated using

Thermo-Calc with TTNi8 database. (a) SCI value over the full range of solid fraction, (b, ¢ & d) SCI value of the last stage

solidification in the range of 0.8-0.99 of CM247LC, IN939, ABD-850AM, ABD-900AM, IN718, IN738LC, CM247LC Hf
free and IN939 Zr free [13]. ]
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it is imperative to consider liquid feeding along the grain boundary as a means of suppressing
crack formation. The Kou criterion pertains to the steepness of the solid fraction-temperature curve
during terminal solidification. The solidification cracking index (SCI) is proposed to quantify the
sensitivity of solidification cracks, the expression of SCI is as follows [29].

dT
d(f"”)

Where f, is the solid fraction, T is the temperature. It has been clarified by Kou that the use of one
specific temperature interval, generally, the range f; is defined between 0.87 and 0.94.

A high value of the SCI indicates a sluggish lateral growth rate, wherein adjacent columnar
grains exhibit slow growth towards each other for bonding. Simultaneously, this slow lateral growth
allows the columnar grains to attain considerable length without bridging. Consequently, the
intergranular liquid channel can become significantly elongated, impeding fluid flow and resulting
in the formation of a pronounced notch that facilitates crack initiation. Taking SC/ into consideration
as a crucial reference factor, Yuanbo T. Tang et al. [13] successfully developed a range of novel
nickel-based superalloys strengthened by y' for additive manufacturing, such as ABD-850AM
and ABD-900AM. Figure 10.5 shows the SCI of various alloys based upon solidification curves
calculated using Thermo-Calc with TTNi8 database [13].

SCI

(10.3)

10.3.2 Criteria for strain-age cracks

Strain-age cracks (SAC) in Ni superalloys typically occur during thermal cycling or subsequent
heat treatment due to the combined effect of residual stress and additional stress induced by the
precipitation of y’ from solid solution. To evaluate the susceptibility of SAC, an empirical measure
has been proposed by Thompson and further modified by Reed [13]. This measure is based on the
assumption that weight percents of certain elements (Al, Ti, Nb, and Ta) compromise local ductility.

Mg, = [Al] + 0.5[Ti] + 0.3[Nb] + 0.15[ 7] (10.4)

The empirical strain age cracking index provides only a first approximation to a very difficult
problem. However, it has been demonstrated that M, has a strong positive correlation with the
precipitation driving force of y'.

Besides, Hao Yu et al. [28] proposed a different index to characterize the sensitivity of SAC,
the definition is as follows:

v} .
SAC — L B[l T ] (10.5)

Where V] means the volume fraction of y matrix, 7 can be defined as the critical temperature when
the volume percent of y is about 80%, or 0.7 * T, ;.. A high SAC value indicates a high crack
sensitivity brought by the volume change of precipitations.

10.4 Cracking suppression of y’ strengthened superalloys
10.4.1 Process optimization

Based on the mechanism of cracking, it is evident that cracking is intricately linked to heat, mass,
and momentum transfer, as well as the stress state during the AM process. Key parameters of the
AM, including laser power, scanning speed, and scanning strategy, directly influence these transfer
processes. Consequently, optimizing process parameters is the most effective method to control
cracking.
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1) Reduce energy input in the AM process

2)

3)

The study of Yang et al. [30] indicated that crack sensitivity is directly associated with heat
input. When the body energy density was decreased from 827 J/mm?® to 429 J/mm?® in Rene 104
alloy specimens, the quantity and density of cracks on the specimens dropped. Nevertheless,
it was impossible to fabricate crack-free and high-density Rene 104 components merely by
optimizing process parameters. Wang et al. [31] summarized the process window for attaining
crack-free and high-density (relative density approximately 99.76%) formation of IN738LC.
Chen et al. [32] also reported that reducing the power density and line energy can significantly
reduce the number of cracks in the Inconel 738LC cladding layers. However, there are also some
conflicting conclusions. For example, Canadian Idowu [33] found that in the laser welding study
of ATT Allvac 718Plus high-temperature alloy, more HAZ grain boundary liquidation cracks
appeared at lower laser heat input conditions, while more HAZ grain boundary liquidation
cracks appeared with higher heat input, but no cracks appeared. Osoba [34] studied the effect
of laser welding on the cracking of Haynes282 high-temperature alloy and found that reducing
the heat input would lead to an increase in cracking. It is evident that altering the laser process
parameters not only modifies the stress state during the additive manufacturing process but
also affects the microstructure of the material within the brittle-sensitive temperature range.
Consequently, the impact of heat input on crack formation during the additive manufacturing
of nickel-based superalloys is inconsistent, necessitating a detailed investigation to identify and
summarize to the specific alloy compositions and process parameters.

Optimize the laser scanning strategy

The scanning strategy determines the heat input and heat accumulation, which has a significant
impact on the solidification process and stresses states, thus playing an important role in the
control of grain structure and crack behavior. Common scanning strategies include unidirectional,
bidirectional, orthogonal, and checkerboard strategies. In addition, rotating one angle
(0°, 90°, 67°) between adjacent deposition layers can also have a positive effect on obtaining
equiaxed grains and eliminating cracks. The local equiaxed grains generated by dynamic
recrystallization can release residual stresses, and the refined grains and reduced residual
stresses can effectively inhibit crack initiation and propagation [35, 36]. However, due to
variations in laser spot size and the method by which drives the scanning of the laser beam,
the freedom degree of adjustment of the laser scanning strategy in LDED is relatively limited
compared to the LPBF.

Reheat the substrate

Given that temperature gradient is a key factor affecting residual stress, reducing temperature
gradient has become a reliable method for eliminating cracks. Preheating methods usually
include the use of laser low-energy rapid scanning substrate preheating, resistance heating
table preheating substrate and electromagnetic induction coil local preheating. However, the
overall preheating of the substrate always sacrifices flexibility and is not suitable for practical
applications of DED, such as manufacturing large parts where the heating effect decreases
sharply with the increase in the number of layers, and laser repair where full substrate preheating
changes the microscopic structure of body parts. Therefore, simultaneous heating was proposed.
H. Liuetal. [37] proved that adding synchronized local preheating using a defocusing laser beam
can significantly reduce the temperature gradient around the molten pool in the DED process,
thereby helping to reduce thermal stress. However, as a surface heat source, the additional
laser beam can only preheat the near-surface region and has little effect on the temperature
gradient in areas away from the molten pool. Therefore, a more flexible and applicable method
is the hybrid approach, namely synchronous induction-assisted laser deposition (SILD), which
combines laser and induction heating technologies. Due to the complementary properties of
induction heating and laser heat sources, the entire temperature field can be controlled in situ
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Figure 10.6. Schematic diagrams of synchronous induction-assisted laser deposition [40]. <

by adjusting the hybrid laser-induction parameters [38, 39]. Consequently, SILD significantly
reduces residual stress and eliminates cracks.

By constructing a 3D finite element model, Fan W. et al. [40] analyzed the stress evolution
and the impact of a synchronous additional heat source on thermal stress during SILD.
The Schematic diagrams of synchronous induction-assisted laser deposition are shown in
Figure 10.6. The results indicate that integrating synchronous induction heating reduces thermal
stress by approximately 80% during deposition. Additionally, the distribution of residual stress
is altered, with the location of maximum stress shifting from the bottom corner of the deposition
to the central region of the substrate.

4) Hot isostatic pressing

The processing characteristics of the hot isostatic pressing (HIP) process encompass high
temperatures (up to 2000°C) and high pressures (up to 200 MPa). Inert gas serves as the
pressure transmission medium, ensuring uniform application of pressure from all directions
onto the surface of the components. This unique treatment environment facilitates diffusion
and creep phenomena, thereby optimizing the microstructure of the material and enhancing its
overall properties.

M. Vilanova et al. [41] found HIP treatment was significantly reducing cracks below 6 pm but
had limited effect on wider cracks. By the selection of proper laser power and rotation strategy,
which in conjunction with hot isostatic pressing (HIP) treatment, the defects that arise during the
manufacturing of IN738LC samples via LPBF can be substantially minimized. Moreover, during the
HIP of IN738LC, a substantial amount of y' phase precipitated, thereby significantly enhancing the
material’s hardness. Xiaoming Zhao et al. [42] found HIP treatment can effectively heal cracks in
LSF Rene88DT, especially short cracks. By HIP diffusion bonding, short cracks can be completely
healed without obvious traces. In addition, HIP treatment temperatures exceeding the saturated
temperature of Rene88DT (1130°C) may induce recrystallization, which can potentially enhance
the mechanical properties. Moreover, the precipitate phase formed after HIP exhibits a coarser, yet
more uniformly distributed microstructure.

From the current study, it is evident that HIP is effective in healing short and narrow internal
micro-cracks. However, once the crack size increases or extends to the sample surfaces, HIP is
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unable to effectively repair these defects. Meanwhile, HIP can change the microstructure of the
materials, thus may affect the properties of the samples.

10.4.2 Chemical composition optimization

It is relatively straightforward and feasible to suppress cracks in the additive manufacturing process
through process optimization for the nickel-based superalloys that exhibit a certain degree of crack
susceptibility. However, the effect is limited for Nickel-based superalloys with very high crack
sensitivity. Therefore, the most fundamental way to suppress cracks is to optimize the chemical
composition or even novel compositions that minimize crack sensitivity while maintaining the
required mechanical properties. To shorten the development cycle and reduce costs, numerous
developers have investigated modifying existing commercial nickel-based alloy compositions
by adding or removing specific chemical elements to achieve crack-free additive manufacturing.
Jinghao Xu et al. [43] developed a novel nickel-based superalloy, MAD542, by incorporating
optimal levels of interdendritic segregating elements, specifically 5 wt.% molybdenum (Mo) and
2 wt.% niobium (Nb). These elements segregated to the interdendritic regions, effectively mitigating
both solidification and liquation cracking during processing. Additionally, Mo and Nb functioned as
efficient stacking fault energy (SFE) reducers, promoting the formation of annealing twins. This, in
turn, reduces the susceptibility to SAC and DDC during post-processing treatments.

Yong HU et al. [44] conducted selective laser melting experiments using two commercial
IN738LC alloy powders with varying Zr contents (0.024 wt.% and 0.12 wt.%). As seen in
Figure 10.7, the crack density in the XOY plane increased from 0.15% to 0.87%, and in the
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Figure 10.7. Optical micrographs of Sample 1 (a, b) and Sample 2 (c, d) showing crack formation location [44]. ]
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XOZ plane from 0.21% to 1.81%, as the Zr content in the powder increased from 0.024 wt.% to
0.12 wt.%. They concluded that while excessive Zr content significantly increases crack sensitivity
during casting and welding, an appropriate level of Zr can mitigate grain boundary defects, enhance
grain boundary cohesion, and reduce grain boundary diffusion rates.

Arthur Després et al. [45] investigated the hot cracking susceptibility and creep resistance
of three powder batches of the y’-hardened AD730® alloy with different contents of boron, carbon
and zirconium fabricated by laser powder bed fusion. They found alloys containing boron, carbon,
and zirconium (B+C+Zr) exhibit significant thermal cracking in their untreated state, whereas
the zirconium-free alloy (B+C) and the boron- and zirconium-free alloy (C) remain crack-free
(Figure 10.8). After heat treatment, the zirconium-free alloy (B+C) demonstrates superior creep
resistance with a rupture time exceeding 2000 hours; the B+C+Zr alloy shows moderate creep life;
and the boron- and zirconium-free alloy (C) exhibits negligible creep resistance despite the absence
of cracks. SEM and TEM observations reveal that boron, carbon, and zirconium are enriched at
high-angle grain boundaries in the untreated state. Following heat treatment, the grain boundary
enrichment of boron and carbon significantly increases, while zirconium is predominantly distributed
within the y’ precipitates. The distribution of boron, carbon, and zirconium at grain boundaries
plays a crucial role in determining thermal crack sensitivity and creep resistance. Specifically,
grain boundary enrichment of boron and carbon enhances creep resistance, whereas the presence of
zirconium may increase thermal crack sensitivity.

KenHee Ryou et al. [46] studied the hot cracking of gas-atomized IN738 superalloy during
direct laser deposition by adding Hf element, which is helpful to improve the application
performance. The nominal Hf concentrations are 0, 0.5, 1.5, and 2.5 wt%, the results show with
the increase of Hf content, the columnar grain width and length decrease, and the grain orientation
divergence decreases, forming micron 1-Ni;Ti phase islands. Through theoretical calculation and
phase field simulation, they found the calculated thermal strain and crack sensitivity decrease with
the addition of Hf. Specifically, DSC analysis and associated model calculations revealed that
the critical temperature range for thermal strain accumulation AT -z) was reduced from 135°C
(0 wt% Hf) to 71°C (2.5 wt% Hf). Additionally, the thermal strain and crack sensitivity were
reduced by approximately 40% due to the incorporation of Hf. These findings are consistent with
observed microstructural changes, where Hf promotes the formation of complex dendritic structures
and discontinuous interdendritic regions, thereby mitigating thermal strain and crack sensitivity, the
schematic illustrations of the mechanisms are shown in Figure 10.9.

However, Seong-Jin Lee et al. [47] reached contrasting conclusions regarding the impact of
Hf on hot cracking during their investigation of the weldability of 247LC superalloy. As seen in
Figure 10.10, they found the absence of Hf significantly reduced the solidification brittle temperature

Figure 10.8. SEM-SE contrast micrographs of the as-built microstructure of (a) the (B+C+Zr) alloy, (b) the (B+C) alloy,
(c) the (C) alloy. An enlarged view of the crack surface is shown in (a). The enlarged view was acquired with an in-lens
detector [45]. ]
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Figure 10.10.

Schematic of solidification brittle temperature range (a) and the calculated value in the B- and Hf-free 247LC
alloys [47]. ]

range (BTR) value from 400 K (Hf-free) to 172 K (1.4%wt Hf), primarily due to the suppression of
carbide formation. Specifically, the carbide area fraction in the Hf-free 247LC alloy is only 0.15%,
markedly lower than the 4.72% observed in the original 247LC alloy (1.4%wt Hf). Additionally, the
Hf-free 247LC alloy exhibits a narrower weld paste zone range (170 K), which is another critical
factor contributing to the substantial reduction in BTR.

Wenzhe Zhou et al. [48] examines the impact of carbon content on the microstructure, tensile
properties, and crack susceptibility of IN738 superalloy processed by laser powder bed fusion
(LPBF). A moderate increase in carbon content from 0.11 wt% (alloy IN738LC) to 0.3 wt% (alloy
IN738-0.3C) and 0.6 wt% (alloy IN738-0.6C) enables the fabrication of crack-free LPBF samples
within a broad range of processing parameters. As seen in Figure 10.11, with the carbon content rises,
more fine single carbides (not exceeding 200 nm) form quasi-continuous or continuous networks at
the boundaries of the cellular structure, while the low-melting-point phases (containing boron and y/y’
eutectics) are significantly reduced. Due to the decreased level of elemental segregation, elimination
of the liquid film initiation source, and reduction in local strain concentration, the susceptibilities
to both solid-state and liquid-state cracks are substantially reduced. LPBF IN738-0.3C and
IN738-0.6C demonstrate outstanding tensile strength (1320 MPa and 1598 MPa, respectively) and
superior total elongation (14.7% and 9.0%, respectively).
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Figure 10.11. Schematic diagram of the inhibition effect of carbon on the cracking of LPBF IN738 [48]. &1

Tang et al. [13] introduced the concept of “Design-Driven Alloy Development” (ABD). Utilizing
a high-throughput integrated computational tool, they identified a novel superalloy design framework
that balances cracking sensitivity and creep properties. This was achieved by comprehensively
considering factors such as AT, SAC index, yield strength, and creep resistance, based on the
non-equilibrium solidification Scheil model. Consequently, y’ strengthened ABD-850AM and
ABD-900AM alloys designed for laser additive manufacturing (LAM) have been developed.
Compared to IN939 and CM247LC alloys fabricated via laser powder bed fusion (LPBF), these new
alloys exhibit significantly reduced cracking, with no observed solidification, liquation or solid-state
cracks. This is attributed to their narrow AT, absence of low-melting eutectic phases, and sufficient
high-temperature ductility. Ghoussoub et al. [49] further advanced this approach by adjusting the
atomic ratio of Nb+Ta to Al in CM247LC alloy and employing a heat treatment strategy with a
solution temperature lower than that of y'. This resulted in a new type of nickel-based superalloy
with excellent oxidation resistance and comprehensive mechanical properties, including extended
creep life.

10.4.3 Adding the second phase particles

Introducing particles with high modulus and excellent thermal stability into nickel superalloys is
considered an effective method to improve performance and reduce cracks. The basic principle is
to promote the formation of equiaxed grains to change the magnitude and distribution of residual
stress at the grain boundary positions, and to strengthen the grain boundaries or the matrix, thereby
achieving effective inhibition of cracks. Aiming at the problem that Inconel 738LC is prone to
cracks during the laser powder bed fusion process, Xiaoqi Chen et al. [50] proposed a method
of improving its printability and crack resistance by adding micron-sized TiC particles (1 wt%,
6~24 um). The research results show that the addition of TiC particles significantly reduces cracks
and defects (as seen in Figure 10.12), refines the microstructure, promotes the precipitation of
nano-sized carbides, improves the grain shape and grain boundary strengthening, thereby effectively
suppressing the generation of cracks.
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Figure 10.12. Optical microscope images of the unetched surfaces of the PBF-LBed Inconel 738LC samples: (a) without
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Similarly, Chang Shu et al. [51] mixed 2 wt% nano-TiC with nickel superalloy IN738LC.
Through the synergistic effect of fine grain strengthening, load-bearing strengthening, and Orowan
strengthening mechanisms, the nano-sized TiC particles, effectively enhanced the comprehensive
performance of IN738LC and achieved crack-free printing. Chen Z. et al. [52] fabricated the
GNPs-reinforced K418 nickel-based superalloy composites by the L-PBF. It was found that the
addition of GNPs (0.1 wt%) significantly refined the grains, reduced the size of columnar grains,
and increased the total grain boundary area, thereby enhancing the strength and toughness of the
material. The main strengthening mechanisms of GNPs include grain refinement, load transfer,
forest dislocation strengthening, and Orowan strengthening. In addition, the uniform dispersion of
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GNPs and the good interface bonding with the matrix also contribute to improving the toughness of
the material, thereby suppressing the generation of cracks.

10.5 Summary

This chapter comprehensively reviews the cracking mechanisms and suppression strategies for
v’ strengthened nickel-based superalloys during laser-based additive manufacturing. It begins
by examining several primary cracking mechanisms, including hot cracks associated with liquid
films (solidification cracks, liquation cracks), solid-state cracks (strain-age cracking, ductility-dip
cracking), and cracks induced by humping. Subsequently, the chapter discusses the significance
and calculation methods of some common cracking susceptibility indicators. Finally, it details
crack suppression strategies from three perspectives: process optimization, chemical composition
adjustment, and incorporation of second-phase particles. The review highlights significant
advancements and achievements made by researchers in understanding the cracking mechanisms
and developing suppression methods for additive manufacturing of y’-strengthened superalloys.
Looking forward, with the advancement of artificial intelligence, computational materials science,
and high-throughput research methodologies, there is a promising opportunity to develop universal
material design approaches for new superalloys tailored specifically for additive manufacturing,
ensuring a balance between processability and desired performances.
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Chapter 11
Depositing Inconel 738LC

Microstructure Characteristics and Cracking

11.1 Introduction

Inconel 738LC alloy is a high-aluminum, high-titanium nickel-based superalloy developed in the
United States, characterized by an aluminum content of approximately 3.2 to 3.7 wt% and a titanium
content of about 3.0 to 3.5 wt%. This alloy exhibits excellent resistance to thermal corrosion, with
a maximum service temperature around 900°C, making it primarily suitable for applications in
industrial gas turbine blades, guide vanes, as well as components and corrosion-resistant parts in
aerospace engine turbines. Due to its elevated Al and Ti contents, Inconel 738LC has poor weldability
and is prone to severe cracking phenomena. Ojo et al. [1-2] conducted extensive research on welding
cracks in Inconel 738LC and identified numerous y + y' eutectic liquation cracks and y’ constitution
liquation cracks within the heat-affected zone.

In recent years, additive manufacturing of Inconel 738LC alloy has garnered increasing
attention from both domestic and international scholars, leading to several studies on microstructural
characteristics and crack formation mechanisms. Chen et al. [3] suggested that during the Directed
Energy Deposition (DED) process of Inconel 738LC, rapid cooling rates prevent y' particles from
precipitating out from the matrix; thus necessitating subsequent aging treatments to ensure adequate
precipitation of y', thereby meeting the high-temperature mechanical performance requirements for
deposited components. Xu et al. [4] discovered that significant amounts of approximately 100 nm-
sized y' particles precipitate within the laser re-melted structure of Inconel 738LC while also noting
liquation cracks induced by either y + y eutectic structures or borides in the heat-affected zone.

Cloots et al. [5] posited that cracks formed during Selective Laser Melting (SLM) processes
involving Inconel 738LC are classified as solidification cracks with zirconium playing a significant
role in their initiation. However, Ramakrishnan et al. [6] indicated that both liquation cracks and
solidification cracks arise during DED processing of Inconel 738LC. They attributed crack formation
to factors related to y + y' eutectic structures along with carbides and borides.

In this chapter, we conduct DED additive manufacturing of a single-layer thin wall made from
Inconel 738LC and systematically study the dendrite growth, precipitated phase precipitation, and
crack formation mechanisms in the additive process. This research provides an experimental and
theoretical foundation for performance control in additive manufacturing of Inconel 738LC.

11.2 Microstructure characteristics
11.2.1 Grain growth characteristics

The solidification of liquid metal is essentially a process involving nucleation and growth of the
solid phase within the liquid phase, both homogeneous and heterogeneous nucleation occur in this
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process. In laser-directed deposition manufacturing, a high positive temperature gradient exists at
the leading edge of the solid-liquid interface in the laser melt pool, promoting epitaxial growth of
grains. Figure 11.1 illustrates the morphology of epitaxial growth for Inconel 738LC on a substrate.
Specifically, Figure 11.1(a) displays dendritic structures at a lower magnification, with BD (build-up
direction) representing the deposition height direction and SD (scanning direction) representing the
laser scanning direction. Upon further magnification, Figure 11.1(b) reveals detailed morphology of
these bottom dendrites. Epitaxial growth is essentially a form of heterogeneous nucleation, which
does not necessitate super-cooling or other driving forces. Once the temperature falls below the
liquidus temperature, the molten pool liquid can solidify on the substrate grain. As depicted in
Figure 11.1(b), the substrate grains exhibit fine equiaxed grains, resulting in relatively random grain
orientation. During this stage, initial epitaxial grain growth will maintain the orientation of the
substrate grain and select the preferred orientation closest to the direction of maximum temperature
gradient for further growth, as illustrated in Figure 11.2. The primary phase of Inconel 738LC
possesses an FCC structure; hence, it typically exhibits a preferred growth orientation along <100>
directions [7, 8]. With continued grain growth, those grains with significantly different orientations
from that of heat flow gradually diminish and eventually give rise to a columnar crystal exhibiting
more consistent orientation.

As depicted in Figure 11.1(a), the dendrites present in the lowermost deposition layer exhibit
a diminutive size, indicating rapid cooling of the liquid melt pool near the substrate. As illustrated
in Figure 11.1(b), the average primary dendrite spacing within this layer measures approximately

Figure 11.2. Schematic diagram of epitaxial growth of bottom dendrites. ]
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8 um. According to empirical formula [9] correlating cooling rate of nickel-based alloy and primary
dendrite spacing:

1=60.6 (G Ry (11.1)

it can be inferred that the cooling rate of the bottom deposition layer is estimated to be around
687 K/s.

The morphology of dendrites within the central deposition layers is presented in Figure 11.3,
revealing distinct growth orientations under different technological conditions. Specifically,
Figure 11.3(a)—(c) respectively display dendritic morphologies formed by reciprocating bidirectional
scanning at fixed scanning speed (5 mm/s) and powder delivery speed (7.6 g/min). Notably, when
laser power amounts to 320 W (Figure 11.3(a)), adjacent layers exhibit relatively uniform dendritic
angles measuring approximately 90° each other; whereas with an increase in laser power to 410 W
(Figure 11.3(b)), these angles fluctuate between roughly 100° and 130°. Furthermore, upon further
increase of laser power up to 500 W (Figure 11.3(c)), the angles surpass 150°, with certain dendrites
even maintaining their angle while crossing fusion lines. Thus, it becomes evident that as laser
power increases, the likelihood for deflection of dendrites from one layer to another diminishes,
and epitaxial growth phenomena become increasingly pronounced. In case unidirectional scanning
mode is employed (as shown in Figure 11.3(d)) (laser power is 320 W), dendrites that form between
layers also demonstrate favorable epitaxial growth, and their direction tilts about 66° along the
scanning direction.

A similar phenomenon of dendrite growth has been reported in the DED of Inconel 718 alloy
[10]. It can be seen that the above phenomenon should to the general rule of the DED of Nickel-based

Figure 11.3. Dendrites morphologies of the central deposited layers under different processes: (a) bidirectional scanning
under 320 W, (b) bidirectional scanning under 410 W, (c) bidirectional scanning under 410 W, (d) unidirectional scanning
under 320 W. ]
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Figure 11.4. Schematic growth of dendrite during DED, (a) bidirectional scanning with low heat input, (b) bidirectional
scanning with high heat input, (c) unidirectional scanning with low heat input. ]

alloy, and its mechanism is shown in Figure 11.4. When the heat input is small (Figure 11.4(a), (c)),
When the heat input is low (Figure 11.4(a), (c)), the molten pool size and melting depth are small,
resulting in lower temperature and poor fluidity. Under the combined effects of surface tension and
gravity, the liquid molten pool tilts opposite to the laser scan direction. Heat is conducted backward
towards the laser scanning area while also being conducted towards the substrate, causing a tilted
total heat flow direction opposite to the laser scanning direction. The dendrite growth direction also
exhibits a similar tilt due to heat flow influence. In this case, if reciprocating bidirectional scanning
is employed as shown in Figure 11.4(a), current deposition layer dendrites can epitaxially grow on
secondary dendrite arms from previous layers at an approximate angle of 90° between adjacent layers’
dendrites. However, with unidirectional scanning, current deposition layer dendrites will continue
their epitaxial growth on previous layer’s primary dendritic rod with an approximately 60°~70° angle
relative to the scanning direction (Figure 11.4(c)). When high heat input is applied as illustrated in
Figure 11.4(b), larger molten pool size and deeper melting depth result in higher temperature and
improved liquid metal spreading ability, leading to reduced tilt degree of molten pool inclination.
At this stage, newly deposited metal at the tail end of molten pool remains at a high temperature
state which inhibits heat conduction along directions opposite to scanning; thus aligning total heat
flow closer to base normal direction. However, in the case of adopting unidirectional scanning, the
dendrites of the current deposition layer will continue to epitaxially grow on the dendrite master rod
of the previous layer. The direction of dendrite growth is approximately opposite to that of heat flow,
with an angle ranging from 60° to 70° from the scanning direction (Figure 11.4(c)). When a large
amount of heat input is applied, as shown in Figure 11.4(b), the molten pool size increases along
with deeper melting depth and higher temperature, resulting in improved liquid metal spreading and
reduced tilt degree of the molten pool. Consequently, newly deposited metal at the tail end of the
molten pool remains at a high temperature state which inhibits heat conduction along the opposite
scanning direction, causing total heat flow to align closer to that of base normal direction. As a result,
dendrites tend to grow vertically. It can be observed that employing a process strategy involving
unidirectional laser scanning with high thermal input promotes grain epitaxy growth and facilitates
obtaining crystalline structures similar to directional solidification. Such microstructures are highly
advantageous for nickel-based alloys used under high temperatures. However, as depicted in
Figure 11.3, Inconel 738LC deposited under these process conditions exhibits severe cracking issues
which hinder achieving high-quality Inconel 738LC additives.

The dendrite morphology of the uppermost deposition layer is illustrated in Figure 11.5.
Figure 11.5(a) depicts the longitudinal section of the dendrite morphology, while Figure 11.5(b)
presents the transverse section. It can be observed that the top deposition layer exhibits two distinct
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Figure 11.5. Dendrites morphologies of the topmost deposited layer, (a) dendrite morphology transformation in longitudinal
section, (b) dendrite morphology transformation in cross section, (c) equiaxed grains in longitudinal section, (d) equiaxed
grains in cross section. <

dendritic morphologies: slender columnar grains dominate at the bottom, whereas a mixed crystal
region is present at the top layer. The mixed zone predominantly consists of equiaxed dendrites.
Figure 11.5(c) and (d) display high-magnification views of longitudinal and cross-sectional equiaxed
dendrites, respectively.

Taking CMSX-4 alloy as an example, Gaumann et al. [11] investigated the mechanism behind
columnar to equiaxial crystal transition (CET) during laser remelting of nickel-based alloys. Their
findings indicate that the dendritic morphology resulting from solidification in a laser melting
pool is influenced by temperature gradient and solidification rate, as depicted in Figure 11.6. The
rectangular inserted window represents the parameter range for laser forming processes. Notably,
higher temperature gradients and slower solidification rates favor columnar crystal growth. In
nickel-based alloy laser melt pools, most regions fall within this range conducive to columnar
crystal growth; however, towards the top of these melt pools, there is a decrease in temperature
gradient accompanied by an increase in solidification rate leading to CET phenomenon.

Since the above research was carried out based on laser remelting, no powder was delivered to
the molten pool, thus neglecting the influence of powder delivery on the resulting CET mechanism.
However, in DED of Inconel 738LC, we find that the powder feeding at the top of the molten pool
also has an important influence on CET. During the DED process, continuous transportation of
metal powder leads to incomplete melting at lower temperature positions such as the tail or edge of
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Figure 11.7. Effect of the partially melted powders on the morphology of topmost dendrites, (a) the dendrite morphology
of powder, (b) the CCD image of molten pool during DED, (c) partially melted powders which are attached to the topmost
layer, (d) a partially melted powder which is wrapped in deposited layers. ]

the molten pool (as shown in Figure 11.7(b)). Consequently, partially melted powders are present
on and near the surface of the molten pool. Some partially melted particles adhere to the deposit
layer’s surface (Figure 11.7(c)), while others are encapsulated by liquid metal from the molten
pool and solidify on top of it (Figure 11.7(d)). This partial melting retains equiaxed grains within
their core and serves as nucleation sites for liquid molten pools, resulting in an abundance of fine
equiaxed grains atop the deposited layer. Furthermore, it should be noted that if these partially
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melted powders possess hollow structures like those illustrated in Figure 11.7(a), they can introduce
additional porosity into deposition layers (Figure 11.7(c)). Increasing heat input proves effective for
reducing porosity since it promotes complete melting of powders and extends retention time within
liquid molten pools so as to extend the time for gas to overflow the liquid molten pool.

11.2.2 Precipitation and distribution of carbides

The XRD pattern of INCONEL 738LCin the as-deposited state is presented in Figure 11.8,
revealing a predominant composition of v, y’, and MC carbides. Other potential precipitated phases
are challenging to directly detect via XRD due to their limited abundance. Furthermore, both y
(Fm-3m) and y' (Pm-3m) belong to the same cubic crystal system with highly similar lattice constants
(approximately 3.524 A), resulting in overlapping diffraction peaks that hinder their differentiation.

The MC carbides can be easily identified through transmission electron microscopy (TEM).
Figure 11.9(a) shows the bright field image of MC under TEM, while Figure 11.9(b) displays the
selected electron diffraction pattern of MC carbide. Additionally, Figure 11.9(c) presents the selected
electron diffraction pattern of the matrix (y and y) surrounding MC, and Figure 11.9(d) exhibits the
selected electron diffraction at the interface between the MC particle and the matrix. It is evident
that the morphology of MC particles is blocky, with an orientation relationship [001] ,// [112] yc to
v matrix. The crystal structure of MC belongs to point group Fm-3m (225), with lattice parameters
a=b=c=11.427 A and a=p=y=90°.

In addition, as depicted in Figure 11.9(a), certain MC carbides exhibit minute heterogeneous
cores. The high-resolution investigation of these cores is presented in Figure 11.10. Among them,
Figure 11.10(a) displays the high-resolution image, Figure 11.10(b) showcases the selected electron
diffraction pattern between the core and MC particles, and Figure 11.10(c) presents the compositional
analysis results of the core. The diffraction pattern and EDS composition test outcomes reveal that
the heterogeneous core comprises Al,O; particles with a rhombidal crystal system belonging to
space point group R-3C:R, featuring a lattice constant of approximately 5.121 A and a=p=y=55.28°
angles. It can be observed that Al,O; particles serve as effective nucleation sites for MC carbide
precipitation during INCONEL 738LC deposition by reducing the required nucleation work for
MC solidification within the liquid phase of molten pool. Similarly, in IN100 casting formation,
researchers have also identified aluminum-rich particles within the cores of MC particles [12].
This indicates that this phenomenon of heterogeneous nucleation is common during large particle

Figure 11.8. XRD profile of the as-deposited INCONEL 738LC. ]
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Figure 11.9. TEM bright-field image and SAED patterns of MC carbide and the surrounding matrix, (a) bright-field image,
(b) SAED patterns of MC, (c) SAED patterns of the surrounding matrix, (d) SAED patterns of both MC and matrix. <]

Figure 11.10. TEM analysis of the heterogeneous core in MC, (a) high-resolution image, (b) SAED patterns of MC and
Al,O; cores, (c) constitution of Al,O5 core by EDS. ]
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Figure 11.11. The dislocation in as-deposited INCONEL 738LC, (a) distribution of dislocations, (b) pinning effect of MC
on dislocations, the insert is SAED patterns of MC. ]

precipitation of MC. Apart from aluminum-rich oxides, other oxides, nitrides or carbonitride
particles may also act as potential substrates for initiating MC nucleation [13].

In the DED of Inconel 738LC, the rapid thermal cycling and precipitation of a precipitated
phase result in significant internal stress within the obtained structure. Consequently, a large
number of dislocations are present in the deposited microstructure, as depicted in Figure 11.11(a).
The distribution of these dislocations is non-uniform, suggesting that the denser regions likely
correspond to interdendritic areas. This observation can be attributed to potential variations
in orientation between adjacent dendrites during solidification. To mitigate such differences
post-solidification, it becomes necessary to generate an adequate number of geometrically necessary
dislocations (GNDs) within the interdendritic region. As illustrated in Figure 11.11(b), MC carbides
effectively pin these dislocations by forming a surrounding dislocation ring.

The distribution of MC particles in the intergranular region of columnar dendrites is illustrated
in Figure 11.12(a). The morphologies of these particles under SEM are depicted in Figure 11.12(b).
It is evident that, apart from the abundant blocky MC, there exist rod-like particles as well. EDS
constitutionanalysis revealed similar elemental composition (at %) between bulk and rod-shaped
particles, with high concentrations of Ti, Nb, Ta, Mo, and Zr. This confirms that the rod-shaped
particles also belong to the MC phase. In comparison to blocky MCs, the content of C, Ti, and
Ta decreases while Al, Cr, and Zr increase in rod-shaped MC. By calculating the ratio of element
content between dendrite stems and dendrites themselves, it becomes possible to estimate the solute
partition coefficient k for major elements in Inconel 738LC. The results are presented in Table 11.1
[14]. Elements with k > 1 exhibit a reverse segregation phenomenon, and the magnitude of this
phenomenon increases with higher values of k. Conversely, elements with k < 1 display positive
segregation, and the severity of segregation intensifies as the value decreases. It is evident that the
primary MC forming elements Ti, Nb, Ta, Mo, and Zr all exhibit positive segregation phenomena
and tend to concentrate near grain boundaries or interdendritic regions. On the other hand, Cr, Co,
and W demonstrate a reverse segregation phenomenon and preferentially distribute within dendrite
frameworks [15, 16]. This element segregation leads to MC carbides primarily being distributed
in intercrystalline regions between dendrites. Similar segregation patterns also exist in INCONEL
738LC tissues formed through DED; however, due to rapid cooling of liquid metal in the molten
pool during DED processing, dendrites predominantly form as columnar grains while secondary
dendrite growth is effectively suppressed resulting in a more regular distribution of MC carbides.
Additionally, Chen et al. [17] discovered that during directional solidification, the growth rate of
MC, the content of required elements, and the shape of surrounding solid phase determine the final
morphology of MC. The growth process for MC involves stepwise expansion on {111} surfaces.
At low-speed solidification, the leading edge MC can fully develop into massive large particles.
However, during high-speed solidification, growing MC particles become entrapped by rapidly
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Figure 11.12. Distribution (a) of MC carbides and their morphology (b). 1

Table 11.1. Distribution coefficients of the elements in INCONEL 738LC [18]. 1

Element Ni Cr Co Al Ti Ta Nb Mo w Zr C B
k 1.03 | 098 | 1.09 | 092 | 0.69 | 0.74 | 0.52 | 0.87 | 1.13 | 0.13 | 0.3 | 0.008

solidifying y dendrites, resulting in rod-shaped or even Chinese font-like morphologies. This theory
can also explain variations observed in deposition structures composed from Inconel 738LCs. It can
be inferred that bulk precipitation preferentially occurs during molten pool solidification; however,
towards end-stage solidification, the liquid phase proportion becomes minimal, resulting in increased
solidification rates which potentially lead to rod-like MC precipitation between dendrites.

11.2.3 Precipitation of y'

The TEM image in Figure 11.13 illustrates the matrix structure of Inconel 738LCin as-deposited
state. Specifically, Figure 11.13(a) represents a dark field image, while Figures 11.13(b) and (c)
correspond to bright field images associated with 11.13(a) and selected electron diffraction spots
respectively. The dark field phase reveals the dense precipitation of nano-sized particles within
the matrix. Furthermore, the selected area electron diffraction pattern confirms that these particles
belong to the y' phase — an ordered phase capable of unveiling superlattice spots during electron
diffraction analysis e.g., (100) spots). Notably, both y’ and y phases exhibit highly similar lattice
structures. Additionally, it is challenging for bright field imaging to accurately depict the morphology
of the y' phase. As depicted in Figure 11.13(a), deposition y’" appears as spherical granules with
two distinct sizes: smaller particles measuring approximately 20 nm in diameter and larger ones
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Figure 11.13. TEM images of the as-deposited INCONEL 738LCmatrix, (a) dark-field image, (b) and (c) are the bright-field
image and SAED patterns of (a), (d) dark-field image of y+y’ eutectic. I

transitioning from spherical to cuboidal shapes with a diameter around 50 nm. These spheroidal
nanoscale precipitates of y’ represent solid-phase transformation products derived from the y phase.

Due to the high Al and Ti content in Inconel 738LC (Al+Ti > 6% wt), y' can still precipitate
densely within the y phase even under rapid cooling rates during laser additive manufacturing.
Extensive studies have reported on the nucleation and growth of y' phase in nickel-based alloys
[15-19]. The findings reveal that the interdendritic region is enriched with Ti, Al, Mo, and Nb,
while the size of y' particles tends to be larger than those present in dendrite stems. Decreasing
cooling rates result in an increase in both interdendritic and dendrite stem regions, leading to a
morphological transformation from a sphere to cube and further to cube-cluster structure. Notably,
the {111} face represents the six facets of the y’ cube due to its minimal interfacial energy preference
for growth within the y phase.

In addition to the presence of small y' particles, the dark field image in Figure 11.13(d) also
reveals the existence of a y+y' eutectic structure. These eutectic structures primarily consist of
larger strips of isolated y’ particles separated by thin sheets of y'. However, TEM images have
limited sample size and do not accurately reflect the distribution of y" and y+y’ eutectic structures.
Therefore, high-resolution SEM analysis (as shown in Figure 11.14) is employed to investigate
their distribution further. It can be observed that these eutectic structures are predominantly located
at dendrite boundaries (Figure 11.14(a)) or around large particles precipitated from the liquid
phase (Figure 11.14(b)). The majority of these large particles are MC particles, but they may also
include trace amounts of low melting point particles such as Ni,Zr, or (Cr, Mo)B particles discussed
later on. Additionally, micro-cracks or voids are often found near the y+y' eutectic structure in
Figure 11.14, which can lead to severe cracking under internal stress. Henceforth, it is crucial to
conduct further analysis and discussion on the mechanism behind y+y’ eutectic precipitation while
separately studying its associated cracking mechanism in subsequent sections.
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Figure 11.14. Distribution of y+y’ eutectic under SEM, (a) eutectic at the dendrites boundary, (b) eutectic around the MC
carbide. &1

v farming elements (1%

Figure 11.15. Liquidus projection of the pseudo ternary y-MC-y’ of Inconel 738LC [14]. <]

According to the pseudo-ternary y-MC-y' liquidus projection diagram of Inconel 738LC
(Figure 11.15), it can be observed that during solidification, C elements and y' forming elements
(Ti, Al, Ta, etc.) gradually segregate towards the residual liquid phase. The solidification route is
indicated by dotted lines in Figure 11.15. Consequently, the residual liquid phase cools and solidifies
within the interdendrite region. Initially, this leads to the formation of large particles primarily
composed of MC carbides; however, there may also be trace amounts of Ni,Zr, particles or (Cr, Mo)
B particles present. Subsequently, further cooling and solidification occur along the EE; liquidus
until reaching the terminal solidification region where reactions such as y+y’ or even y+MC+y’
eutectic reactions take place around dendritic boundaries or near large particles. The basic order of
solidification can be expressed using the following formula:

LoL+y (11.2)
L'—MC+y +L" (11.3)
L"— (Y, + Y)eutectic (1 1 '4)
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The symbol L represents the initial molten pool liquid phase, while L' and L" represent the
residual liquid phase in different stages.

11.2.4 Other trace precipitates

In addition to the MC carbides, y' precipitated phase, and y+y' eutectic structure mentioned above,
there are also trace precipitates present in the deposited INCONEL 738LCstructure. These phases
typically consist of low melting point precipitates formed during the final stages of solidification,
which may not exhibit distinct characteristics under light microscopy or scanning electron
microscopy (SEM), making it challenging to differentiate them from the MC phase. Therefore, it
becomes necessary to employ transmission electron microscopy (TEM) for precise identification of
these phases.

The bright field image in Figure 11.16(a) reveals the presence of Ni,Zr, particles. Selected
electron diffraction and EDS components (Figure 11.16(b) and (c)) correspond to the Ni,Zr,
particles observed in Figure 11.16(a). Additionally, an irregularly shaped Ni,Zr, particle at the grain
boundary is shown in Figure 11.16(d). Based on diffraction spots, the lattice parameters for the
Ni,Zr, phase are as follows: a=11.70 A, b=8.23 A, c=12.19 A, B=95.8°, 0=y=90°. In addition to Zr
and Ni elements, there is also a minor presence of Cr, Co, and Ti.

TEM analysis of the M;B, is presented in Figure 11.17. The bright field image (Figure 11.17(a))
displays the M;B, phase while Figures 11.17(b) and (c) show selected electron diffraction patterns
and corresponding EDS components respectively for this region of interest. It can be determined
that M;B, belongs to P4/m space point group with lattice parameters: a=b=5.83 A, ¢=3.12 A,
a=B=y=90°. The EDS constitution indicates that M mainly consists of Cr and Mo. Notably, B being
a light element poses challenges for accurate measurement using EDS; hence B content was not
included here.

Figure 11.16. TEM analysis of Ni,Zr, particles: (a) bright-field image containing Ni,Zr, a particle, (b) and (c) are the SAED
patterns and the EDS tested components of the Ni,Zr, particle in (a), (d) another Ni,Zr, particle at grain boundary. ¢



260 Laser Direct Energy Deposition 3D Printing of Superalloys

Figure 11.17. TEM analysis of M;B, phase, (a) bright-field image, (b) SAED patterns of M;B, and the neighbor matrix, (c)
EDS analysis of M;B,. I

It can be observed from Table 11.1 that the partition coefficient (k) of Zr between dendrite
stem and dendrite is merely 0.13, whereas the corresponding k value for element B is even lower,
at only 0.008. This clearly indicates that Zr and B are prone to segregation into the residual liquid
phase, leading to the formation of Ni,Zr, phase and M;B, phase during late solidification processes.
Similarly, O.A. Ojo et al. reported the presence of Ni,Zr, phase and M;B, phase in TIG welding
welds of Inconel 738LC [20], suggesting that these two phases possess a relatively low melting
point (approximately 1154°C~1184°C), which makes them susceptible to heat affected zone liquid
cracking during post-welding heat treatment. Michael Cloots et al., utilizing atom probe tomography
(APT) technology [21], investigated the SLM structure of INCONEL 738LC and discovered that
the Zr content at grain boundaries was approximately twenty times higher than its average content
in the alloy, while the B content at grain boundaries also exceeded its average level significantly.
Based on this observation, it can be inferred that aggregation of Zr and B at grain boundaries could
readily induce solidification cracks.

11.3 Crack formation mechanism

Inconel 738LC is prone to cracking in additive manufacturing. This phenomenon has been reported
in many studies, and extensive research has shown that cracking is related to the y+y’ eutectic
microstructure, Zr-Ni intermetallic compounds, and borides, among other final solidification
products. This section will conduct a systematic study on the cracking mechanism in the DED
process based on the as-deposited microstructure of Inconel 738LC.

11.3.1 Solidification cracking

Solidification cracking thus creates an opening dendrite structure to the cracking surface.
Solidification cracking could be observed in any kind of fusion-based AM superalloy, especially
the non-weldable Nickel-based superalloys. The susceptibility of Nickel-based superalloys to
solidification crack is closely related to the segregation and formation of dendrites within the
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Figure 11.18. Solidification cracking observed in both CM247LC and IN939 processed by L-PBF. The jagged cracks were
identified as dendrite arms were separated in the final stage of solidification [35]. ]

material. Figure 11.18 presents the typical morphologies of solidification cracking in AM processed
CM247LC [35].

Solidification cracking commonly occurs during the welding process of nickel-based alloys.
In the additive manufacturing of Inconel 738LC, Cloots et al. [21] identified the cracks in the
depositedstructure as solidification cracks, while Ramakrishnan et al. [6] suggested that the
cracks in the deposition structure encompassed both liquid and solidification cracks. These studies
primarily rely on structural characteristics near the crack to determine its properties. However, both
solidification and liquid cracks are associated with liquid film between dendrites, leading to similar
microstructure characteristics. Therefore, accurately determining crack properties solely based on
microstructure characteristics near the crack is challenging. Henceforth, a comprehensive analysis
considering factors such as time, location, and mode of crack generation will be conducted to
systematically elucidate the cracking mechanism of Inconel 738LC in DED manufacturing.

The typical crack morphology in the Inconel 738LC deposited microstructure is illustrated
in Figure 11.19. Among these, the microcracks depicted in Figure 11.19(a) can be considered as
the prototypical cracks. It can be observed that these cracks are distributed within the solidified
dendrites and exhibit narrow widths with occasional discontinuities. Upon closer examination, it
becomes evident that such micro-cracks are primarily concentrated in the middle and upper regions
of the deposition layer, while no such micro-cracks are detected near the top deposition layer or
close to its base. Figure 11.19(b) show cases the expansion morphology of a microcrack, revealing
distinct extensions towards both its upper and lower ends based on variations in crack opening
width. Additionally, Figure 11.19(c) and (d) present macroscopic cracks formed after expansion,
with maximum widths reaching up to 210 um as depicted in the Figures themselves; these cracks
may either close near their tops (Figure 11.19(c)) or directly penetrate through multiple layers from
top to bottom (Figure 11.19(d)). Specifically, solidification cracks occur at the end of solidification
and are typically found in the mushy region behind the solid-liquid interface. The mechanism
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5m ﬁ

Figure 11.19. Typical morphology of cracks in the plane formed by the building-up direction (BD) and the scanning
direction (SD), (a) incipient micro-cracks which generally formed in middle zone, (b) macro-cracks which grow from micro-
cracks, (c) macro-crack which closed at top zone, (d) macro-crack which unclosed at top zone.

behind their formation involves constitution segregation during the final stage of solidification,
resulting in continuous liquid films between solidified grains or dendrites. If these liquid films
cannot accommodate the cooling contraction strain of the solid phase, they lead to separation of the
solidification boundary and subsequent crack formation. The solidification crack typically exhibits a
considerable width, accompanied by prominently exposed dendritic arms on both sides of the crack.
In our experiment, we found that the number of such cracks is small.

11.3.2 Liquation cracking

In addition to solidification cracks, there are also HAZ liquation cracking related to liquid film.
The heat affected zone (HAZ) in DED exhibits unique characteristics. Any region beneath the
current sediment layer experiencing microstructural changes due to thermal influence can be
considered as part of the HAZ. As depicted in Figures 11.5 and 11.3, the uppermost portion of the
present deposition layer typically consists of equiaxed grains; however, with continued deposition,
this layer undergoes re-melting and transforms into columnar grains. To further investigate this
re-melting phenomenon, a DSC heating curve analysis was conducted on the deposited microstructure,
and the results are presented in Figure 11.20.

The DSC heating curve reveals the presence of two smaller endothermic peaks preceding the
corresponding matrix gamma melting peak. In accordance with the solidification sequence described
for Inconel 738LC, each endothermic peak represents a distinct phase transition. Specifically, at
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Figure 11.20. DSC heating curve and its differential (DDSC) of the as-deposited sample. <1

910°C, the heating curve exhibits a significant downward trend indicating the initiation of y' to
v phase transformation. At 990°C, the first smaller endothermic peak signifies the onset of y+y’
eutectic structure melting. Subsequently, at 1086°C, a second smaller endothermic peak indicates
MC carbide melting initiation. Finally, at 1232°C, the main endothermic peak signifies matrix y
melting commencement.

The temperature field during DED was measured using an infrared thermal phase meter (laser
power: 410 W, scanning speed: 5 mm/s, powder delivery speed: 7.6 g/min, planned layer height:
0.42 mm). The results are presented in Figure 11.21. Among them, Figure 11.21(a) depicts the
infrared thermal image of point A deposition; (b) represents the corresponding thermal cycle curve
for point A with the dashed line indicating the initial phase transition temperature measured by DSC;
and (c) shows the final additive obtained. As shown in Figure 11.21(c), a prominent macroscopic
crack is observed in the middle of the additive. Point A within this crack-sensitive region was
selected to observe its thermal cycle curve (Figure 11.21(b)). It can be observed that during point
A deposition, the molten pool temperature reaches approximately 1500°C, exceeding the melting
interval of y phase as determined by DSC heating curve measurements (T(y)~T, range from 1232°C
to 1353L°C). In subsequent six thermal cycles, point A consistently exceeds the initial temperature
of y+y’ eutectic melting as measured by DSC heating curves T(y+y'),990°C). The solidification of
point A can lead to the subsequent remelting of the y+y’ eutectic structure, thereby re-establishing a
liquid film between the dendrites. However, due to the high stress levels in the solidified structure at
this stage, there is an increased risk of forming liquation cracks in the heat-affected zone. It should
be noted that the heating speed during DSC testing (0.33°C/s) is significantly lower than that in
laser-based Directed Energy Deposition (DED) processes (approximately 390°C/s). Consequently,
element diffusion and heat absorption time within the sample are more abundant during DSC
testing, resulting in lower measured phase change temperatures compared to those observed during
laser thermal cycling.

Currently, there exist two well-established liquation cracking mechanisms, namely the
segregation mechanism and the penetration mechanism. The segregation mechanism can account
for the occurrence of liquation cracking in most single-phase alloys. According to this mechanism,
impurity elements (primarily S, P, B) within the single-phase alloy and certain other positively
segregating alloy elements tend to accumulate near grain boundaries, thereby reducing the actual
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Figure 11.21. The temperature ranges and cracking during DED: (a) the infrared image when point A was deposited,
(b) thermal cycles of A during DED, (c) the cracks of the as-deposited part. <

melting temperature at these interfaces. Consequently, under elevated temperatures, these grain
boundaries can undergo effective liquation and form continuous liquid films along them which
eventually lead to the development of liquation cracks under specific stress conditions. On the other
hand, the penetration mechanism explains liquation phenomena involving eutectic or secondary
phases. When heating rates in heat-affected zones are rapid or when eutectic components exceed
their solubility limits within an alloy matrix, residual eutectic structures may not dissolve promptly
into the matrix phase. Once temperatures surpass eutectic values, direct liquification of eutectic
substances occurs resulting in liquid film formation along grain boundaries that experience local
stress and strain levels conducive to crack initiation. In such cases, while secondary phases
themselves do not melt entirely; transition regions between secondary phases and matrices often
possess lower melting points making them susceptible to liquification-induced cracking or void
formations due to localized stress-strain interactions.

Figure 11.22 illustrates the occurrence of liquation in the deposited microstructure of Inconel
738LC, demonstrating conformity to the permeability mechanism. The liquation phenomena can
be attributed to two factors: (1) liquation of y+y’ eutectic at grain boundaries (Figure 11.22(a),
(b)), and (2) liquation of MC phase or N;;Zr,, M;B, composition (Figure 11.22(c), (d)). Eutectic
liquation at grain boundaries directly leads to the formation of discontinuous liquation cracks, while
constituent liquation primarily results in constituent liquation holes near the grain boundary. These
holes exhibit smooth boundaries and are characterized by distributed y+y’ eutectic with evident
signs of liquification.

11.3.3 Solid-state cracking

The liquation cracking of Inconel 738LC has been previously reported in the fields of welding
and additive manufacturing. However, we have observed a distinct crisp cracking sound during
the DED of Inconel 738LC, which is indicative of solid-state cracking. This suggests that besides
simple liquation cracking, there also exists solid phase cracking phenomenon during the additive
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Figure 11.22. The liquation signs in the as-deposited texture, (a) and (b) are the y+y' eutectic liquation cracking, (c) and
d) are the cracking caused by constitutional liquation of MC. ]

manufacturing process. Surprisingly, there are limited studies on solid phase cracking in the additive
manufacturing of Inconel 738LC. Therefore, this study aims to investigate the mechanism behind
this solid-state cracking phenomenon in subsequent sections.

y' precipitation-strengthened nickel-based alloys typically exhibit two modes of solid phase
cracking, namely ductility-dip cracking (DDC) and strain aging cracking (SAC). The mechanisms
responsible for DDC formation include grain-boundary sliding induced cracking, brittle cracking
of grain boundaries due to segregation of impurity elements (mainly S, P, H), and cracking caused
by grain boundary precipitates [22—24]. SAC formation is associated with the precipitation [25-27]
of the Y’ phase, primarily occurring during the heat treatment stage after welding as a result of rapid
accumulation of strain during aging. Deposited INCONEL 738LC structures display cracks consistent
with the DDC mechanism. Figure 11.23 illustrates the morphology and formation mechanism of
INCONEL 738LC. In Figure 11.23(a), it can be observed that carbides visibly detach or separate
from the matrix, leading to corresponding pits in the matrix. Unlike rounded potholes resulting from
liquation, these potholes are angular and bright, and have clear signs of the separation and shedding
of carbide particles in solid state. By analyzing the relative position of the residual carbides and
their corresponding pits, it is possible to infer the local deformation direction of the grain where the
carbide is located, as depicted by the yellow arrow in Figure 11.23(a). It can be inferred that when
two adjacent grains have opposite strain directions, significant relative sliding can occur at their
grain boundary. This sliding may lead to fragmentation of grain boundaries parallel to slip direction,
resulting in DDC cracking (Figure 11.23(b)). The straight nature of grain boundary between two
neighboring grains along with strain concentration areas caused by precipitates or voids can induce
relative sliding under tangential stress, ultimately leading to DDC cracks formation. Figure 11.23(c)
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Figure 11.23. Morphology and mechanism of crack occurred in solid state. <]

illustrates DDC topography at three intersection points of a grain boundary, revealing numerous
flaky MC particles present at these intersections which exhibit brittle fracture characteristics
indicating high stress concentration. Correspondingly, Figure 11.23(d) shows a diagram depicting
DDC cracking occurring at these triple intersections of grain boundaries due to substantial strain
accumulation resulting from relative sliding among three different grains.

According to the afore-mentioned cracking mechanism, it is evident that the formation of DDC
cracks is closely associated with the stress level in proximity to the grain boundary. During the DED
process, rapid thermal cycling subjects the material to significant thermal stress. Furthermore, a
substantial amount of y’ particles and MC particles precipitate during the DED process of Inconel
738LC, leading to an enhancement in overall internal stress levels due to phase transition stress
induced by lattice mismatch. Importantly, v’ phase rapidly precipitates during high-temperature
stages following liquid phase solidification, impeding sufficient plastic deformation for complete
release of thermal stress and resulting in continuous accumulation of stress levels. In welding field,
the solid-phase cracking caused by precipitation of y’ phase typically occurs during post-welding heat
treatment stage known as SAC cracking. During DED of INCONEL 738LC, y' phase the precipitate
at a high temperature, and the precipitation increases the inner stresses, in this process, yield strength
within grains is higher than grain boundaries, plastic deformation primarily concentrates near grain
boundaries, thus promoting mutual slip between grain boundaries and ultimately forming cracks.
This aligns with both SAC cracking mechanism and DDC cracking. Therefore, the SAC and DDC
cracks can occur at the same location (grain boundaries) and within the same temperature range
(v’ phase precipitation temperature interval), This kind of hot crack unrelated to liquid film, and can
be collectively referred to as solid-state crack.
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Figure 11.24. Effects of oxidation on cracking, (a) and (c) is the oxides nearby cracks, (b) and (d) are the EDS maps of (a)
and (c) in respectively. <1

Additionally, in regions exhibiting severe cracking, conspicuous oxidation is also observed.
As depicted in Figure 11.24(a), the severely oxidized area even displays distinct sharp solid-state
cracks. The corresponding EDS constitution analysis (Figure 11.24(b)) confirms the presence of
oxidation near the crack site. The influence of oxygen on high-temperature cracking of nickel-based
alloys primarily arises from two mechanisms: dynamic embrittlement (DE) and stress-assisted grain
boundary oxidation [28-31] (SAGBO) [32—34]. According to the theory of dynamic embrittlement,
at elevated temperatures, oxygen elements undergo short-range diffusion at the crack tip, thereby
accelerating intergranular crack propagation. Consequently, as cracks dynamically expand, oxides
such as Cr,0;, TiO,, NiO or Al,O, are formed on both sides of these cracks. On the other hand,
based on the stress-assisted grain boundary oxidation theory, under stress and high temperature
conditions, oxygen can propagate over long distances towards the crack tip and form oxides at its
leading edge; subsequently allowing for further expansion through rupture or separation from the
substrate by these oxide layers themselves. The observed cracks in Figure 11.24(c) align with this
stress-assisted grain boundary oxidation theory since oxides are detected at both sides and tips
of these cracks; corroborated by an EDS distribution diagram illustrating oxygen elements shown
in Figure 11.24(d). Considering that DED-induced oxidation diminishes grain boundary plasticity
while promoting intergranular crack propagation; it can be considered a contributing factor inducing
solid-state cracking.

Generally, the liquation cracking and solid-state cracking during DED of INCONEL 738LC
don’t happen entirely in isolation. Liquation cracks at grain boundaries or liquation voids surrounding
large particles induce significant stress concentration phenomena. These stress concentration
regions experience preferential sliding along grain boundaries, thereby promoting the formation of
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solid-state cracking during the subsequent cooling process. Subsequent accumulation of stresses can
rapidly propagate those initial micro-cracks, ultimately leading to the development of macro-cracks
on a larger scale.

11.4 Summary

In this chapter, the microstructure characteristics of Inconel 738LC and the cracking mechanism
during deposition manufacturing are investigated. The main conclusions are as follows:

1) The deposited layer primarily consists of columnar crystals, with potential stray crystal regions
at the top and fusion area between layers. The growth direction of columnar crystals is influenced
by heat flow direction and crystal’s preferred orientation, which can be affected by process
parameters such as laser power, scanning speed, and scanning path during deposition. Two
main factors contribute to the formation of top stray crystal: firstly, a decrease in temperature
gradient at the molten pool’s top leads to an increased solidification rate triggering a transition
from columnar to stray crystals; secondly, incomplete melted metal powder remaining at the top
promotes fine stray crystal formation.

2) The precipitated phase of INCONEL 738LC primarily consists of discretely distributed MC
carbides, y+y' eutectics, and densely precipitated y' nanoparticles. The MC type carbides are
typically enriched with Ti, Nb, Ta, Mo, Zr and may exist in various forms such as rods or
blocks. Moreover, the MC core often contains nano-sized aluminum-rich oxides. The y’ phase
particles generally occur in two distinct sizes: inner-dendritic ¢’ particles have a diameter
of approximately 20 nm while inter-dendritic y' particles have a diameter of around 50 nm.
Additionally, there is a small number of Ni,Zr,-type Zr-rich particles and M;B,-type particles.

3) The cracking during DED of INCONEL 738LCmainly attributed to liquation cracking and
solid-state cracking. Liquation cracking can be categorized into two types: one involves the
liquation of y+y' eutectic at grain boundaries, while the other pertains to constitution liquation
surrounding MC or Ni,Zr, and M;B, particles. Solid-state cracking is associated with grain
boundary sliding induced by internal stress, intensive precipitation of y’ particles, and oxidation
along grain boundaries. The internal stress within the structure encompasses not only thermal
stress resulting from rapid thermal cycling but also phase transition stress caused by the
precipitation of y', MC, and other particles.
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Chapter 12

Effects of Laser Deposition
Processes on Crack Sensitivity for
Depositing Inconel 738LC

12.1 Introduction

The microstructure characteristics and cracking mechanisms of DEDed IN738LC were primarily
investigated in Chapter 11. The results demonstrate the propensity for liquation cracks and solid-state
cracks to form during the DED process of IN738LC. It is evident that suppressing crack formation
is crucial for ensuring the quality of IN738LC additive. Therefore, this chapter aims to explore
the influence of laser deposition processes on crack sensitivity when depositing Inconel 738LC.
These processes encompass laser power, deposition rate, scanning path, substrate temperature,
and environmental atmosphere within the DED system. Comprehensive analysis utilizing infrared
thermal imaging, digital image correlation (DIC) method, and electron backscatter diffraction
(EBSD) characterization will be employed to investigate the underlying correlations between these
processes and crack sensitivity from perspectives including temperature field gradient, macroscopic
strain, and microscopic strain.

12.2 Effects of laser power on crack sensitivity
12.2.1 Cracking under different laser power

The influence of laser power on cracking during the DED process is significant. As shown in
Figure 12.1, the macroscopic cracks of the samples were observed at laser powers of 250 W,
320 W, and 410 W respectively. The influence of laser power on cracking during the DED process
is significant. Figure 12.1 shows the macroscopic cracks of the samples which were deposited at
laser powers of 250 W, 320 W, and 410 W respectively, the other process parameters kept constant:
the scanning speed is 5 mm/s, the powder feeding speed is 7.6 g/min, and the designed layer
height is 0.42 mm. It can be seen that at a laser power of 250 W, no macroscopic cracks (at the
milimeter level) are observed in the obtained sample. However, when the laser power is increased to
320 W, three narrow macro-cracks emerge within the sample. Moreover, with further increase in
laser power to 410 W, both narrow and macro-cracks are evident in the specimen. Figure 12.1(d)
provides an enlarged view of cracks within the dotted box shown in Figure 12.1(c). It can be observed
that these cracks predominantly propagate along the build-up direction (BD), traversing multiple
deposition layers. The deposited metal adjacent to narrow cracks exhibits relatively flat surfaces;
however, invagination is clearly visible around wider cracks. This phenomenon primarily arises
from progressive widening of earlier-formed cracks during the additive process. When the laser
spot passes through a wide crack, it leads to an actual defocusing effect on a microscale zone which
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Figure 12.1. Macro-crack morphology in the deposited parts with different power, (a) 250 W, (b) 320 W, (c) 410 W, (d) is
the local zoom of (c¢) showing the amplified cracks. 1

reduces local laser energy density and ultimately diminishes metal powder deposition efficiency
while causing collapsible occurrences.

In summary, the crack sensitivity increases with the rise in laser power. This finding aligns
with the majority of research studies on laser processing of nickel-based alloys [1, 2]. The literature
suggests two main reasons for the increased occurrence of cracks: firstly, higher power and heat
input result in greater thermal deformation and subsequent internal stress; secondly, elevated
heat input prolongs high-temperature residence time and intensifies element segregation between
dendrites, thereby raising the risk of solidification or liquation cracks formation. However, Idowu
et al. [3] discovered that liquation cracks in the heat-affected zone (HAZ) significantly increased
at low heat input during their investigation on laser welding of IN718Plus (an alloy derived from
Inconel 718 with increased Co, Al and Ti content). They found that at high heat input levels where
obvious liquation occurred within HAZ, however liquation cracks were rarely observed. This
phenomenon can be attributed to a thick liquid film forming between dendrites under high heat
input conditions which effectively releases stress between dendrites and reduces the likelihood of
liquation cracking. Moreover, this thicker liquid film at high heat input also fills existed liquation
cracks thus minimizing their occurrence. It is evident that the influence mechanism of laser power
on liquation cracks may exhibit variations. Therefore, in the subsequent paragraphs, we will conduct
a comprehensive analysis of the impact of laser power on IN738 DED cracking, considering factors
such as temperature gradient, macro strain, micro strain, and grain characteristics.

12.2.2 Effect of laser power on temperature gradient

Generally, it is believed that an increase in laser power will result in elevated heat input and thermal
deformation, consequently leading to heightened stress within the heat affected zone. However, it
should be noted that the internal stress induced by thermal strain is not solely dependent on strain
magnitude but also closely associated with the constraints imposed by the object. In unconstrained
condition, even if thermal expansion and contraction occur due to high temperatures, the level of
internal stress remains relatively low, as long as the material can withstand this degree of strain,
cracks will not occur. Conversely, under strong constraint conditions, thermal expansion at elevated
temperatures can cause irreversible inelastic deformation within the metal structure, resulting in
macroscopic internal stresses distributed throughout the entire component. In additive manufacturing
or welding processes, the confinement of the heat affected zone is closely associated with the
non-uniformity of thermal deformation in different regions, which in turn depends on the temperature
gradient in space and cooling rate over time. Therefore, to accurately assess internal stress levels, it
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is essential to investigate the distribution and dynamic changes of the temperature field. Currently,
finite element analysis and actual temperature measurements are commonly employed methods for
studying temperature gradient and cooling rate. However, when using finite element to calculate
additive manufacturing’s temperature field, numerous simplifications and assumptions regarding
laser energy absorption rates, boundary conditions for heat dissipation, material heat transfer
parameters, etc., need to be made; improper settings often lead to significant calculation errors.
On the other hand, actual temperature measurement methods typically employ tools such as
thermocouples, infrared thermometers and infrared thermal imagers. Thermocouples and infrared
thermometers usually provide single point measurements that do not facilitate spatial distribution
analysis of the temperatures. Henceforth in this study section we utilize an infrared thermal imager
to examine the temperature field during additive manufacturing process aiming at exploring how
laser power affects it under real conditions. It should be noted that temperatures obtained through
infrared measurement are influenced by material emissivity towards infrared spectrum; thus in this
chapter we have calibrated emissivity values using a thermocouple.

To achieve the in-situ analysis of deformation during the DED process, the Digital Image
Correlation Method (DIC) was employed for strain measurement. The hardware components of
the DIC system encompass the CMOS high-speed camera of the German Optronis brand and
the laser-assisted light source with synchronous triggering functionality. The maximum frame
rate of the CMOS camera can reach 125 fps, while the actual frame rate utilized in this paper is
25 fps, with a resolution of 1280 x 1024 pixels. The wavelength of the auxiliary light source is
900-910 nm, and the maximum power is 35 W. Concurrently, an infrared thermal imager was also
utilized in this paper for in-situ measurement of the temperature field during the DED process. The
model of the thermal imager is AVIOS00EX-PRO, with a wavelength of 8—14 um, a resolution of
640 x 480 pixels, and a temperature measurement range of —40 to 2000°C. The sampling frame rate
is 3 fps. Figure 12.2 presents the device diagram and example results of the DIC strain measurement
and infrared temperature measurement.

Figure 12.3(a), (b), and (c) respectively show the temperature distribution of the substrate,
the temperature distribution in the scanning direction (SD), and the temperature distribution in the
build-up direction (BD). These results were obtained below the molten pool when the first four
layers of IN738LC were deposited under the 250 W laser power. As can be seen that the laser molten
pool has an obvious heating phenomenon on the tail metal, and after four layers of deposition, the
temperature of the base metal has been raised to about 300°C. At the front of the laser molten pool,

Figure 12.2. Strain measurement by DIC camera and temperature measurement by infrared thermal camera during DED,
(a) measurement setup, (b) DIC image example, (c) thermal image example. 1
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Figure 12.3. Temperature field of the substrate during the deposition with 250 W power, (a) infrared temperature map for
the first 4 layers, (b) and (c) is the temperature distribution along the scanning direction (SD) and build-up direction (BD)
in respectively. <1

the temperature drops sharply, forming a large temperature gradient in this area, while at the rear of
the molten pool, the temperature changes gently and the temperature gradient is small.

Figure 12.4 presents quantitative statistics of the temperature gradient at the leading edge of the
molten pool during laser power of 250 W. Specifically, for the initial layer deposition, the maximum
temperature gradient in the SD reaches to 364°C/mm, while in the BD it is 295°C/mm. For the
second layer, the temperature gradient in the SD and decreased to 318°C/mm and 224°C/mm height
direction). For the third, highest temperature gradients were observed as 277°C/mm in SD and
229°C/mm in BD, and for the fourth layers, they decreased to 173°C/mm in SD and 154°C/mm in
BD. Evidently, with an increase in deposition layers, heat accumulation leads to a gradual decrease
in the maximum temperature gradients. The movement of heat source results in larger temperature
differences along the SD to BD, hence resulting in higher temperature gradients at molten pool front.

Figure 12.5 shows the temperature gradient maximum at the front of the molten pool
varies with laser power. When laser power is increased, the temperature gradient along the SD
rises significantly. At a laser power of 410 W, the first layer’s temperature gradient can reach
500°C/mm, which is about 1.4 times that of a power of 250 W. However, in terms of BD, increasing
laser power leads to a decrease in temperature gradient; specifically, at a power level of 410 W it
is approximately only 0.7 times that observed at a level of 250 W. Combined with macroscopic
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Figure 12.5. Effects of laser power on the spatial temperature gradient, (a) the SD directional gradient in front of molten
pool, (b) the BD directional gradient below the molten pool. 1

cracking observations shown in Figure 12.1, it can be inferred that increasing laser power enhances
sensitivity to cracking by elevating thermal gradients in SD.

The infrared thermal imager can also capture real-time crack formation processes. As depicted
in Figure 12.6, noticeable color variations between cracks and continuous metal are observed in
the thermal image due to temperature or emissivity disparities. Consequently, the initiation and
expansion of macroscopic cracks can be distinctly observed. Figure 12.6(a) illustrates a thermal
image collected at 91 seconds after deposition started, during which no macroscopic cracks were
detected. However, a prominent crack emerged at 115 seconds (Figure 12.6(b)). With continued
deposition, the crack propagated upwards as deposition continued (Figure 12.6(c)), and potentially
leading to new crack formations (Figure 12.6(d)). In summary, cracks form during the deposition
process and are closely associated with the height of deposited metal. Lower deposition heights
result in lower stress levels that hinder crack formation while higher deposition heights lead to
accumulating stress and significantly increased cracking risks. Conversely, crack formation and
expansion partially alleviate stress accumulation.
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Figure 12.6. The initial and propagation of macro-crack observed by infrared thermal camera, (a), (b), (c) and (d) are the
thermal images at different time. <]

12.2.3 Effect of laser power on macroscopic stress-strain

Similar to welding, the stress and deformation in DED can be categorized into two types: transient
stress and strain occurring during the DED process, and residual stress and strain retained in the
workpiece after completion of DED. Currently, accurate measurement of residual stress is achievable
through drilling method, X-ray diffraction, and neutron diffraction techniques, which have been
extensively studied. However, direct detection of transient stress and strain during the DED process
is challenging with limited research available. Existing studies primarily rely on finite element
simulation technology for analysis. As depicted in Figure 12.6, crack formation and propagation
occur during the additive process due to dynamic changes in temperature and deposited layer size.
These dynamic effects influence the transient stress-strain state. Therefore, crack generation is
inevitably associated with dynamic stress-strain behavior throughout the additive process. Since
DIC technology enables real-time tracking of deformation during additive manufacturing processes,
it can be combined with relevant knowledge from solid mechanics and elastic-plastic theory to
facilitate a more profound understanding of cracking issues.

Figure 12.7 shows the displacement in the X-axis (scanning direction) and the corresponding
temperature distribution when the first four layers are deposited with 320 W laser power.
Figure 12.7(a) shows the displacement of point A (the top center point of the DIC observation
area) along the X-axis direction; Figure 12.7(b) shows the temperature change curve of point
A (measured by the infrared thermal imager on the back); Figure 12.7(c) and (d) are the spatial
distribution of displacement and temperature corresponding to T1 in (a). Similarly, Figure 12.7(e)
and (f) respectively show the corresponding displacement and temperature distribution at time
T2 in (a). Among them, the temperature distribution maps (d) and (f) are obtained by measuring
the temperature in the symmetrical area of the back of the DEDed thin wall. In order to better
correspond to the displacement distribution map, the temperature distribution map is rotated 180°
along the z axis.

As can be seen from Figure 12.7(a), before time T1, point A deforms in the opposite direction
of the X-axis, and the displacement gradually increases, reaching the extreme value at time T1.
It can be seen from this that when the first layer is deposited, the laser heat source moves in the
opposite direction of the X-axis to point A, and the basement behind the molten pool is rapidly
heated, resulting in thermal expansion effect, which acts as A pushing and extrusion effect on point
A at the front of the molten pool, making point A move in the negative direction of the X-axis,
resulting in negative displacement. This negative displacement continues to accumulate and reaches
a maximum value at T1. Figure 12.7(c) and (d) show the displacement field and temperature field of
T1. It can be found that the molten pool is not just above point A where the displacement reaching
its a maximum, but located in front of point A. It can be inferred that when the molten pool reaches
the top of point A, point A is still subject to the expansion thrust behind the molten pool. After the
molten pool passes over point A, the temperature of point A reaches its peak, and the displacement
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Figure 12.7. Displacement along X-axis and the related temperatures of the substrate deposited with 320 W power, (a) the
displacement curve of the top-center point A in the DIC measured area, (c) and (d) are the displacement and temperature
distribution at T1 time of (a), (e) and (f) are the displacement and temperature distribution at T2 time in respective. ]

of point A also reaches its peak. As can be seen from the temperature change curve shown in
Figure 12.7(b), the corresponding peak temperature at time T1 is about 907°C. As the
high-temperature heating zone of the molten pool passes over point A, the region in front of A
generates positive expansion thrust point A, which gradually reduces the negative displacement of
point A.

When employing reciprocating bidirectional scanning strategy, the second layer’s scanning
direction is opposite to that of the first layer, resulting in a rightward movement of the melt pool
as shown in Figure 12.7(e). The thermal expansion of the high temperature region starts to push
forward point A. This further diminishes and gradually transforms the initial negative displacement
of point A into a positive displacement along the x-axis. The positive displacement reaches its peak
value (1003°C) at T2. It can be observed from Figure 12.7(b) that at this moment, point A attains
its temperature maximum corresponding to the second layer. By examining both the displacement
field (Figure 12.7(e)) and temperature field (Figure 12.7(f)) at time T2, it becomes apparent that
by then, a certain distance has been covered by the melt pool away from point A as well. Upon
comparison, it is evident that while at T1, there exists an absolute value of negative displacement
approximately equal to 0.063 mm (0.928 pixels), which surpasses that of T2’s absolute value of
displacement (0.015 mm or 0.227 pixels). The reason is that during deposition of the first layer,
room temperature serves as its initial temperature, however, during deposition of second layer, the
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initial temperature is about 340°C as shown in Figure 12.6(b). According to thermal expansion laws
depicted by Equation 12.1,

UT=e"L=0aATL = a(T - Ty)L (12.1)

Where U7 is the displacement caused by thermal expansion, e’ is the thermal strain L is the initial
length of the heated body, a is the coefficient of thermal expansion, T'is the heating temperature, and
T, is the initial temperature. The AT corresponding to the first layer is about 877°C which is greater
than that of the second layer (about 663°C), so the corresponding thermal strain and the related
displacement are larger for the second layer.

Similarly, Figure 12.8 shows the displacement and temperature distribution in BD at 320 W
laser power. Where, Figure 12.8(a) is the displacement curve of point A in the Z-axis direction,
Figure 12.8(b) is the temperature curve, Figure 12.8(c) and (d) are the displacement distribution
and temperature distribution corresponding to T3 moment in Figure 12.8(a), respectively.
Figure 12.8(e) and (f) are the displacement distribution and temperature distribution corresponding
to T4 moment. As can be seen from Figure 12.8(a), point A displaces in the positive direction of z
axis during the first four layers of deposition, and there is a peak and a valley for each layer. This
indicates that in this process, point A is always in a state of outward expansion due to heating. In
addition, it can also be seen that the peak value of displacement shows a decreasing trend layer by

Figure 12.8. Displacement along Z-axis and the related temperatures of the substrate deposited with 320 W power, (a) the
displacement curve of the top-center point A in the DIC measured area, (c) and (d) are the displacement and temperature
distribution at T3 time of (a), (e) and (f) are the displacement and temperature distribution at T4 time in respective. <l
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Figure 12.9. Deformation diagram during the whole process of DED [151]. <[]

layer. From the temperature change curve shown in Figure 12.8(b), it can be seen that for the peak of
the Z-displacement (T3), the corresponding temperature is 656°C and for the valley value (T4), the
corresponding temperature is 378°C. Before the T3 moment, the temperature drops sharply, but after
the T3 moment, the temperature drops slowly. The temperature drops most slowly after T4 moment.

Based on the final obtained DED samples, it can be observed that the central part of the
substrate exhibits a concave shape. Consequently, it can be inferred that during the DED, point A’s
displacement along the Z-axis changes from positive to negative, which aligns with Biegler et al.’s
findings regarding Z-direction displacement [4]. Furthermore, Xie Ruishan et al. [5] also employed
DIC technology to investigate deformation in DED processes. The corresponding finite element
simulation results depicted in Figure 12.9 demonstrate consistent deformation patterns with our
study.

Based on the displacement field obtained by DIC, the corresponding strain field can be
calculated. In the two-dimensional case, the strain obtained by DIC is usually Largangian strain,
and its definition is shown in formulas 12.2 to 12.4.
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It can be seen from its definition that Largangian strain is a finite strain, including
second-order displacement, which essentially reflects the gradient of displacement. Generally,
the strain collected in the tensile test is mostly Cauchy strain, that is, engineering strain, which
only includes the first-order displacement. Therefore, for small deformation, Largangian strain is
close to Cauchy strain, while for large deformation, Largangian strain is often larger than Cauchy
strain. Based on the obtained Largangian strain, the principal strain can be calculated according to
formulas 12.5:
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Where e, > e,, and the direction of the principal strain is

e,
tan26 =——— (12.6)

e. —e

xx »

We know that in a complex stress state, the strain distribution has a strong directivity, so the
equivalent stress and equivalent strain can be used to describe the deformation resistance. The
equivalent stress ¢ and equivalent strain e can be obtained according to the formulas 12.7 and 12.8,
and the ¢ and e can reveal the train stress and strain.

5= %J(al -0, +(0,-0,) +(0,-0,) (12.7)
E:?\/(e] —e2)2+(e2—e3)2+(e3—e])2 (12.8)

Further, according to the obtained DIC strain during DED of IN 738LC, the elastic-plastic
strain of point A which is located at the center of the DEDed thin wall can be obtained.
Figure 12.10 shows the elastic-plastic strain under different DED power. It can be seen that with
the increase of laser power, the maximum of elastoplastic strain increases from 0.6% to 0.68%
and 0.84% respectively. It shows that the peak value of stress increases with the increase of power
during DED. The increase of stress peak value means the increase of cracking risk. Combined with
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Figure 12.10. The elastic-plastic strain of point A under different DED power, (a) 250 W, (b) 320 W, (c) 410 W.
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the actual cracking condition shown in Figure 12.1, we found when the laser power increased to
320 W, the maximum of elastoplastic strain increases to 0.68%, and macroscopic cracks can be found.
These results demonstrated that with the increase of DED power, the instantaneous stress maximum
during the DED process will increase, thus increasing the risk of cracking. It is worth mentioning
that the generation of cracks is not only related to the peak of stress, but also to the loading rate of
stress, microstructure and many other factors. Therefore, it is not scientific to quantitatively predict
cracking solely based on the stress peak.

12.2.4 Effect of laser power on grain characteristics

The cracks observed by the infrared thermal imager or macroscopic photographs are macroscopic
cracks. These macroscopic cracks result from the expanded microscopic cracks. At the grain scale,
the formation of microscopic cracks is related to the component phases, such as the y+y’ eutectic,
MC, borides and zirconides. In addition, it is also related to the grain orientation relationship,
grain boundary morphology and micro-strain characteristics. These characteristics not only affect
liquation cracking [1, 6], but also solid-state cracking [7-9].

Figure 12.11 presents the EBSD results of samples DEDed under varying laser power.
Specifically, Figure 12.11(a), (b), and (c) illustrate the Band Contrast (BC) distribution maps,
while Figure 12.11(d), (e), and (f) depict the inverse pole figure (IPF) oriented perpendicular to the
deposition height direction (BD). Additionally, Figure 12.11(g), (h), and (i) display the pole figure

o013 - N| superalloy 20.00 {001} - Ni supeﬁlloy 20,00
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Figure 12.11. EBSD orientation distribution under different laser power, (a), (b) and (c) are the BC Figures, (d), (¢) and (f)
are the IPF Figures reference to BD, (g), (h) and (i) are the pole Figures of {001}. ]
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for {001}. As indicated in Figure 12.11(a)~(c), an increase in laser power correlates with a more
pronounced microcracks, which occurred along the grain boundaries. Figure 12.11(d)~(f) reveals
that at lower laser power levels, the orientation within the deposited layer is relatively disordered,
specifically, two distinct orientation relationships, namely <101>//BD and <001>//BD, are present
within the microstructure, but without significant texture development. Conversely, as laser power
increases, a marked enhancement in <001> texture becomes evident. The positive pole figure
presented in Figure 12.11(g)~(i) further corroborate this observation.

For the face-centered cubic crystal, the preferred growth orientation is <001>, so the dendrite
growth direction is usually in a certain <001> crystal direction that is close to the direction of
heat flow. When low heat input is used for bidirectional scanning, the dendrite growth direction
(i.e., <001> crystal direction) is approximately at a 45° angle with the BD direction, so
<101>//BD texture will appear. As the heat input increases or unidirectional scanning is used, the
dendrite growth direction tends to be parallel to the BD direction, so <001>//BD texture will appear.
In addition, when the laser power is too small, it cannot completely melt the top of the previous
layer’s misoriented region, and most grains cannot maintain epitaxial growth based on the previous
layer’s columnar grain, but rather re-nucleate and grow under certain undercooling conditions, so
the overall orientation is not obvious (Figure 12.11(d)). On the other hand, when the laser power
is larger, it can fully melt the top of the previous layer’s misoriented region, and the grains can
maintain epitaxial growth very well and cross the fusion lines between layers, thus maintaining good
orientation (Figure 12.11(f)).

Lakshmi L. et al. [10] and Pinkerton et al. [11] also observed a similar phenomenon in their
studies on the orientation of DED structures in nickel-based alloys. However, Yuan et al. [1] found
that with an increase in laser power and heat input during the additive manufacturing process of
Inconel 718, the crystal orientation deteriorated. Gaumann et al. [12] suggested that higher laser
power would lead to an increased value of G*3/R (where G represents temperature gradient and R
represents solidification rate), thereby promoting the growth of equiaxial crystals and potentially
weakening crystal orientation. Similarly, Pinkerton et al. [11] believed that while the transition
between columnar crystals and equiaxial crystals depends on G*3/R, increasing laser power can
intensify Marangoni flow in the molten pool, causing fluctuations in temperature gradient (G).
It is worth noting that Pinkerton et al.’s study used a range of laser powers from 350 to 560 W,
corresponding to line energies ranging from 70 to 112 J/mm; whereas Lakshmi L’s study used a
line energy of 45~150 J/mm which is comparable to this paper’s linear energies (50~82 J/mm).
However, Yuan et al.’s study employed much higher line energies ranging from 300 to 600 J/mm
compared to this paper as well as the aforementioned studies [11, 12]. Thus, it can be inferred that
the influence of heat input on crystal orientation may vary across different process ranges. Although
our findings regarding the relationship between power and texture strength do not align with those
reported by Yuan et al. [1], both studies indicate an increase in cracking phenomena with higher
laser power levels.

Further statistical analysis of grain, grain boundary orientation differences, and grains
circumferences were conducted using EBSD. The results are presented in Figure 12.12.
Figure 12.12(a), (b), and (c) depict the disorientation angle distribution. In this Figure, the M-Index
represents the texture strength, the theoretical value indicates the random inter-grain orientation
difference which determined by crystal symmetry itself. Neighbor pairs represent the actual
orientation difference between adjacent data points on both sides of the grain boundary. A Random
Pair represents the actual orientation difference between two random data points. As observed
from Figure 12.12, at laser powers of 250 W, 320 W, and 410 W, corresponding M-Indexes were
found to be 0.141, 0.169, and 0.42 respectively, achieving coincidence degrees of random pair with
theoretical as high as 93%, 93%, and 62% respectively. This quantitatively character suggests that
at low power levels, the distribution of orientation differences between grain boundaries is random
and primarily depending on crystal symmetry itself. However, increase in power significantly
amplifies deviation between adjacent grains’ orientations compared to their theoretical orientations.
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Figure 12.12. EBSD statistical of grain characteristics, (a), (b) and (c) are the disorientation distributions with 250 W,
320 W and 410 W, (d) is the grain circumference statistics. <

Additionally, the average grain circumference can serve as a measure for determining grain size while
the total length of grain boundary within a certain area can reflect curvature degree. As depicted in
Figure 12.12(d), with the increase of laser power, the average grain circumference increases, that is,
the average grain size increases. While the total grain boundary length decreases, that is, the degree
of zigzag of the grain boundary weakens. Combined with Figure 12.12(a)~(f), it is obvious that
cracks tend to occur in some long straight grain boundaries. From the perspective of liquation crack,
the eutectics with low melting are more likely to segregate at long straight grain boundaries, and the
possibility of forming a continuous liquid film is greater, so it is more conducive to the generation
of liquation crack. In terms of the sensitivity of solid-state cracks, for example DDC, the straight
grain boundaries are more conducive to the sliding of grain boundaries, thus more readily to the
solid-state cracking. From the perspective of stress-strain distribution, the decrease of grain size and
the increase of grain boundary length can evenly disperse the stress and strain, so as to prevent the
local concentration of stress and strain, which is conducive to the suppression of all kinds of cracks
including liquation cracks and solid-state cracks.

Figure 12.13 shows the deformation characteristics of grain under different power.
Figure 12.13(a), (b) and (c) show the Kernel Average Misorientation (KAM) of the samples DEDed
under 250 W, 320 W and 410 W respectively. Figure 12.13(d), (e) and (f) are the corresponding Grain
Orientation Spread (GOS) maps, and Figure 12.13(g), (h) and (i) are the Schmid Factor distributions
maps. The distribution of KAM indicates that significant plastic deformation occurred on both sides
of the crack, which is consistent with the grain boundary slip mechanism of DDC. In particular, as
laser power increases, there is an increase in microscopic stress on the grain, and under this stress,
grains undergo rotation and sliding. If the relative sliding between grains exceeds the tolerated limit
of grain boundaries, intergranular cracking occurs, leaving behind plastic deformation traces on
both sides of the crack and at its front zone.
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Figure 12.13. Micro deformation under different power, (a), (b) and (c) are the KAM maps of 250 W, 320 W and 410 W
respectively, (d), (e) and (f) are the corresponding GOS maps, (g), (h) and (I) are the corresponding Schmid factor maps.
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The GOS maps shown in Figure 12.13(d), (e), and (f) describe the maximum or average
orientation difference within the entire grain. It can be seen that with the increase of laser power,
the number of grains with large deformation gradually increases. The average orientation difference
within the grains is in the range of 0~12.5°. Besides, GOS maps demonstrate that cracks generally
occur between the severely deformed grains and the weakly deformed grains. The relative sliding
of grains caused by uneven deformation between grains is the main inducement factor leading
to cracking. We know that crystal slip is mainly carried out under the action of shearing stress.
According to Schmid’s law (Equation (12.9)), in a single crystal, when the resolving shear stress is
greater than the critical resolved shear stress, the slip starts.

T>17,=0,c08 @ cos i (12.9)

Where, 1 is the resolving shear stress, 7, is the critical resolved shear stress at which the slip system
starts, @ is the angle between the slip plane and the external force axis, 4 is the angle between the
slip direction and the external force axis, and o, is the initial yield strength. cos @ cos 4 is named as
Schmid factor, it varies from 0 to 0.12. When the Schmid factor is large, the slip is easy to initiate
and is called soft orientation. On the contrary, when the Schmid factor is small, the slip is not easy
to start, and it is called hard orientation. According to the Schmid factor distribution diagram shown
in Figure 12.13(g), (h) and (i), the number of grains with soft orientation increases significantly
with the increase of laser power, so the sliding of grains is more likely to occur. In addition, it can
be found that the Schmid factor on both sides of the crack is quite different, that is, the crack occurs
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mostly between soft-oriented grains and hard-oriented grains, which is also reported in fatigue
cracking and tensile cracking [158, 159]. The reason is that the hard-oriented grains are difficult to
deform, while the adjacent soft-oriented grains are easy to slip, so the dislocation movement at its
junction is difficult to transmit, accumulating a large number of dislocations, resulting in large local
plastic deformation. In addition, the junction of dislocation accumulation also often acts as a fast
channel for impurity atom segregation and oxidation, which will cause the junction itself to decline
in plasticity.

12.3 Effects of scanning speed on crack sensitivity
12.3.1 Cracking conditions at different scanning speeds

Experimental results demonstrate that scanning speed significantly influences cracking during the
DED process as well. Figure 12.14 illustrates the macroscopic cracking conditions at scanning
speeds of 4 mm/s, 5 mm/s, and 6 mm/s respectively (with other process parameters held constant:
laser power of 320 W and powder feed speed of 7.6 g/min). As depicted in the Figure, no apparent
macroscopic cracks are observed when the scanning speed is 4 mm/s. However, noticeable cracking
occurs at both 5 mm/s and 6 mm/s scanning speed. It should be noted that under a constant laser
power condition, changes in scanning speed alter line energy magnitude accordingly. It can be
seen from the above that the laser power increases, the line energy increases, and the cracking
phenomenon is more serious. The crack patterns shown in Figure 12.14 can thus be attributed to a
combined effect resulting from increased scanning speed and decreased line energy. On one hand,
solely increasing the scanning speed enhances crack sensitivity, on the other hand, reduced line
energy exerts some inhibitory effects on cracking behavior.

Figure 12.14. Macro-crack morphology in the deposited parts with different scanning speed, (a) 4 mm/s, (b) 5 mm/s,
(c) 6 mm/s. I

12.3.2 Effect of scanning speed on temperature gradient

Infrared thermal imager was used to measure the temperature field in the deposition process with
different scanning speeds. Figure 12.15 shows the temperature gradient at the front of the molten
pool along the SD and BD.

It can be seen that for the first layer, when the scanning speed increases from 4 mm/s to 6 mm/s,
the temperature gradient in the SD increases from ~400°C/mm to ~500°C/mm, and the temperature
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Figure 12.15. Effects of laser scanning speed on the spatial temperature gradient, (a) the SD directional gradient in front of
molten pool, (b) the BD directional gradient below the molten pool.

gradient in the BD also increases from ~200°C/mm to ~350°C/mm. In addition, the general trend of
the temperature gradient decreases with the increase of the number of deposited layers.

12.3.3 Effect of scanning speed on macroscopic stress-strain

To explore the effect of scanning speed on macroscopic stress and strain, DIC technology was
also used to measure deformation conditions at different scanning speeds. In this section, the same
method as in Section 12.2.2 is used to calculate the elastic-plastic strain at the top center point A of
the DIC observation area, the results are shown in Figure 12.16.

Figure 12.16. Effects of laser scanning speed on the elastic-plastic strain of point A, (a) 4 mm/s W, (b) 5 mm/s, (c) 6 mm/s.
ol
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It can be seen from Figure 12.15 that when the scanning velocity is 4 mm/s, 5 mm/s and 6 mm/s,
the corresponding peak elastic-plastic strain is ~ 0.6%, ~0.68% and ~0.84%, respectively. This
indicates that the peak value of elastoplastic strain tends to increase with the increase of scanning
speed, that is, the peak value of dynamic stress tends to increase. It can be inferred that the increase
of the peak stress will increase the risk of cracking. Therefore, reducing the laser scanning speed
is an effective means to reduce the stress peak, but also an effective means to inhibit cracking. But
from the perspective of DED forming efficiency, reducing the scanning speed will undoubtedly
reduce the forming efficiency, and reduce the utilization rate of metal powder, and thus increase the
production cost.

12.3.4 Effect of scanning speed on grain characteristics

Microscopic deformation characteristics, as depicted in Figure 12.17, can be obtained by EBSD
analysis. Figure 12.17(a), (b), and (c) represent the distribution map of Kikuchi Band Contrast
(BC) at different scanning speeds, while Figure 12.17(d)—(e), and Figure 12.17(g)—(f) depict the
corresponding distribution map of Kernel Average Misorientation (KAM) and Grain Orientation
Spread (GOS). The BC distribution map reveals that an increasing trend in crack width is observed
with higher scanning speeds, indicating an increase in crack severity. It is noteworthy that,
although no visible macroscopic cracks were detected at a scanning speed of 4 mm/s (as shown in
Figure 12.17(a)), micro-cracks were still observed under SEM examination. According to the KAM
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Figure 12.17. Cracking and Micro deformation under different scanning speed, (a), (b) and (c) are the BC maps of 4 mm/s,
5 mm/s and 6 mm/s respectively, (d), (e) and (f) are the corresponding KAM maps, (g), (h) and (I) are the corresponding
GOS maps. 1
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distribution diagram, when the scanning speed is set at 4 mm/s, although larger KAM values are
found at the tip of microcracks, there is no significant increase in KAM on both sides of the crack.
This phenomenon may be attributed to some microcracks being liquefaction-induced, liquefaction
cracks formation involves a liquid film which exhibits poor stress and strain transfer ability, thus
requiring less severe strain for cracking near the solid phase adjacent to this liquid film region. Once
cracks formed, these microcracks generate stress concentration zones around their tips which create
favorable conditions for subsequent solid-state cracking. When increasing the scanning speed to
6 mm/s, more pronounced increases in KAM are observed near wider cracks indicating more significant
local plastic deformation occurring within those regions. According to the GOS distribution map
as shown in Figure 12.17(g)—(f), an increase in scanning speed leads to a corresponding escalation
of microscopic deformation in the grains. The cracks still manifest between grains exhibiting
significant deformation disparities, and along certain elongated grain boundaries.

12.4 Effects of scanning path on crack sensitivity
12.4.1 Cracking conditions under different scanning paths

The scanning path has a significant impact on cracking behavior. For thin-walled structures with
multiple layers, the scanning path is primarily categorized into bidirectional and unidirectional
modes. Figure 12.18 illustrates the macroscopic cracking observed under two different scanning
methods (with other process parameters held constant: laser power of 320 W, scanning speed of
5 mm/s, powder feed speed of 7.6 g/min). It can be observed that when employing unidirectional
scanning, both the number and total length of cracks are significantly increased, with crack
propagation occurring at an inclined angle along SD.

Figure 12.18. Effects of scanning strategy on cracking, (a) bidirectional, (b) unidirectional. <]

12.4.2 Effect of scanning path on temperature

The thermal cycle curve of the center point A during the DED in unidirectional scanning and
bidirectional scanning is illustrated in Figure 12.19. It can be observed that after the initial thermal
cycle, the valley temperature at point A for bidirectional scanning reaches approximately 400°C,
whereas for unidirectional scanning, it is even lower at around 200°C. This discrepancy arises due
to continuous scanning without pause during bidirectional scanning. Conversely, in unidirectional
scanning, after each layer scan concludes, the laser is off in the return journey, resulting in a
half-empty travel path. The metal deposited along this empty path undergoes better cooling. As
thermal cycles progress, there is a rapid reduction in temperature fluctuation range for the sample
under bidirectional scanning, however, significant temperature fluctuations still persist for the sample
under unidirectional scanning. According to principles governing thermal expansion behavior, these
larger temperature differences experienced during unidirectional scanning lead to more pronounced
phenomena of thermal expansion and contraction which can induce greater levels of thermal stress
and increase susceptibility to cracking.
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Figure 12.19. The thermal cycles of the top-center point A of the substrate with different scanning strategies. «JI

Figure 12.20. Effects of scanning strategy on the spatial temperature gradient, (a) the SD directional gradient in front of
molten pool, (b) the BD directional gradient below the molten pool. 1]

The temperature gradient under the two scanning paths was further analyzed, and the results are
presented in Figure 12.20. Specifically, Figure 12.20(a) represents the temperature gradient of the
molten pool front along the SD, while Figure 12.20(b) illustrates the temperature gradient below the
molten pool in BD. It is evident that during initial layer deposition, there is no discernible disparity
between unidirectional and bidirectional scanning methods, as both exhibit similar temperature
gradients. However, for subsequent layers’ deposition, it becomes apparent that unidirectional
scanning yields significantly higher temperature gradients compared to bidirectional scanning
techniques, regardless of whether it pertains to BD or SD.

12.4.3 Effect of scanning path on macroscopic stress and strain

The DIC method was employed to measure the macroscopic deformation under two scanning
paths, and combined with changes in the temperature field obtained through infrared temperature
measurement, the elastic-plastic strain corresponding to different scanning paths could be determined
(Figure 12.21). It is evident that the peak value of elastoplastic strain during bidirectional scanning
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Figure 12.21. Effects of scanning strategy on the elastic-plastic strain of point A, (a) bidirectional, (b) unidirectional.

4

is approximately 0.79%, which exceeds that was observed during unidirectional scanning (0.68%).
Unidirectional scanning results in a higher peak of internal stress, thereby increasing the risk of
crack formation. Considering both crack sensitivity and forming efficiency, it can be inferred that
reducing laser power and decreasing scanning speed can mitigate cracking sensitivity while also
diminishing DED forming efficiency. By employing bidirectional scanning, not only can DED
forming efficiency be significantly improved but also cracks can be substantially reduced.

12.4.4 Effect of scanning path on grain characteristics

EBSD analysis was performed on the samples obtained under two different scanning paths, and
the corresponding results are presented in Figure 12.22. Among them, (a), (b), and (c) represent the
distribution of IPF (BD), KAM, and GOS under bidirectional scanning, respectively, while (d), (e),
and (f) depict the IPF map, KAM map, and GOS map under unidirectional scanning. It can be seen
from the IPF maps that the sample using the unidirectional scanning path with a stronger <001>
orientation and more pronounced epitaxial growth characteristics of columnar crystals compared to
those using bidirectional scanning. Additionally, from a grain boundary morphology perspective,
enhanced epitaxial growth leads to an increased number of long straight grain boundaries that
facilitates sliding between grains and thus elevate the risk of solid-state cracking. Further observation
of the IPF diagram shows that some equiaxed grains appear in some regions of the crack side. These
equiaxed grains are obviously smaller than other grains and have the characteristics of recrystallized
grains. It can be inferred that a large amount of lattice distortion energy is stored near the crack,
which may induce recrystallization during DED. Collins et al. [160] also found recrystallization
when they studied DDC cracks in welding of nickel-based alloy materials. The existence of
recrystallization phenomenon further explains the existence of DDC cracks. The KAM distribution
diagrams show that the local strain concentration is more significant in the unidirectional scanning
method. In addition to both sides of the crack, there is also strain concentration near some uncracked
grain boundaries. Moreover, the subgrain boundaries within the grains also increased significantly
(21.4%). Combined with the distribution of the fine recrystallized grains, it can be inferred that the
strain concentration region shown in KAM is insufficient to cause recrystallization. When the strain
concentration degree and temperature are higher than a certain level, recrystallization phenomenon
may occur. The occurrence of recrystallization will consume deformation energy storage, so the strain
concentration disappears in the recrystallized grains, and the corresponding KAM value decreases.
It can be seen from the GOS distribution diagram that the deformation degree of grains on both
sides of the crack presents a large difference, which is similar to the GOS characteristics described
in Sections 12.2.4 and 12.3.4. In addition, it can be found that the number of deformed grains in the
sample DED-ed by the unidirectional scanning method is more, which indicates that the internal
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Figure 12.22. Orientation and micro deformation under different scanning strategies, (a), (b) and (c) are the IPF map (//BD),
KAM map and GOS map under bidirectional scanning respectively, (d), (¢) and (f) are the IPF map, KAM map and GOS
map under unidirectional scanning respectively ]

stress level is higher. In summary, the bidirectional scanning method can not only help to interrupt
the epitaxial growth of columnar grains, reduce the number of long straight grain boundaries, but
also reduces the internal stress level in the structure and reduce local strain concentration. The above
two aspects are conducive to inhibiting the generation of print cracks.

12.5 Effects of substrate preheating on cracks

To suppress the cracking, substrate preheating was used before the DED, the preheated temperature
is about 400°C. The sample obtained without preheating and under preheating conditions is shown
in Figure 12.23 (laser power of 250 W, scanning speed of 5 mm/s, powder feed speed of 7.6 g/min).
As depicted in Figure 12.23, both preheated and un-preheated samples exhibited no macroscopic
cracks. This can be attributed to the selection of a smaller laser power Although Figure 12.23 does
not fully capture the impact of preheating on crack suppression, it can be deduced by Figure 12.23
that by employing preheating, a smaller laser power can be chosen while ensuring sufficient heat
input to significantly enhance porosity and suppressing cracking at the same time. However, solely
reducing laser power for cracking suppression may lead to an abundance of porosity defects, thereby
hindering the attainment of high-quality DED parts.

Figure 12.23. The DED parts deposited without (a) and with (b) the preheating of substrates. </l
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12.5.1 Effect of substrate preheating on temperature gradient

Although no significant cracking was observed in the comparison samples depicted in
Figure 12.24, it is imperative to discuss the corresponding crack susceptibility as well. Figure 12.24
illustrates the temperature profile at point A, located at the top of the substrate, under preheating and
non-preheating conditions. The peak temperature for the preheated sample is higher than that of the
un-preheated sample. Furthermore, within each heat cycle, the cooling rate of the preheated sample
preheating is much lower which aids in mitigating internal stress levels.

The temperature gradients are shown in Figure 12.25. It can be seen that the preheating can
significantly reduce the temperature gradient. The decrease of temperature gradient means that the
difference of thermal deformation between adjacent zones is reduced, thus decreasing the binding
force between each other and reducing the level of internal stress.

Figure 12.25. Effects of preheating on the spatial temperature gradient, (a) the SD directional gradient in front of molten
pool, (b) the BD directional gradient below the molten pool. «JJ
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12.5.2 Effect of substrate preheating on macroscopic strain

Combined with DIC strain measurement and infrared temperature measurement, the dynamic
elastic-plastic strain under preheating and non-preheating conditions can be obtained. Figure 12.26
shows the elastic-plastic strain of point A at the top of the DIC observation area. It can be found
that preheating can significantly reduce the peak value of dynamic elastoplastic strain, making the
change of elastoplastic strain gentler during the whole deposition process. As mentioned above, a
decrease in the peak elastic-plastic strain means a decrease in the peak of the dynamic internal stress,
thus helping to reduce the risk of cracking.

Figure 12.26. The elastic-plastic strain of point A, (a) un-preheated, (b) preheated. ]

12.5.3 Effect of substrate preheating on grain characteristics

The grain characteristics were analyzed using EBSD for the samples under preheating and
un-preheating conditions, and the corresponding results are presented in Figure 12.27.
Figure 12.27(a) and (d) depict the BC diagram, (b) and (e) illustrate the IPF diagram parallel to the
deposition height, (c) and (f) display the KAM distribution diagram. The BC diagrams reveal that,
under the un-preheated condition, there is a significant size disparity between the dendritic grains in
the fusion zone and the columnar grains within the deposition layer. These columnar grains generally
exhibit specific orientations along the <001> and <101> directions. Conversely, under preheated
conditions, grain sizes across all regions are more uniform, with a more random orientation leading
to an isotropic grain structure. Given that columnar grains facilitate local stress concentration more
effectively than equiaxed grains, they demonstrate heightened crack sensitivity. Examination of
grain boundary morphology indicates that in the preheated condition, grain boundaries are more
tortuous, this enhances interlocking interactions among boundaries which impedes sliding between
grains and results in reduced DDC crack sensitivity. Furthermore, KAM diagrams indicate that
the KAM with some grains of the un-preheated sample is lower, which means the preheating can
diminish the strain concentration at the grain scale and consequently can lower crack sensitivity.
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Figure 12.27. Grains features with and without preheating, (a), (b) and (c) are the BC map, IPF map (/BD) and KAM map
without preheating, (d), (e) and (f) are the BC map, IPF map (/BD) and KAM map with preheating. 1

12.6 Effects of DED atmosphere environment on crack sensitivity
12.6.1 Cracking conditions under different atmosphere environments

When DED is carried out in the air, the deposited metal with high temperatures is exposed to the air
for a long time, resulting in oxidation. To prevent this phenomenon, global atmosphere protection
containing the whole DED part may be required. In our study, the experimental atmosphere protection
chamber provided a global Ar gas protection during DED, and the oxygen concentration within the
atmosphere chamber was less than 30 ppm. Figure 12.28 shows the samples DED-ed in the air and

Figure 12.28. Cracks occurred during the DED in air and in Ar, (a), (¢) and (e) are the samples deposited in air with 250 W,
320 W and 410 W laser power respectively, (b), (d) and (f) are the samples deposited in Ar with 250 W, 320 W and 410 W
laser power respectively. 1
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in the Ar. The corresponding laser power is shown in the figure, and the other process parameters are
the same, the scanning speed is 5 mm/s, the powder feeding speed is 7.6 g/min, the scanning mode
is bidirectional. As can be seen from Figure 12.28, the cracking degree in the Ar is significantly
lower than that in the air atmosphere. Specifically, at a laser power of 250 W, no obvious cracks
were observed in either atmosphere. However, at 320 W, macroscopic cracks were evident when
DED was performed in the air atmosphere, while no cracking occurred when it was placed in the
argon chamber. Increasing the laser power to 410 W resulted in serious cracking phenomena for
both atmospheres. The reason is that when DED was conducted in air, stress-assisted diffusion of
oxygen can occur and lead to oxide formation at crack fronts, thereby expanding cracks through
separation or crushing of oxides from the substrate material. Additionally, short-range diffusion of
oxygen may only occur near crack tips and embrittle the substrate material there, thus accelerating
crack propagation. In general, these cracks associated with oxygen concentration are the solid-state
cracks.

12.6.2 Effect of atmosphere environment on tensile properties

Tensile tests were carried out on specimens without obvious macroscopic cracking, the loaded
direction was along the BD. The results are presented in Figure 12.29. It can be observed that, at a
power of 250 W, the specimen formed in the Ar gas chamber reached the yield state, with a yield
strength of approximately 1,050 MPa, a tensile strength of approximately 1,100 MPa, and a total
elongation of merely about 1.2%. However, the other tensile specimens fractured before yielding,
and the tensile strength decreased as the laser power increased. Ramakrishnan et al. [13] also studied
the DED of IN738, the results indicated that in the as-deposited state, the optimal tensile strength
was approximately 1,390 MPa and the elongation was approximately 1.1%, after heat treatment, the
elongation increased to 2.76%, but the tensile strength decreased to 1,117 MPa. The heat treatment
process employed was as follows: solution treatment at 1,120°C for 2 hours, air cooling to 850°C
for aging treatment for 24 hours, and finally air cooling to room temperature. Comparatively,
the strength reported by Ramakrishnan et al. was slightly higher than the results in this paper,
while the corresponding plasticity was slightly lower. Rickenbacher et al. [14] reported that the
room-temperature tensile strength of the cast IN738 alloy was 945 MPa and the elongation was
7.5%. It can be seen that the plasticity of the DED as-deposited state was significantly lower than
that of the cast IN738. The aforementioned findings allow for the following deductions. Firstly,
although no macroscopic cracks were found in the tensile specimens, there might still exist a large
number of microcracks and pores. These defects significantly reduced the strength and plasticity
of the material. Secondly, the as-deposited microstructure inherently stored relatively high residual
stress, further reducing the ductility and toughness of the material. Thirdly, under the same DED
process, the specimens formed in the argon gas chamber exhibited better strength, indicating that
the number or the scale of cracks in them was smaller than that of the specimens formed in the air.
Therefore, global atmosphere protection can effectively inhibit the generation of cracks.

The morphology of the tensile fracture surfaces under different conditions are shown in
Figure 12.30. Specifically, Figure 12.30(a) and (b) are the fracture surfaces of the specimens formed
in air and under a laser power of 410 W. As the specimen itself had severe macroscopic cracking
before the tensile test and had already fractured before the test, its fracture surface of crack which
occurred during DED is retained. It can be observed from Figure 12.30(a) that the cracking occurred
between the columnar crystals, and with a large number of liquation ball between the dendrites. These
facts confirm the occurrence of hot-cracking. Figure 12.30(c) and (d) show the fracture surfaces of
the sample deposited in the air and at a laser power of 320 W. Under these process conditions, the
specimen exhibits a tensile strength of approximately 700 MPa, fractures still occur along columnar
crystals, but no liquation balls are observed in this section. Judging from the remaining crack on the
fracture surfaces (Figure 12.30(d)), a large number of small particles suspected to be oxides were
attached to the crack surface. That further confirms the influence of oxidation on crack sensitivity.
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Figure 12.29. Tensile curves at room temperature for as-deposited samples. ]

Figure 12.30. Fracture morphologies under different processes, (a) and (b) are deposited in air with 410 W laser power,
(c) and (d) are deposited in air with 320 W laser power, (e) is deposited in Ar with 320 W, (f) and (g) are the local amplificated
A and B in (e) respectively. ]
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However, for the samples deposited in Ar at 320 W laser power, the tensile fracture morphology
is very different (Figure 12.30(e)—(g)). In particular, the fusion zone and the columnar zone can be
easily distinguished in the fracture diagram. In the columnar zone, there are some shallow dimples
and cleavage planes, which demonstrate that this area has poor plasticity and toughness. In the
fusion zone, a multitude of profound dimples, characterized by the presence of MC type carbide
particles at their base, can be observed, these characteristics indicate that the fracture here exhibits
good plasticity and toughness.

12.7 Summary

This chapter mainly discusses the effects of laser deposition processes on crack sensitivity during
the IN738LC DED. The main conclusions are as follows:

)

2)

3)

4

With the increase of laser power, the crack sensitivity increases. The main mechanism is
that the increase in laser power leads to a significant increase in temperature gradient at the
front end of the molten pool, which causes uneven thermal deformation inside the material
during deposition, thereby increasing internal stress levels. According to dynamic elastoplastic
strain analysis during deposition, it can be observed that there is a strain peak within each
thermal cycle. With the increase of laser power, both dynamic elastoplastic strain peak and
corresponding dynamic tensile stress peak increase, thus crack sensitivity is enhanced. In
addition, it was observed that higher laser power promotes stronger epitaxial growth ability
and strengthens <001> crystal texture, resulting in more straight grain boundaries, that makes
grain boundary sliding action easier and enhances crack sensitivity. Microscopic examination
revealed that with increasing laser power, localized strain concentration phenomenon becomes
more pronounced. This local strain concentration usually occurs between grains that are prone
to deformation and grains that are less deformable. When local strains reach a certain threshold
value, adjacent grain boundaries separate and cracks form.

With the increase of the laser scanning speed, the crack sensitivity also tends to rise. The
increase in scanning speed elevates the temperature gradients near the molten pool, enhances
the non-uniformity of deformation in different parts. Additionally, the scanning speed can also
raise the peak of the dynamic elastic-plastic strain, thus enable an increase in the peak of tensile
stress, thereby enhancing the crack sensitivity. From a microscopic perspective, an increase in
the scanning speed will also heighten the deformation degree of grains and the concentration of
microscopic strain, thus increasing the crack sensitivity.

The scanning path exerts a significant influence on the crack sensitivity. Regarding the DED
formation of single-pass multi-layer thin-walled walls, adopting bi-directional reciprocating
scanning can notably reduce the cracking risk. The mechanism lies in that unidirectional
scanning prolongs the cooling stage of the deposited layer, increases the temperature gradients
and raises the peak of tensile stress. Furthermore, unidirectional scanning can evidently
increase the orientation of the <001> crystal direction, augment the number of long straight
grain boundaries, intensify the concentration of microscopic internal strain, and augment the
deformation degree of grains.

The preheating of the substrate can effectively decrease the susceptibility to cracks and
significantly reduce the density and size of pores simultaneously. The reason lies in that the
preheating of the substrate increases the heat input, enhances the melting rate of the metal
powder, and prolongs the time available for the gas in the molten pool to escape, thereby
reducing the porosity. On the other hand, the preheating of the substrate reduces the temperature
gradient and simultaneously lowers the peak of the dynamic tensile stress, thus reducing the
susceptibility to cracks. Additionally, the preheating makes the grains in the deposited layer
tend to be equiaxed, reduces the number of straight and long grain boundaries, and weakens
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the microscopic strain concentration phenomenon, which is also conducive to reducing the
susceptibility to cracks.

5) The increase in the oxygen concentration in the environment during the DED will raise the
susceptibility to cracks. For IN738LC, it is necessary to provide overall atmosphere protection
for the DED component. In an atmosphere with an oxygen concentration lower than 30 ppm, a
deposited sample with a tensile strength at room temperature of approximately 1100 MPa can
be obtained, but its plasticity is still rather limited, with a total elongation of only about 1.2%.
The presence of defects such as micro-cracks and pores as well as the relatively high level of
residual stress are the main factors restricting plasticity.
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Chapter 13

L-DED of Hetero-Structured
IN738+IN718 Alloys with Excellent
Strength and Ductility

13.1 Introduction

Depending on the specific application scenario, different nickel-based alloys are typically chosen for
additive manufacturing of components. For examples, IN718 is primarily utilized in the aerospace
industry for aircraft engines, high-speed airframe components, cryogenic tankage, petrochemical
applications, nuclear power plants, and automotive turbochargers. CMSX-4 represents a
second-generation Nickel-based superalloy that is suitable for various high-pressure applications
such as jet engine blades, helicopter engine components, high-pressure turbine shrouds, and gas
turbines used in power generation. Udimet 720 is commonly employed in gas turbines for hot section
components. Waspaloy finds extensive application in jet engines where it is used for cast turbine
disks, shafts, low-pressure rings, and seal rings. Rene N6 is an advanced single crystal Nickel-based
superalloy specifically designed for military aerospace engines’ high pressure blades. IN625 serves
as a highly corrosion-resistant Nickel-based superalloy suitable for use in nuclear reactors and
oceanographic equipment, it also finds application in structures within thermal power plants along
with armoring and plugs within aeroengines. Haynes 242 proves to be a versatile Nickel-based
superalloy catering to various aircraft and industrial gas turbine applications. IN738 predominantly
finds its usage in gas turbine blade and vane applications while maintaining exceptional performance
properties [1]. The hot-end components for extreme heat applications necessitate the nickel-based
superalloys with elevated y' content and exceptional strength in high temperature. However, these
superalloys often exhibit susceptibility to cracking during additive manufacturing processes,
particularly in laser directed energy deposition, thereby presenting a contradiction between their
superior thermal strength and limited printability. Developing superalloys that suitable for additive
manufacturing and have excellent mechanical properties at high temperature is the key to solving
this problem. Such alloys can be homogeneous or heterogeneous materials, but they often have one
character in common, that is, possessing superior strength and ductility synergy [2].

In recent years, inspired by the biological structural materials of shells and pearls in nature,
researchers have found that the construction of heterogeneous structures is a new way to enhance
the synergy of strength and ductility [3—5]. Heterostructured (HS) materials can be very diverse,
including, but not limited to, heterogencous lamella structure [6], bi-modal structure [7, 8], gradient
structure [9-11], dual phase structure [12—14], harmonic structure [15-17], layered structure
[18, 19], metal matrix composites [20—24], etc. As an important branch of HS, heterogeneous lamella
structure generally constructed by cumulative rolling, hot pressure diffusion, explosive composite
welding or electrochemical deposition [25-27]. However, most of these methods have complicated
process and poor controllability. As a flexible layered manufacturing technology, laser directed
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energy deposition has natural technical advantages in the configuration design and controllable
construction of layered heterostructures, and is a promising new method for the construction of
layered heterostructures [28, 29]. Chaolin Tan et al. alternately feeded C300 MS and 420 SS poweders
during L-DED, and obatined C300 MS/420 SS heterostructures whose tensile strength reached
1.6 GPa while still maintaining 8.1% fracture elongation [30, 31]. Yonggang Sun et al. report a
laser-directed energy deposited medium entropy alloy (MEA) with a heterostructure comprising
alternate layers of solid-solution and intermetallic-dispersed MEA that possess ultimate tensile
strength of 1132.8 MPa and elongation of 50.6%, corresponding to strength-ductility synergy higher
than other medium- or high-entropy alloys reported [32]. In this chapter, layer-heterostructured
IN738/IN718 was fabricated by DED to suppress cracks and improve the synergy of strength and
ductility. This method intends to alternately deposit a small amount of IN718 layers during the DED
of IN738, and finally obtain a layered composite gradient structure with IN738 as the main material
and IN718 as the auxiliary material. The microstructure evolution and mechanical properties of the
composite specimens will be systematically studied, furthermore, the crack suppression mechanism
and strengthening and toughening mechanism of will be explored. The study to provide a new idea
of crack suppression for the additive manufacturing of difficult welded nickel-based superalloys.

13.2 L-DED of the layer-heterostructured IN738+IN718

Figure 13.1 is the schematic diagram of the L-DED of layer-heterostructured IN738+IN718
(IN738+IN718 LHS). The two kinds of powders are added to two different powder buckets
respectively. The deposition is carried out in a bidirectional scanning strategy. The deposition
speciments are the single-pass but multi-layered thin walls. They are 80 mm in length and 20 mm in
height, the wall thickness is about 1.6—1.8 mm. The layer height is set at 0.42 mm, the laser power
is 280 W, the scanning speed is 6 mm/s, and the powder feeding speed is 1 mL/min. The specific
DED process is as follows. Firstly, the IN738 powder bucket is enabled and two layers (about
0.84 mm thickness) of IN738 alloy are deposited continuously. Then, the supply of IN738 powder
bucket is interrupted, and the IN718 powder bucket is switched on and enabled to deposit one layer
(about 0.42 mm thickness) of IN718 powder. After that, the IN718 powder bucket is interrupted,

Figure 13.1. The schematic diagram of the layer-heterostructured IN738/IN718. ¢
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Table 13.1. Chemical compositions of IN738 and IN718 powder (wt%).

Elements Cr Co W Fe Nb Mo Ta Al Ti Mn Si C Ni
IN738 1582 [ 8.62 | 262 | 0.19 | 092 | 1.94 | 1.72 | 3.7 3.5 | 0.11 | 0.16 | 0.13 | Bal
IN718 19.18 - - 17.65 | 5.07 | 3.10 - 1063094 | 0.04 | 02 |0.04| Bal

and the IN738 powder bucket is enabled again to deposit two layers of IN738 alloy continuously.
This cycle goes on and on until the entire CAD model is printed. It should be noted that when the
powder is not switched, continuous deposition can be maintained. But when the powder is switched,
the laser needs to be turned off and the deposition is paused for 5 seconds. Wait for the upcoming
powder to be stably delivered before continuing the deposition.

In this study, the composition of the powders used for the DED is shown in Table 13.1. The
deposition ratio of IN738 to IN718 is designed to be 2:1. In fact, the ideal ratio need to be further
optimized according to the actual DED condition. The optimization criterion of the ratio is that
select a higher deposition ratio of IN738 as possible to inherit the its excellent properties in high
temperature but free from cracking. In the preliminary experiments, it was found that under our
process condition, if more than 2 layers (= 0.8 mm) of IN738 alloy were deposited continuously,
micro-cracks may still appear in the deposition, indicating that it is difficult to completely inhibit the
generation of cracks when a higher deposition ratio is used.

In addition, pure IN738 and IN718 are deposited respectively with the same process conditions
and single powder. Figure 13.2 shows the DEDed samples corresponding to different materials.
As can be seen from Figure 13.2(a), under this process condition, the IN738 sample has serious
macroscopic cracks, while the IN718 sample and IN738+IN718 LHS sample have no macroscopic
cracking phenomenon. The above experimental results preliminarily prove that IN738+IN718 LHS
has a good crack inhibition effect.

Figure 13.2. As-deposited samples, (a) single-powder-deposited IN738 sample; (b) single-powder-deposited IN718 sample;
(c) composite-deposited IN738+ IN718 LHS sample. 1

13.3 Microstructure of the layer-heterostructured IN738/IN718
13.3.1 Microstructure of IN718 layer in LHS

The Microstructure of the inner IN718 layer in LHS is shown in Figure 13.3. It can be seen that
there is a wide interdendrite region between the dendrite trunks. In these interdendrite zones, a
large number of particles are scattered (Figure 13.3(a)). Zooming in on these particles, as seen in
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Figure 13.3. Microstructure of the inner IN718 layers in the as-deposited IN738+IN718 LHS, (a) shows the columnar

dendrites at lower magnification, (b) shows the large particles precipitated in inter-dendrite zone, (c¢) shows the 7y’

precipitation in the inter-dendrite zone and inner-dendrite zone, (d) and (e) show the locations for EDS analysis and the
obtained components. <]

Figure 13.3(b), three different shapes of particulates are found, they are block, island and needle
around island. Referring to the reports on the additive manufacturing structure of IN718 alloy
[33-35], it can be preliminarily determined that the block-shaped particulates are MC type carbides
dominated by NbC, the island-shaped particulates are Laves phase, and the needles around Laves
phase are 6 phase. Enlarge the matrix at the junction of interdendrite region and dendrite trunk,
as shown in Figure 13.3(c), ¥’ nanoparticles are found in the matrix of interdendrite region but
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free in the dendrite trunk region. Approaching the dendrite trunk, the size of these y’ nanoparticles
gradually decreases and the density is gradually reduced. EDS spot scanning was used to analyze the
large particles and matrix in the interdendrite zone, the results are shown in Figure 13.3(d, e). It can
be found that the interdendrite matrix (D point) is dominated by Ni, Cr, Fe and Co. The content of
Nb, Ti, Ta and Mo of MC carbide (point A) is significantly higher than that of matrix D. Compared
with matrix D, the contents of Nb, Ti, Ta and Mo in Laves phase (point B) are also increased, but
their contents are much barren than that of MC carbides. The composition of & phase (point C) is
very similar to that of Laves phase, but the content of Nb in 6 phase is slightly lower than that of
Laves, while the content of Ti and Cr is slightly higher than that of Laves phase. Stevens et al. [36]
and Parimi et al. [37] also reported the precipitation of acicular 6 phase when studying the DED
of large-size IN718 component. They believed that & phase was the product of local dissolution of
Laves phase. This result is consistent with the microstructure of IN718 layer in the IN738+IN718
LHS in this study. Generally, the needle & phase is considered to be a phase that is bad for strength
due to its flat edges are often the act as the initial locations of cracks.

Besides the & phase, there are many other phases in nickel-based alloys that may exhibit
needle-like or plate-like morphology, such as n phase, p phase and o phase, so it is necessary to use
TEM to further confirm the needle-like phase. Figure 13.4(a) shows the TEM bright field images

Figure 13.4. TEM analysis for Laves and 3: (a) is the bright field image; (b), (d) is the experimental SADPs of Laves and &
respectively; (c), (e) is the software simulated SADPs of Laves and & respectively. 1
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Table 13.2. Structural parameters of Laves phase: P63/mmc space group with a = b = 4.659A, ¢ = 7.743A, a = p = 90°,
y=120°[38]. I

Element | Wyckoff X y z
Mo (1) 4f 0.3333 | 0.6667 0.5640
Fe (1) 6h 0.17 0.34 0.25
Fe (2) 2a 0 0 0

Table 13.3. Structural parameters of § phase: Pmmn space group with a = 5.114A, b =4.244A, ¢ = 4.538A, a=p =y =90°

[38].
Element | Wyckoff X y z
Ni (1) 2a 0 0 0.3152
Ni(2) 4f 0.7494 0 0.8414
Nb (1) 2b 0 0.5 | 0.6513

of the needle phase and island-shaped phase in IN718 layer. The corresponding electron diffraction
spots are shown in Figure 13.4(b) and (d) respectively. The diffraction spots shown in Figure 13.4(d)
are nested with multiple sets of 6 bars according to the diffraction spots. As the prediction, the
island phase is the Laves phase, while the needle phase is the & phase, and the corresponding crystal
structure parameters are shown in Tables 13.2 and 13.3 [38]. These crystal structure parameters are
used to confirm the electron diffraction spots obtained in the experiment. The results show that the
crystal structures reflected by the diffraction spots are consistent with those shown in Tables 13.2
and 13.3. Further, PTCLab (V1.14), an auxiliary software for phase transformation crystallography,
was used to simulate the electron diffraction spots of Laves and 3 phases, and the results were shown
in Figure 13.4(c) and (e) respectively. It can be seen that the simulated diffraction spots correspond
to the measured diffraction spots. These results above confirm that the acicular phase is indeed the 6
phase with orthogonal structure, while the island phase attached to it is the Laves with close-packed
hexagonal structure.

To reflect the microstructure differences between IN718-layer in IN738+ IN718 LHS and
the purely deposited IN718, the microstructure of purely deposited IN718 are also observed and
exhibited in Figure 13.5. It can be found that in the purely deposited IN718, there are a large number
of Laves long chains located in the inter-dendrite zones, The Laves morphology is significantly
different from the that in IN718-layer of IN738+ IN718 LHS (Figure 13.3(a)). In addition, as shown
in Figure 13.5(c), no significant y' were found in the interdendrite region of the purely deposited
IN718, while a large number of y’ nanoparticles were found in the IN718-layer of IN738+ IN718
LHS as shown in Figure 13.3(c). These differences demonstrate that, in the IN738+ IN718 LHS,
significant elements exchange occurred between IN718 and IN738 layers. On the one hand, elements
such as Fe and Nb which are riched in the In718 layer intruded into the IN738 layer, resulting in
a decrease in the content of Nb and Fe in the IN718 layer, thus the Laves phase decomposed from
a long chain shape into an island shape. On the other hand, Al, Ti and Co elements with higher
content in the IN738 layer also entered the IN718 layer, leading to the enhancing of Al and Ti
content in layer In718, these elements are easy to segregate into the dendrites, thereby triggering the
precipitation of y’ nanoparticles here.
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Figure 13.5. Columnar dendrites zone of the purely deposited IN718, (a), (b), (c) are the SEM images with different
amplifications. ]

13.3.2 Microstructure of IN738 layer in LHS

The microstructure of IN718-layer in IN738+ IN718 LHS is shown in Figure 13.6. At low
magnification, scattered MC carbides and y+y’ eutectic can be found (Figure 13.6(a)). And the
enlarged view of these y+y' eutectes is shown in Figure 13.6(b). It can be seen that in the interior of
the y+y' eutectic, there are occasionally large particle precipitates which are determined to be MC
carbides preliminarily according to the morphology and the solidification of IN738. In particular,
MC carbides in IN738 may have different morphologies such as rod shape or block shape, which are
related to the growth rate of MC during solidification, the content of elements required by MC, and
the surrounding solid phase morphologies. During the solidification with rapid cooling condition,
MC+y+y' three-phase eutectic may occur at the end of solidification, thus forming the eutectic
microstructure shown in Figure 13.6(b). In addition to the eutectic, densely arranged y’ particles are
found in the matrix. Figure 13.6(c) shows the morphology of y' particles in the magnified matrix,
in which the y’ particles exhibit two different sizes. The interdendrite y' particles exhibit a square
or block-shaped morphology, with a diagonal length of approximately 70 nm. Conversely, the
inner-dendrite y' particles are smaller in size, measuring around 25 nm, and tends to undergo a
transition from cubic to spherical shape. It should be noted that in the compositional transition
region from IN738 to IN718 as shown in Figure 13.6(d), there are also some needle-like structures
present, while no distinct Laves structures are detected. Considering the location proximity to the
IN718 layer where the similar needle-like structures have been identified as & phase, it can be
inferred that the needle-like structures also correspond to 6 phase.

Compared to the microstructure of the pure IN738 samples, there are no significant changes in
the precipitation characteristics of y', MC, and y+y' phases within the IN738 layer of LHS, except
for the appearance of the 6 needles. From a chemical composition perspective, the elements that
undergo component exchange from the In718 layer to the In738 layer primarily consist of Fe, Nb,
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Figure 13.6. Microstructure of IN738 layer within the as-deposited IN738+IN718 LHS: (a) is the microstructure at low
magnification, (b) is the local zoom A of (a); (c) shows the magnified matrix; (d) shows the inner-dendritic precipitates
nearby the IN738 to IN718 intersection. <]

and other solid solution strengthening elements. However, their presence is insufficient to induce
significant alterations for the primary phases in the IN738 layer. Moreover, it should be noted that
the thickness of the In738 layer in our designed LHS is twice that of the IN718 layer. Consequently,
there is a greater distance between the central region of the IN738 layer and the IN738/IN718,
thereby leading to a weaker degree of element exchange and microstructure evolution in the core
of IN738 layer.

13.3.3 Microstructure of IN738/IN718 interface in LHS

Generally, due to the chemical disparities between the component parts constituting the LHS, a
chemical transition region inevitably emerges when these two components are metallurgically
combined. If the compatibility of the component parts is poor or there is an obvious chemical
reaction between them, the composition gradient of this composition transition zone would be very
large, and even lead to a sharp interface. However, for the IN738+IN718 LHS reported here, the
component parts, i.e., IN738 and IN718, although there are great differences in the content of some
elements, they both belong to the nickel-based superalloy with an similar y phase as their matrix.
Therefore, the IN738/IN718 interface in LHS is essentially more like a gradient transition region.
Figure 13.7 exhibits the microstructure and composition in this gradient transition region.

The SEM microstructure in the interface of IN718 and IN738 layers is depicted in Figure 13.8.
It can be found that this interface exhibits a microstructure transition rather than a distinct boundary,
allowing dendrites to grow through it. The particles of precipitated phase between dendrites exhibit
gradual changes without significant morphological alterations. Notably, the dendrite stem structure
undergoes noticeable modifications. Region A within the IN718-layer dendrite stem and region B
within the IN738-layer dendrite stem are magnified at high resolution, as shown in Figure 13.8(b)
and (c). It can be observed that there is no apparent particle precipitation in the stem of the IN718
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Figure 13.8. Microstructure at the intersection zone of IN718 layer and IN738 layer (a); (b) and (c) are the amplified local
zoom of A and B in (a) respectively. ]
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Figure 13.9. Continuous cooling transformation curves of v’ with different compositions. 1

layer’s dendrites, only the y' phase was observed, while densely distributed small particles with
diameters ranging from approximately 10 to 20 nm precipitate within the stem of the IN738 layer’s
dendrites. By considering previous investigations on y’ phase morphology characteristics discussed,
it can be concluded that these tiny particles are the y' particles.

Generally, the increase of the content of Al, Ti, Nb, Ta promotes the precipitation of y' phase.
In order to better understand the precipitation rule of y" phase, Jmat-pro software is used here to
simulate the Continuous Cooling Transformation (CCT) curve of y' phase corresponding to IN738,
IN718 and the uniform mixed IN738+IN718. Jmat-pro Software (Sente Software Ltd, Surrey Tech.
Centre, Guildford, UK) is a professional calculation software for metal materials that integrates
thermodynamics, dynamics calculation and material properties database. The accuracy of its
calculation has been highly recognized in the field of metal materials. The CCT curve calculated
by Jmat-pro is shown in Figure 13.9. It can be seen that the content of y’ phase element in IN738
is high, so the CCT curve of y’ phase is relatively advanced, indicating that ¢’ phase is easy to
precipitate during cooling. In order to inhibit the precipitation of y' phase, it is necessary to maintain
a very high cooling rate (above 100°C/s) in the temperature range of y' phase precipitation. For the
mixed component and IN718, the content of y' phase forming elements in the component decreased,
corresponding to the backward and downward movement of the CCT curve, indicating that the
precipitation of ¥’ phase could be ensured only at a slower cooling rate. According to the temperature
measurement results of infrared thermal imager, the cooling rate in the deposition thermal cycle is
between 50 and 100°C/s within the precipitation temperature range of y’ phase. Figure 13.9 shows
this cooling interval as a dashed line. It can be seen that the CCT curve corresponding to IN738
intersects with the cooling curve in this region, indicating that y’ phase can be precipitated during the
thermal cycle of DED. However, the cooling rate in the range of 50 ~100°C/s is not intersected with
the CCT curve corresponding to IN718 and the mixed component, indicating that the cooling rate
in the deposition thermal cycle is too fast to precipitate the y'. From the IN738 and IN718 structures
deposited by the pure powder, the observed y’ precipitation behavior is basically consistent with that
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reflected by CCT curve. However, in actual deposition, there are obvious composition differences
between dendrites and dendrite stems due to the existence of solute redistribution. Generally
speaking, higher positive segregation elements such as Ti, Nb, Ta, Mo, Zr [39, 40] are gathered in
the dendrites, which happen to be the forming elements of ¥’ phase, thus the dendrites are usually
the preferred precipitation locations of Y’ phase. Therefore the interdendrite y' particle size of IN738
layer is larger than that of the composite deposition, and in the LHS of IN718+IN738 the ¥’ phase is
only found in the interdendrite of IN718 layer.

13.4 Mechanical properties of the LHS
13.4.1 Hardness of heterogeneous layers

Microhardness is often closely correlated with strength, plasticity, and fatigue resistance, making
it a rapid, cost-effective, and convenient method for characterizing material properties. In LHS of
IN738/IN718, the variation in mechanical properties between different layers plays a crucial role
in strengthening and toughening. Therefore, this study employed the micron indentation method to
test the top four layers of the LHS. Figure 13.10(a) illustrates the load response curve obtained from
the micron indentation test. According to Meyer’s law [41], during the loading process, the load
response curve can be expressed by equation 13.1.

F=Kh (13.1)

Where F represents the applied load, /# denotes the corresponding indentation depth or pressing
depth value, K is a proportionality constant, and m signifies the Meyer Index. The unloading phase
of this curve can be described as follows.

F=p(h—h) (13.2)

Where F and # still represent their respective values of load and pressing depth; 4, indicates the
remaining indentation depth after unloading; f and »n are fitting parameters associated with this
behavior. By analyzing these load response curves using equation 13.3.

F
H —= (13.3)

pml

Microhardness values can be determined accordingly. Herein, F,, . refers to maximum load
while 4, represents projected area of indentation along loading direction calculated based on
Oliver et al.’s work.

In addition to hardness, the load curve also reflects the energy loss during the indentation
process, including elastic energy (We) and plastic energy (Wp). Figure 13.10(b) presents the
measured load response curves of the top four layers. It can be observed that 1st IN718 is solely
influenced by IN738 on one side, resulting in a significantly distinct response curve compared
to that of IN738. The 4th IN718 layer can represent the inner IN718 layer of LHS, exhibiting a
response curve similar to that of the IN738 layer. Based on these response curves, dimensional
microhardness corresponding to each layer can be determined, as shown in Figure 13.10(c). It is
evident that the microhardness of 1st IN718 is approximately 270 HV, which aligns with reported
literature values for IN718 (273+11.9 HV) [42]. The average microhardness of the 4th IN718 layer
measures around 360 HV, considerably higher than that of purely deposited IN718. This indicates
a significant increase in hardness for the innermost IN718 layer due to its interaction with IN738.
The enhanced hardness in this case is closely associated with intensive precipitation of nanometer
v’ particles between dendrites and the enhanced effect of solid solution strengthen. For the IN738
layer, both second and third layers exhibit an average microhardness measuring about 460 HV
and 440 HV respectively. However, there exists a maximum deviation range of test samples at
approximately £50 HV. Compared to reports on the purely deposited IN738, whose microhardness
is approximately about 480 HV [43], slight reduction in hardness is observed here. Figure 13.10(d)
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Figure 13.10. Micro-indentation tests of as-deposited IN738+IN718 LHS, (a) schematic curves of response, (b) response
curves of the top 4 layers, (c) statistics of micro-hardness, (d) statistics of deformation energy, (e) and (f) residual indentations
of the 1st IN718 layer and the 2nd IN738 layer respectively. 1

shows the elastic and plastic energy dissipation reflected in the response curve. It can be seen that
the plastic energy consumption accounts for the vast majority of the entire energy consumption. The
difference of plastic energy consumption is large, while the difference of elastic energy consumption
is little affected by the difference of composition. The plastic energy consumption of 1st IN718 is
the highest, followed by 4th IN718. It can be seen that, compared with the IN738 layer, the IN718
layer has better plasticity and can consume more energy under load conditions. The indentation
metallography shown in Figure 13.10(e) and (f) also once again proves the good plasticity of the



310 Laser Direct Energy Deposition 3D Printing of Superalloys

IN718 layer. It can be seen from the figure that the indentation area of layer IN718 is larger and
there are more slip bands around the indentation. From the above microhardness information, it
can be seen that IN738 layer has higher hardness, but poor plasticity, so the deformation resistance
is stronger, which also means that its internal stress is difficult to be effectively released through
deformation. As a result, internal stresses are preferentially concentrated in certain weak locations,
such as y+y' eutectic, or pores formed by constituent liquation. The cavity area and the three
intersection points of the grain boundary lead to a higher risk of cracking. On the contrary, IN718
layer has lower hardness, better plasticity and toughness, poor resistance to deformation, and easier
to alleviate stress concentration through plastic deformation. It can be inferred that when the IN738
layer and the IN718 layer are combined by the composite deposition method, a micron-level layered
gradient material can be formed. Among them, the IN718 layer can provide the necessary plasticity
and toughness in order to timely release the huge internal stress transmitted by the IN738 layer,
helping to alleviate the stress concentration during the deposition process. In this way, various
cracking, including liquation cracks and solid-state cracks, can be effectively inhibited during DED.
Moreover the strength of the deformed IN718 layer can be enhanced due to the effect of strain
strengthening, which helps to guarantee the strength of the heterogeneous structure.

13.4.2 Tensile properties of the as-deposited LHS

In this section, the tensile properties of the as-deposited structures are evaluated at both room
temperature (25°C) and elevated temperatures (600°C, 800°C). Purely deposited IN718 and IN738
are also subjected to tensile testing to make comparison. It is worth mentioning that the purely
deposited IN738 in air have severe cracks, rendering the tensile tests impossible. Therefore, the
purely IN738 used for tensile tests were deposited in the Ar condition with the oxygen concentration
less than 30 ppm. The other tensile samples were deposited in the air condition.

The tensile test results are presented in Figure 13.11. As depicted in 13.11(a), the IN738+IN718
LHS exhibits excellent strength and plasticity at room temperature. While the purely deposited
IN738 demonstrates high yield strength but very limited plasticity, it experiences immediate fracture
upon reaching yield. In contrast, the purely deposited IN718 possesses lowest strength compared
to the LHS and IN738 but displays best plasticity. Notably, both the LHS and purely depostied
IN718 exhibit a stable strain strengthening stage after yielding, indicating good toughness which
can be quantified by measuring the envelope area beneath the tensile curve. Regarding the ultimate
tensile strength (UTS) (Figure 13.11(d)), the LHS attains the highest value with an average of
1131 MPa. The average UTS for purely deposited IN738 is about 1045 MPa while that for purely
deposited IN718 is significantly lower at an average of 839 MPa. With respect to yield strength &, ,)
(Figure 13.11(e)), on average, the IN738 + IN718 LHS yields at approximately 920 MPa which
slightly falls below that of purely deposited IN738 (1010 MPa), yet remains substantially higher
than that of purely deposited IN718 (450 MPa). In terms of the total elongation to fracture (TFE)
(Figure 13.11(e)), the mean value for TFE in case of LHS reaches up to around 16%, significantly
surpassing that of purely deposited IN738 (1.4%). The TFE of purely deposited IN718 is about
35%. It can be found that the purely deposited IN718 or IN738 exhibits imbalanced strength and
plasticity, while the LHS has superior synergy of strength and plasticity.

The tensile curve at 600°C, as depicted in Figure 13.11(b), demonstrates that the as deposited
LHS exhibits sustained strength and plasticity, while the purely deposited IN738 samples fractures
immediately after reaching yield and the purely deposited IN718 has very limited strength.
Moreover, both the LHS and IN718 samples exhibit obvious strain strengthening effects even after
yielding and there are noticeable zigzag fluctuations are observed on their respective tensile curves.
These zigzag fluctuations during tensile at elevated temperature are typically attributed to dynamic
strain aging r twin deformation or the austenitic alloys. According to the UTS statistics presented
in Figure 13.11(d), the mean value of the LHS reaches a significant level of 930 MPa, surpassing
that of purely deposited IN738 (887 MPa) and IN718 (712 MPa). Correspondingly, Figure 13.11(e)
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Figure 13.11. The results of tensile tests, (a), (b), (c) are the tensile curves at 25°C, 600°C, and 800°C respectively, (d), (),
(f) show the UTS, 0.2 and TEF respectively. <]

illustrates the o, , of the LHS is about 900 MPa, which is higher than those for the purely deposited
IN738 (805 MPa) and IN718 (412 MPa). In addition, the TFE of the LHS stands at an impressive
level of 11%, significantly exceeding that of IN738 (3%). These result demonstrate that the superior
synergy of strength and plasticity LHS still sustainable at 600°C.

Figure 13.11(c) shows the tensile curve at 800°C, which demonstrates although the as-deposited
LHS has excellent strength that reaches to about 623 MPa, their plasticity is very limited just as the
purely deposited IN738. On the contrary, the purely deposited IN718 exhibits high TFE but poor
strength. Besides, the tensile curve of IN718 has a wavy downward trend after the yielding, implying
the strain strengthening effect is failure at 800°C. The poor TEF of LHS possibly deduced to the
existence of needle & in the IN718 layer of LHS. Figure 13.12 illustrates the fracture signs of the
component layer in LHS at 600°C. It can be found that the Laves and the needle § around the Laves
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Figure 13.12. The microstructures of the LHS tensile specimen fractured at 600°C, (a) IN718 layer, (b) IN738 layer. ]

exhibit obvious fracture signs in the IN718 layer of LHS, and there are some more subtle cracks
around the y+y’ eutectic of IN738 layer. That primarily demonstrates the brittleness of LHS at high
temperature is related to the needle 6. The brittleness is expected to be improved by heat treatment.

13.4.3 Microstructure and tensile properties of the heat-treated LHS

Referring to the heat treatment of IN718, the heat treatment of IN738+IN718 LHS was carried out
using the process shown in Table 13.4. The first step is the homogenization treatment, the main
purpose of which is to eliminate the element segregation between the dendrites, release the residual
stress, and provide the basis for the subsequent heat treatment. The main purpose of the second step
is to dissolve Laves phase and & phase. The purpose of the third two-stage aging treatment is to fully
precipitate ¥’ or y" phase to obtain the strong and stabile microstructure.

No cracking occurred during heat treatment of the LHS, the microstructure after heat
treatment is shown in Figure 13.13. Among them, the core structure of the IN718 layer is shown in
Figure 6.19(a) and (b). It can be found that after heat treatment, the Laves of the IN718 layer
decreased significantly, they were dispersed as small particles at the grain boundaries. There is no
needle & phase in the structure, but numerous MC-type carbide particles are still dispersed. Upon
further magnification of the matrix, it can be observed that y’ particles with a particle size ranging
from 50 to 70 nm precipitate within the matrix. Figure 13.13(c) and (d) depict the microstructure
near the interface of IN718 and IN738, dense precipitation of y' particles is also observed in this
region. However, these y' particles exhibit a bimodal distribution in terms of size. Particularly, the
larger square-shaped y' particles with a size around 200 nm coexist with the smaller densely packed
y' particles measuring approximately 20 nm. Figure 13.13(e) and (f) illustrate the microstructure
of the core layer of IN738 where it can be seen that after heat treatment the y+y’ eutectic phase
disappeared and maintaining a bimodal distribution for y’ particles. Compared to those found near
the interface, the contents of the larger y' particles is higher. The microstructure characteristics
suggest that the heat treatment not only dissolves original Laves phase, § phase and y+y’ eutectic

Table 13.4. Heat treatment of IN738+IN718 LHS. 1

Steps Temperature Holding time | Cooling

1: Homogenizing 1150°C 1h Air cooling

2: Solution 980°C 2h Air cooling

3: Two-stage aging | 720°C 8h Furnace cooling to 620°C at 50°C/h rate
620°C 8h Air cooling
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Figure 13.13. SEM images of heat-treated IN738+IN718 LHS: (a) and (b) in the core of IN718 layer, (b) and (d) at the
interface of IN718 layer and IN738, (e) and (f) in the core of IN738. <]

phase but also ensures more even distribution of easily separated elements such as Nb, Ti, Al among
dendrites thereby preventing regeneration of Laves phases 6 or y+y' eutectics. Moreover, both the
IN718 and IN738 layers in LHS are full of v’ which promises excellent strength and the mechanical
properties at high temperature.

The mechanical properties of IN718+IN738 LHS after heat treatment are presented in
Figure 13.14. Figure 13.14(a) illustrates the tensile curves at room temperature, 600°C, and 800°C. It
can be found that the tensile strength of the heat-treated LHS is significantly enhanced at both 25°C
and 600°C, as well as after heat treatment at 800°C. This attributes to the complete precipitation
v’ and the dissolution of harmful phases such as needle 6 and y+y'. Regarding the plasticity, the
heat-treated LHS shows a slight decrease in TEF at room temperature. The possible reason is that the
full precipitation of y" hinders dislocation slip, resulting in increased strength but reduced plasticity.
However, at elevated temperatures such as 600°C and 800°C, heat-treated specimens demonstrate
higher TEF compared to the as-deposited specimens due to the dissolution of brittle phases such as
needle & and y+y'. Besides, during the tensile tests at high temperatures, y’ can be precipitated for the
as-deposited LHS, this precipitation increased the strengthen and decreased the plasticity, leading
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Figure 13.14. Mechanical properties of heat treated IN738+IN718 LHS, (a) tensile curves at 25°C, 600°C and 800°C, b)
and (c) are the tensile strength and elongation before and after heat treatment, (d) is the creep property of ABD-900AM (the
inset shows the microstructure of heat treated ABD-900AM) [44].

to the lower plasticity. Conversely, once the y’ has been fully precipitated during heat-treatment, the
precipitation of y’ can be very limited during tensile tests at high temperatures.

In addition to tensile properties, creep properties at high temperatures are also crucial
mechanical characteristic for superalloys. Previous studies have demonstrated that the y’ phase with
a bimodal distribution is more favorable for enhancing the creep resistance at high temperatures.
Generally, a smaller spacing between y' particles leads to increased resistance to dislocation.
Under low stress conditions, due to the pinning effect, dislocations cannot slip around the lager
y' particles thus moves through the y' particles in the form of climbing. However, the climbing
requires a higher driving force, thereby leading to the lower creep rates. As stress increases, although
dislocations can bypass the large particle y’, forming a dislocation ring around it, they still cannot
bypass the small particle y’, and continue climbing through it. When the stress further increases,
dislocations can bypass both large massive particles y’ and small spherical particles y" finally.
Figure 13.14(d) illustrates that apart from the IN718 layer core, the LHS primarily consists of
bimodally distributed vy, therefore the excellent creep resistance can be ensured. Tang et al. [44]
reported a new nickel-based superalloy designed specifically for additive manufacture, namely
ABD-900AM, in which the y' size are bimodally distributed as well, and the y' content is slightly
less than that of the LHS. Therefore, it can be inferred that LHS has comparable or even higher creep
resistance than ABD-900AM.

In addition to tensile properties, high temperature creep properties are also important mechanical
properties of superalloys. Previous studies have shown that y' phase with bimodal distribution
is more conducive to the improvement of creep resistance at high temperature; in addition, the
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smaller the spacing between y’ particles, the greater the resistance of y’ to dislocation. Under low
stress, the dislocation cannot slip around the strengthening phase due to the pinning action of the
strengthening relative dislocation, so it mainly passes through the massive large particle y' and the
spherical small particle v’ in the way of climbing. However, the climbing of the dislocation requires
a higher driving force, so the creep rate is lower. As the stress increases, the dislocation can bypass
the large particle y’ and form a dislocation ring around it, but it still cannot bypass the small particle
v', and the dislocation still climbs through the small particles y’. When the stress is further increased,
the dislocation can bypass both large massive particles y' and small spherical particles y'. As can
be seen from Figure 13.13, except IN718 layer core, the composite sedimentary structure mainly
consists of y" with bimodal distribution, which can ensure good creep resistance. In addition, the
IN718 layer itself is small in number, although the core is mainly spherical y’ particles, but densely
arranged, there is a tendency to shift to y" under the action of high temperature for a long time, so
the preliminary conclusion is that its damage to the overall creep resistance is small. Recently, Tang
etal. [44] reported a new y-strengthened nickel-based superalloy ABD-900AM designed for additive
manufacturing and described its creep resistance after heat treatment in the form of Larson Miller
Parameter (LMP).

13.5 Synergistic strengthening and toughening mechanism

The primary reason for the superior combination of strength and ductility in LHS materials is
hetero-deformation induced (HDI) strengthening and HDI strain hardening. Many researches have
reported the primary mechanism of HDI. Specifically, as depicted in Figure 13.15, geometrically
necessary dislocations (GNDs) accumulate and pile up near the boundaries of the soft zones in LHS,
thereby resulting in their reinforcement. Additionally, the accumulation of GNDs generates back
stress within the soft zones and forward stress within the hard zones, collectively giving rise to HDI
stress. Furthermore, this HDI stress induces numerous dispersed microscopic strain bands in LHS
materials, facilitating the distribution of plastic strain across the entire gauge length thus enhancing
uniform elongation.

The plastic deformation of metals is related to the generation, storage, and movement of
dislocations. According to the Nye theory [45], dislocations in metals have two storage forms,
namely statistically stored dislocations (SSD) and geometrically necessary dislocations (GND).
Among them, SSD refers to the discrete distribution of dislocations in the metal due to random
entanglement. GND refers to the stored dislocations that exist to match the uneven plastic deformation
of different parts of the material and maintain the material’s continuity. The plastic deformation in
the material at the microscopic scale is often non-uniform, resulting in misfit phenomena in different

Back stress
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Figure 13.15. Schematic of the pile up of geometrically necessary dislocations, which produces back stress in the soft zone
and forward stress in the hardzone. 1
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regions. The misfit phenomena then cause the strain gradient, which needs to be adapted by GND.
Therefore, GND is related to lattice bending and can be quantitatively analyzed by EBSD data. The
quantification of GND involves various methods, according to the study by Moussa et al. [46], the
density of GND py can be obtained through the following equation:

af
Panp bx (13.4)

Where a is a parameter related to the characteristics of small-angle grain boundaries, and for
strongly oriented misfit axes, o can take the value of 3. 0 represents the orientation deviation angle,
which can be represented by the local average orientation deviation KAM. b is the Burgers vector,
and x is the step size. In calculating p;yp, the kernel size of KAM is set to a 3 x 3 voxel for the
purpose of excluding large-angle grain boundaries, and the cut-off angle is selected as 10°. Since the
matrix phase y and y' are both face-centered cubic structures, b = 0.5<110>. The EBSD test results
of the first three layers of the as-deposited IN738+IN718 LHS are shown in Figure 13.16. From
Figure 13.16(a), it can be seen that there is a certain thickness of polycrystalline region in the top
IN718 layer, below the polycrystalline region is a well-oriented columnar grain, and the <101>
direction of the columnar grain is mainly parallel to the BD direction. It can be concluded from
Figure 13.16(b) that there is a significant difference in the GND distribution between the IN738
layer and the IN718 layer. GNDs in the IN718 layer and the interface of IN718/IN738 is clearly
higher than that in IN738 layer. This indicates that the IN718 layer undergoes more severe
plastic deformation during the DED. The distribution of GND conforming to the principles of
HDI reinforcement. Thus provides excellent synergy of strengthening and toughening. For the
as-deposited LHS, the differences of GND distribution are caused by the un-uniform deformation
under the inner-stress occurred during DED, the resultant HDI strengthening enhances the synergy
of strengthening and toughening, further, this synergy implies the LHS posses the strong cracking
resistance during DED. For the heat-treated LHS, due to the microstructure differences between
IN718 layer and IN738 layer, HDI reinforcement can exist as well during the deformation under
external load, which synergistically enhances the strength and toughness of the DEDed component.

Figure 13.16. EBSD results of as-deposited IN738+IN718 LHS, (a) IPF-BD map, (b) distribution of GND. 1
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13.6 Summary

In this chapter, L-DED of hetero-structured IN738+IN718 alloys with excellent strength and
ductility as studied, the microstructure characteristics and the mechanical properties before and after
heat treatment were systematically revealed. The main conclusions are as follows.

1) The IN738+IN718 LHS can be obtained through Laser Directed Energy Deposition (L-DED)
utilizing an alternative powder feeding method. The obtained LHS is crack-free and have
synergistically enhanced strength and toughness.

2) In the IN718 layers of as-deposited LHS, y' nanoparticles were deposited in the interdendrites,
while y phase remained in the inner-dendrite zone. The interdendritic long chain Laves phase
dissolved into islands, accompanied by the precipitation of acicular § phase around the Laves
phase.

3) Inthe IN718 layers of as-deposited LHS, the precipitation of y' did not change significantly, the
dense precipitation of y’ nanoparticles was maintained between the dendrites and the dendrite
stem, and the size of vy’ particles between the dendrites was larger, in addition, the y+y’ eutectic
structure still appeared between the dendrites. The difference is that there may be acicular &
phase near the IN718/IN738 interface.

4) The as-deposited LHS has good strength and plasticity below 600°C, and the tensile strength
at room temperature and 600°C can reach 1131 MPa and 930 MPa, respectively, and the total
elongation is 16% and 11%, respectively. At 800°C, the tensile strength is about 623 MPa, but
the plasticity is significantly reduced due to the existence of needle §.

5) After homogenization at 1150°C for 1 h, solid solution at 980°C for 2 h, and dual aging at 720°C
and 620°C for 8 h, Laves phase, 6 phase and y+y’ eutectic phase in the LHS can significantly
reduced or even disappeared. Most of the matrix consisted of y' particles with bimodal sizes.
The strength and plasticity at 600°C and 800°C can be synchronously improved due to the HDI
strengthening.
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